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PREFACE 


There has been a tremendous advance in the science of carbon in the last 20 years. The 
discovery of the €50 molecule and the other fullerenes was followed by the discovery of carbon 
nanotubes. Earlier, it was learned how to make diamond at low pressure by chemical vapor 
deposition. 

This symposium, "Nanotubes, Fullerenes, Nanostructured and Disordered Carbon," held 
April 17-20 at the 20001 MRS Spring Meeting in San Francisco, California, brought together 
people working in the full range of carbon phases. It covered both ordered solids and molecules 
and disordered solids. It ranged from the sp2 bonded nanotubes and fullerenes to the sp3 bonded 
amorphous carbons and diamond. The symposium developed from a symposium on 
"Amorphous and Nanostructured Carbon" held at the 1999 MRS Fall Meeting, and was also 
related to the "Nanotubes and Related Materials" symposium held at the 2000 MRS Fall 
Meeting. 

The speakers covered a wide range of topics, from structure and growth of fullerenes, to the 
growth and application of nanotubes, to the growth and uses of diamond-like carbon. A wide 
range of applications were covered, and the main application described in this book is field 
emission. 

This proceedings volume is organized into six sections. The first section deals with 
fullerenes. The second and third sections deal with the growth and properties of nanotubes. 

The fourth section deals with field emission, the fifth with diamond-like carbon, and the sixth 
with diamond. 


John Robertson 
Thomas A. Friedmann 
David B. Geohegan 
David E. Luzzi 
Rodney S. Ruoff 


June 2001 
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Encapsulated Molecules in Carbon Nanotubes: Structure and Properties 

Richard Russo, Brian W. Smith, B.C. Satishkumar, David E. Luzzi* 

Laboratory for Research in the Structure of Matter 
♦Department of Materials Science and Engineering 
University of Pennsylvania 

3231 Walnut Street, Philadelphia, PA 19104-6272, USA 

HanyC. Dom 

Department of Chemistry 

Virginia Polytechnic Institute and State University 

Blacksburg, Virginia 24061, USA 


ABSTRACT 

We encapsulate a number of fiillerenes inside single-walled carbon nanotubes (SWNTs) 
including La 2 @C 8 o and ErxSc3.xN@C8o(x=0-3). The structural properties of these 
nanoscopic hybrid materials are described using high resolution transmission electron 
microscopy and electron diffraction. It is found that the encapsulated fullerenes self- 
assemble into long, one-dimensional chains. The thermal stability of these 
supramolecular assemblies are studied and large variations are found. The behavior is 
nominally consistent with the mass of the encapsulated metallofullerenes. 

INTRODUCTION 

Many future applications of single-walled carbon nanotubes (SWNTs) will depend 
upon the ability to modify their intrinsic properties by manipulating their structure. One 
novel means for modifying the properties of a SWNT is through the filling of its interior 
cavity with other molecules. For example, we have shown that “peapods,” comprising 
SWNTs filled with 1-D chains of Ceo, can be manufactured via a vapor phase and/or 
surface diffusion mechanism. This scalable process consists of annealing the sample in 
the presence of Ceo at ~400°C. The presence of interior Ceo is known to decrease the 
SWNT’s compressibility [1] and has been shown by molecular dynamics simulation to 
increase its elastic modulus [2]. 

Our method of encapsulation has recently been extended to other related molecules, 
including the metallofullerenes La 2 @C 8 o and Gd@C 82 - The case of La 2 @C 8 o@SWNT 
served as the first definitive proof that a non-intrinsic molecule could be inserted in bulk 
into SWNTs. In these experiments, it was directly observed by transmission electron 
microscopy (TEM) that the La atoms within the encapsulated Cso cages tumbled in a 
discontinuous motion [3], in direct conflict with the continuous motion detected by 
solution NMR experiments [4]. This was interpreted as the result of an interaction 
between the SWNT and the contained La 2 @C 8 o molecules, providing yet another 


Wl.3.1 


indication that interior molecules can modify the properties of a SWNT. In the case of 
Gd@C 82 @SWNT, preliminary results indicate that the electrical resistance of a SWNT 
mat was affected by the presence of interior Gd@C 82 [5]. 

The present work involves a novel endohedral metallofullerene system, Er^Sca. 
xN@C8o (x =0-3). This system comes with the ability to substitute several different 
metals in the nitrogen cluster, which will undoubtedly affect the charge transfer properties 
between the metal nitride cluster and the fullerene cage. These effects, when coupled 
with encapsulation in SWNTs, will create a series of hybrid materials with tunable 
electronic properties. In addition, a typical 3 deld in the s)mthesis of metalloflillerenes is 
0.5%. It has been found that the yield of Sc 3 N@C 8 o is 3-5%. Unfortunately, the physical 
properties of these metallofullerenes, such as sublimation temperature, equilibrium vapor 
pressure, as well as structural properties of this system, are not yet known. Knowledge of 
these quantities is helpful for the optimization of the conditions for filling carbon 
nanohibes. 

However, the structure of the metallofullerene, Sc 3 N@C 8 o, has been characterized by 

and '‘^Sc NMR [ 6 ]. These results indicate that the Cso cage possesses h symmetiy 
and the encapsulated SC 3 N cluster is not localized at specific bonding sites. In these 
respects, Sc 3 N@C 8 o has a structure similar to that of La 2 @Cgo. However, it was found 
during HPLC studies that Sc 3 N@C 8 o elutes with cages, and La 2 @C 8 o elutes with 

C 88 -C 90 cages [6]. This difference in elution time has been attributed to a decrease of 
approximately four Pi electrons at the fullerene cage surface relative to La 2 @C 8 o and 
suggests significant electron withdrawal from the carbon cage surface by the central 
nitrogen atom. Absorption onsets at 1560 nm and 1000 nm were found by UV-Vis/NIR 
spectroscopy for La 2 @C 8 o and Sc 3 N@C 8 o, respectively. These correspond to bandgaps of 
0.8 and 1.3 eV [6]. 

While the structural characteristics of La 2 @C 8 o and Sc 3 N@C 8 o are similar, their 
electronic properties are very different. While it is difficult to estimate the electronic 
properties of the other members of ErxSc 3 .xN@C 8 o (x =0-3), by comparing the filling of 
SWNTs with these molecules, some insight into the effect of the different charge transfer 
properties can be achieved. In this paper, the synthesis, structure and high temperature 
stability of the supramolecular assemblies (ErxSc 3 .xN@C 8 o@SWNT) are characterized 
and compared with La 2 @C 8 o@SWNT. 

EXPERIMENTAL 

A detailed description of the method by which certain molecules can be inserted into 
SWNTs is found in our previous works. In this study, Sc 3 N@C 8 o was dissolved in 
toluene, the remaining metallofullerenes were dissolved in carbon disulfide(CS 2 ). The 
metallofullerene solution was pipetted dropwise onto a TEM-sized sample of acid- 
purified SWNT paper synthesized by the arc method [3]. The solvent was allowed to 
evaporate, and the dry sample was inserted into a JEOL 2010F field emission TEM. The 
sample was annealed in-situ at 400°C for 10 h at a pressure of-20-40 pPa. Upon cooling 
to room temperature, the nanotubes were examined with 97 keV electrons. 
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The ErxSc 3 .xN@C 8 o (x =0-3) samples were prepared in a similar manner. However, 
after doping with metallofiillerene/CS 2 solution, the samples were placed in a glass 
ampoule. The ampoule was evacuated under turbo vacuum (10'^ torr), the sample was 
annealed for one hour at 250°C to remove the solvent, and then sealed, all under vacuum. 
The sealed ampoule with the sample was annealed at 550°C for 44 hours. Upon cooling, 
the ampoule was broken and the sample was annealed, again, under dynamic vacuum (10‘ 
^ torr) at 800°C for one hour to remove exterior metallofullerenes. The sample was then 
cooled, and observed using 97 keV electrons. The La 2 @C 8 o sample was prepared in the 
same manner, however, it was annealed at 600°C for 96 hours. 

After being subjected to the above procedure, high temperature experiments were 
performed via encapsulation under ~10'^ torr in a sealed quartz ampoule. Annealing 
temperatures were 1250°C and 950°C for Sc 3 N@C 8 o, La 2 @C 8 o, and Er 3 N@C 8 o, 
respectively. The annealing time was 12 hours for each sample. 

RESULTS AND DISCUSSION 

Efficient filling of SWNTs was achieved for all of the metallofullerenes in this study. 
In the example in Figure la, it is seen that filling of SWNTs with Sc 3 N@C 8 o is essentially 
complete in certain regions of the sample. Each metallofullerene is a weak phase object, 
whose image is a direct projection of the three dimensional specimen potential in the 
direction of the electron beam. The images are darkest where the beam propagates 
through the greatest mass-thickness and is most strongly scattered. Thus, the dark 
contrast features seen around the edges of the cages are the SC 3 N clusters. There appears 
to be no organized motion of the endohedral atoms, such as the “ratcheting” that is seen 
in the case of La 2 @C 8 o. However, the fact that the clusters are visible under ambient 
conditions implicates some interaction between the tube and its interior molecules. 

Figure lb shows an electron diftraction (SAD) pattern of a single nanotube rope, 
abundantly filled with Sc 3 N@C 8 o, similar to those that appear in Figure la. Note that the 
central area of the pattern is printed at a different contrast scale than the outer area so that 
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all diffraction features can be more easily seen. This gives rise to a discontinuous 
contrast artifact where the two areas meet. To facilitate a detailed discussion of the 
pattern, we begin by defining the meridian and equator as the reciprocal space axes 
parallel and perpendicular to the predominant direction of the real space rope axis, 
respectively. The pattern consists of three features: (1) a series of low-Q arcs, centered 
about the equator (2) a series of high-Q arcs, centered about the meridian, and (3) a series 
of low-Q reflections, centered about the meridian. 

The low-Q equatorial arcs arise from constructive scattering by the planes of SWNTs 
comprising the rope. The intensity of each arc is greatest at the equatorial axis, reflecting 
the predominant rope orientation, and subtends an angle corresponding to the mosaic of 
angular orientations contained within the rope. In other words, the reflections appear as 
arcs because the rope axis is not perfectly straight over the diffracting area. Due to the 
small number of lattice planes that comprise the rope, a finite size effect is seen in the 
form of radial broadening. The reflections are approximately equally spaced in the radial 
direction, forming a systematic row. This indicates that the rope is not appreciably 
twisted over the diffracting area such that only one zone axis contributes to the pattern. 

The high-Q meridianal arcs arise from constructive scattering by the graphene lattice 
of each SWNT. The innermost arc corresponds to the graphene (10) reflection at Q 
~2.94, and the second arc corresponds to the (11) at Q ~5.09, As with the low-Q 
equatorial arcs, the intensity profile of the high-Q arcs depend upon rope orientation over 
the diffracting area and coherence length. However, in this case the chiralities of the 
constituent tubes must also be considered. For example, consider a spot g located on the 
(10) arc 0 degrees away from the meridian. The intensity at this spot will be the weighted 
sum of all independent contributions from tubes having (10) scattering that reflect into g. 
Two extreme cases are achiral (armchair) tubes oriented 6 degrees away from the 
meridian and chiral tubes parallel to the meridian having (10) coherence 0 degrees away 
from the meridian. In this way, the angular intensity profile along each high-Q arc is due 
to both the mosaic of chiralities and the mosaic of angular orientations of individual 
SWNTs contained within the rope. Note also that the mosaic of angular orientations 
within the rope is small, as seen in the small angular broadening of the rope lattice 
reflections. Thus, high-Q reflections at large azimuthal angles away from the meridian 
are due to chiral tubes. The corresponding graphene lattice planes have small coherence 
lengths, resulting in a large degree of radial broadening. 

The low-Q meridianal reflections form a systematic row spaced by Q -0.582, using 
the graphene lattice reflections that fall on the same axis as a standard for comparison. 
(This internal calibration is preferred to a more conventional camera length calibration 
against a known standard because it eliminates measurement errors due to elipticality in 
the pattern, which would arise if the diffracting rope were slightly tilted out of the object 
plane.) This Q corresponds to a real space periodicity of ~1.08 nm, equal to the observed 
periodicity of the encapsulated Sc 3 N@C 8 o molecules (c.f. Figure la). Similar Q values 
corresponding to a real space periodicity of ~1.08 nm, have been found for Er3N@C80, 
ErSc 2 N@C 8 o and La 2 @C 8 o, which is expected given that the symmetry of the Cao cage is 
the same for each. This is consistent with electron diffraction results from C6o@SWNT, 
which shows a fullerene periodicity of 0.98 nm, consistent with the smaller size of the Ceo 
molecule. 
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Figure 2: (a) La 2 @C 8 o@SWNT at 1250 ®C. (b) Sc 3 N@C 8 o@SWNT at 1250 X. 


The diffiaction signature corresponding to the low-Q meridianal reflections are 
attributed to the periodicity of the Cgo cages of the encapsulated metallofullerenes. It is 
possible that the diffraction could be due to the metal clusters themselves. However, the 
motions of the clusters are both random and independent. It is likely that the metal 
clusters act only as diffuse scatterers. Our hypothesis is further corroborated by previous 
diffraction studies of C6o@SWNT, which have shown diffraction signatures of 1-D 
crystals of empty fullerenes. 

The materials were annealed at various temperatures between 800°C and 1250°C. 
Upon observation using HRTEM, prior to high temperature, the samples 
La 2 @C 8 o@SWNT and Er 3 N@C 8 o@SWNT, looked comparable to that of 
Sc 3 N@C 8 o@SWNT (c.f Figure la). However, in the Er 3 N@C 8 o@SWNT sample, some 
breakdown of the metallofullerenes into co-axial tubes (CATs) was found along with 



peapods. Thus, even relatively mild anneals of 800°C, used during specimen preparation, 
were sufficient to cause reaction among the Er 3 N@C 8 o metallofullerenes. After annealing 
at 1250®C, the La 2 @C 8 o@SWNT material was completely transformed into a variety of 
complex carbon cage structures and multi-wall nanotubes (Figure 2a). The 
Sc 3 N@C 8 o@SWNT remained intact (Figure 2b) even though the conditions of the 
treatment were identical to those of the La 2 @C 8 o@SWNT sample. After annealing at 
950°C, Er 3 N@C 8 o@SWNT was found to have further CAT formation, as well as 
remaining peapods. An instance of a unique microstructure was observed in this sample 
(Figure 3). Micrographs are consistent with a CAT containing intact Er 3 N clusters, or a 
partially transformed structure of covalently bonded metallofullerenes. 

The results show a large variation in thermal stability of these Cao-based 
metallofullerenes, even between the isostructural ErxSc 3 -xN@C 8 o materials. Variations in 
electronic properties and interaction with the surrounding SWNT, or cluster mass could 
be the origin of this behavior. Of particular interest are La 2 @C 8 o@SWNT and 
Sc 3 N@C 8 o@SWNT after annealing at 1250°C. At this temperature, the Sc3N@C8o 
remains stable, whereas the La 2 @C 8 o cages are destroyed. From the variety of 
reassembled large carbon cage structures in this material, it is apparent that the released 
La atoms are acting as catalysts for the reformation of the graphitic structures. This 
interpretation is consistent with the observation of large highly crystalline multi-wall 
nanotubes which do not exist in the pre-annealed material. The onset of this behavior lies 
between 1000°C and 1250°C. 

The overall response of these supramolecular assemblies to temperature could be 
affected by the mass of the interior clusters. The heaviest cluster, Er 3 N (515.8 g/mol) 
begins to break down at temperatures below 800°C. The next heaviest metallofiillerene 
with La 2 (277.8 g/mol) has an onset of instability in 1-D clusters at a temperature between 
1000°C and 1250°C. The lightest metallofiillerene containing SC 3 N (148.9 g/mol) is 
stable to the highest tested temperature of 1250°C. Thus there is a nominal consistency 
with cluster mass. This discussion can only be speculative due to the lack of important 
information on these relatively new metallofullerenes, and other effects could be 
important in determining thermal stability. For example, it is known that six electrons are 
transferred to the Cso cage from the La atoms in La 2 @C 80 . [7] In Sc 3 N@C 8 o, the electron 
transfer is two electrons. [ 6 ] No data is available for the other Cgo-based 
metallofullerenes. These electronic effects could play a key role in determining the 
stability of the metallofullerenes within the SWNT and governs the strength of interaction 
and modification of SWNT behavior. This remains for further study. 
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ABSTRACT 

The external chemical reactivity of graphene sheet, fullerenes and carbon nanotubes has been 
investigated. The total reaction energy is analyzed with several contributing terms and 
formulated as a function of the pyramidal angles of C atoms. We have determined the parameters 
for the formulae from ab initio simulation of graphene. We have applied them to predict 
hydrogenation energy of several nanotubes and Ceo, and demonstrated that the predicted total 
reaction energies are very close to the results of total energy pseudo-potential density frinctional 
theory calculations. This analysis can be used to predict the reaction energy and local bonding 
configuration of a reactant with diverse fullerenes and nanotubes within 0.1 eV accuracy. 


INTRODUCTION 

There has been much research interest in carbon nanotubes and fullerenes since the discovery 
of Ceo [1]. They have been considered as promising materials for nanotechnology applications, 
such as biochemical and gas sensors [2] and molecular transistor [3]. From the recent studies on 
possible nanodevice applications, it has been recognized that the surface functionalization of 
nanotubes and fullerenes would play an important role for nanodevice development. In order to 
functionalize nanotubes and fullerenes, the chemical reactivity of carbon atoms need to be 
understood with a quantitative accuracy. 

Generally, the chemical reactivity on the external surface of a fullerene or a nanotube is 
characterized by local bonding configuration of carbon atoms, more specifically, 
pyramidalization {9p) of C atoms as illustrated in Fig. 1 [4, 5]. Since the surface of a fullerene or 
a nanotube is curved, it is natural to have pyramidalized C atoms as shown in Fig. 1. 
Pyramidalization changes the hybridization of atomic orbitals at the C atom so that the % orbital 
contains different portion of s and p orbitals leading to different chemical reactivity. For 
example, graphite has planar structure (^ = 0) corresponding to sp^ for a bonds and p for tt 
bond. However, fullerenes and nanotubes have the hybrid bonding orbitals between sp^ to sp^. 
Because of this hybridization, fullerenes and nanotubes are known to be more reactive than 
graphite. The degree of pyramidalization {6p) is defined by the angle between a bond and % 
orbital and named as pyramidal angle (Fig. 1). 

When a C atom interacts with an external chemical reactant, several processes occur 
simultaneously: orbital hybrid changing toward sp^, n bond breaking, and reaction between free 
71 orbital and external reactant. In order to quantify the analysis of the chemical reactivity, we 
divide a reaction into several contributing parts: (a) straining of surface C atom, which is 
changing the hybrid of atomic orbital of C atom, (b) breaking of 7t bond and binding with 
external reactant, and (c) local relaxation of neighbor C atoms. We name several energy terms 
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following each contributing part, such as, "strain energy" for (a), "binding energy" for (b), and 
“local relaxation energy” for (c). To elucidate these terms, we will use a hydrogen atom as a 
point probe to measure binding energy. We have analyzed and formulated these energies in 
terms of pyramidal angles. And we have applied them to graphene sheet, several nanotubes, and 
Ceo fullerene. We have chosen graphene sheet as a representative system for large flillerenes and 
nanotubes. We have chosen several nanotubes with different radii such that the pyramidal angles 
are between those of graphene sheet and C^o- In the analysis, we have calculated the energy 
parameters for our formulae from graphene sheet data. These parameters and the energy 
expressions are used to predict the interaction energies of nanotubes and Ceo- The accuracy of the 
prediction is tested by comparing to frill ab initio simulations. 



Figure 1. Pyramidal angle (Op) is defined by the angle between n orbital and 0 bond minus 90°. 


COMPUTATIONAL DETAILS 

All the results in this work are calculated using total energy pseudo-potential density 
functional theory (DFT) method [6, 7], and a supercell approximation is used to simulate the 
periodic systems. In order to minimize the interactions between the repeated images, we include 
5 A vacuum separating the neighboring images. Kohn-Sham single-electron wave functions are 
expanded by 50,000 plane waves for Ceo, and between 10,000 and 36,000 for nanotubes 
depending on their diameters, and 18,000 for graphite, corresponding to 40 Ry cut-off energy. 
We use single /t-point for Ceo, because it is a molecule. For a graphene sheet and nanotubes, 
/:-point convergence was tested and it is confirmed that a single A:-point sampling for graphene 
sheet and four A:-point for nanotubes are enough for the convergence. During geometry 
optimizations, the atomic positions were relaxed until the forces became smaller than 0.05 eV/A. 

The initial values of the pyramidal angles Oo of graphene sheet, C nanotubes, and Ceo used in 
this work are listed in Table I. When we compute the strain energy, we fix all the C atoms and 
move one C atom, on which the reaction will occur, normal to the surface in order to increase 
pyramidal angle artificially. We calculate the total energy of the strained structure and get the 
strain energy of given structure from the difference of total energies between the strained 
structure and the initial structure. In order to understand strain energy dependency on pyramidal 
angle, we have computed a set of strain energy with different pyramidal angles. 

We have calculated the binding energy of H atom for each strained structure. We have 
introduced an H atom above the strained C atom structure generated in the previous analysis and 
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calculated hydrogenation energy to compare the chemical reactivity difference induced by 
pyramidal angle change. During the calculation of binding energies, we keep the C atoms fixed 
to maintain the artificially produced pyramidal angle and atomic hybrid, and relax the position of 
the introduced H atom. We have also simulated fully relaxed hydrogenation energy to compare 
with our predictions. We relax C atoms up to the third nearest neighbors for graphene sheet, up 
to the first nearest neighbors for nanotubes, and all the C atoms for C6o fullerene during the full 
relaxation simulations. 


Table I. Initial Pyramidal Angles {do) of graphene sheet, several nanotubes, and Ceo (rad.) 


do 

do 

Graphite 

0.000 

(10,0) 

Nanotube 

0.090 

(15,0) 

Nanotube 

0.059 

(8,0) 

Nanotube 

0.113 

(12,0) 

Nanotube 

0.075 

C60 

0.202 


RESULTS and DISCUSSION 


When we strain one C atom, the pyramidal angle and the bond length of the pulled C atom 
are changed. So, we have divided strain energy into two terms, bending energy and bond 
stretching energy. We have analyzed those terms by force constant models and described as 
quadratic function of pyramidal angle (Op) changes from the initial equilibrium pyramidal angle 
{do) and bond length {a) changes from the initial equilibrium bond length {ao), respectively. 
When C atom is pyramidalized as shown in Fig. 1, the bottom triangle is consist of neighboring 
three C atoms. Because the triangle of bottom pyramid is not changed during the straining and 
the strained C atom is pulled up normal to the triangle, a cos(^) remains a constant and bond 
length {a) can be replaced by a function of pyramidal angle {d^ as shown in equation (1). Due 
to three bonds in strained C atom, there are factors of three in equation (1). Since nanotubes and 
fullerenes are graphite-like materials, we develop the scheme for graphene sheet and apply it for 
the other carbon materials with averaged bond lengths and averaged pyramidal angles due to Cj 
symmetry in graphene sheet. 


E =—k 

strain ^ bending 


{e.-o.'f+lK 


' stretching^ 0 


COS 




cos 




-1 


( 1 ) 


DFT simulation of strain energy for graphene sheet, (10, 0) nanotube, and Ceo is shown in 
Fig. 2. We fit the DFT simulation data for graphene sheet to equation (1) and determine the 
spring constants: 10.70 eV/rad^ for kbending and 7.44 eV/A^ for kstretching- In Figure 2, we plot the 
predicted strain energy curves for (10,0) nanotube and Ceo and these curves show a good 
agreement with the DFT simulation results. 
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pyramidal Angle (rad.) 


Figure 2. DFT simulation results for strain energy and binding energy. Strain energy is always 
positive and shown as top three set of data and binding energy is shown as bottom three set of 
data. We use square for graphene sheet, triangle for (10,0) nanotube, and circle for Ceo- The 
solid line for graphene is a fitting to the equations, and the solid lines for the nanotube and Ceo 
are predictions from the equations. The dotted line is the sum of strain energy and binding 
energy for graphene sheet. 


Binding energy is composed of two different contributions, Tt bond breaking and reaction 
between external reactant and free n state. We use TC bond breaking energy of graphene sheet as a 
reference and represent k bond breaking energy of other material based on 7i bond breaking 
energy of graphene sheet and the difference, which is shown in equation (2), where Eshift is the 
energy difference. 

~ ^graphite ■*" ^shifi 

For the reaction of free k state, we use POVA (n Orbital Vector Analysis) [8], which assigns 
one s and three p orbitals to three a bonds and determine 7t state from the rest. Equation (3) 
shows 71 state in terms of the 5 and p orbitals derived from POVA. When an external reactant is 
introduced to the 71 state expressed in equation (3), the energy for the reaction with an external 
reactant (x) will be expressed by <;s!//jx> and <p\H\x> using proper Hamiltonian H, The binding 
energy is the sum of 7 t bond breaking energy in equation (2) and the energy for the reaction of 
free 7t state. And the binding energy will be expressed as equation (4), where Esx and Epx are 
<;s|//1jc> and <p\H\x>, respectively. 


\k) = 42 tan(<9^ )\s) + ^l-2 tan^)| p) (3) 

=^/2 tan(e,)£„ +Vl-2tan^(e,)£,. + (4) 
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DFT simulation results of binding energy are also summarized in Fig. 2. We fit the graphene 
sheet data to equation (4) to get the parameters: -5.24 eV, -1.55 eV, and 0.87 eV for Esx, Epx and 
Egraphue, respectively. The fitted binding energy curve is drawn in Fig. 2 as solid curve 
connecting square data points. From a comparison between this curve and other DFT data in Fig. 
2, we can see that a small energy shift, around -0.2 eV —0.3 eV, is needed for (10,0) nanotube 
and Ceo to match the binding energy curve of graphene sheet. In equation (4), the first two terms 
depends only on the pyramidal angle (^), and the third term is a constant. The only possible 
energy difference for different structured materials is coming from the last term, Eshiji- As shown 
in Fig. 2, Eshiji is not affected very much by the initial pyramidal angle, and we choose -0.2 eV as 
Eshift for other nanotube systems. 

Total reaction energy is obtained as the sum of strain energy, binding energy, and local 
relaxation energy, as describe above. First, we try to estimate the total reaction energy using only 
strain energy and binding energy, which are represented by equations (1) and (4) respectively. As 
an example, we determine the total reaction energy of graphene sheet from the minimum of the 
sum of strain energy and binding energy from Fig. 1. We compare the total reaction energy from 
full relaxed result and get 0.16 eV of energy difference, which is the local relaxation energy. 

Finally, we now predict the total reaction energy of an H atom on different nanotubes and 
Ceo- We approximate that the local relaxation energy does not strongly depend on the initial 
structure and use the value of graphene sheet, -0.16 eV, for other nanotubes and Ceo- Therefore, 
we determine the total reaction energy, especially hydrogenation energy for this case, from 
equation (1) for strain energy, equation (4) for binding energy, and -0.16 eV for local relaxation 
energy. The predicted total reaction energy results are summarized in Fig. 3 as square date 
points. In Figure 3, we compare the predicted data with the DFT calculations with full relaxation 
(circle data points). Figure 3 shows that we can predict hydrogenation energy of fullerenes and 
nanotubes within 0.1 eV errors compared to the full DFT simulations. 


CONCLUSIONS 

We have shown that the total reaction energy can be divided into three energy terms, strain 
energy, binding energy, and local relaxation energy. We also have shown that those energy terms 
can be formulated and that the total reaction energy of different carbon based materials can be 
predicted from four energy parameters, Esx, Epx, EgraphUe, and local relaxation energy. The 
parameters Esx and Epx depend on the external reactants (x), and Egraphue and local relaxation 
energy do not depend on the reactants. Therefore, once an external reactant is chosen, we can 
determine Esx and Epx from DFT calculations of its reaction with the graphite. From these energy 
parameters, we can predict the total reaction energies and binding configurations of the reactants 
on diverse fiillemenes and nanotubes. This analysis is based on local configurations of carbon 
atoms so that one can apply this method to predict local deformation effects in diverse carbon 
nanostructres without performing full DFT simulations. 


Wl.5.5 



Figure 3. Hydrogenation energies of graphene sheet, various nanotubes, and Ceo. Circles are 
DFT simulation data with full relaxations, and squares are the predicted values from our analysis. 
Data points represent from left to right, graphene sheet, and four different sizes of nanotubes 
listed above, and Ceo- 
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ABSTRACT 

Ceo aggregated clusters up to 20 um length were created on a glass surface within a solution 
inside of a gradient one-beam optical trap. It was possible to grow rod-shaped structures by 
motion of an optical trap parallel to the surface of the substrate. After the deposited structures 
became stable, the solution was dried. By AFM measurements of the stable dried structures, it 
was shown, that aggregations have typical sizes of 5-15 um X 1.5-2 um, and thickness near 1.5 
um. The aggregations consist of thinner (30-100 nm diameter) rods, bundled together. 

INTRODUCTION 

During the last decade, one-beam optical trapping mostly had applications in the 
microbiology area [1]. Contributions of the optical trapping to the nanotechnologies could be 
more significant. The main advantage of the one-beam trap configuration is simplicity and a 
wide spectrum of possible applications. The quasi-micron size of the optical trap zone and the 
possibility to precisely control position and motion can satisfy the requirements of micro 
manufacturing in integrated optics and optical sensors, photonic crystals and bio-chip 
production. 

In the previous experiments for behavior of many particles, trapped in the gradient one-beam 
optical trap [2,3], it has been shown that trapped particles create quasi-molecular dynamic 
structures, assembled together by photons and existing only in presence of laser field. Under the 
certain conditions photon bonding is converted to the chemical bonding [3]. Thus assembled Ceo 
aggregated structures are stable without laser trap and can be used as elements of carbon-based 
devices. 

EXPERIMENTAL DETAILS 

The experimental setup, shown in figure 1, is basically similar to the laser tweezers 
configuration. Trapping laser beam (Nd-YAG, TiiSapphire, He-Ne or Ar-ion lasers) was used in 
the microscope “Nikon Optophot”. Optical setup provides conditions for high-gradient laser field 
in trapping zone, creating 3D potential well and also photon bonding of the particles in solution. 
Ceo/toluene solution in concentration of 1x10'^ M was placed in the 50-um-thick optical cell, 
made from microscope cover glasses. The images of the trapping zone and aggregation growth 
were monitored by a CCTV camera. 

After 0.3-10 min of stable trapping under 0.5-3 mW of laser power, photon bonding is 
transformed to chemical bonding, providing the growth of Ceo aggregation polymers on the 
substrate. By the slow motion of the optical trap along the substrate surface it was possible to 
grow rod-shape structures. Next, the solution was dried and AFM images of the aggregated 
structures on the dry glass surface were studied. 
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Figure 1. Simplified experimental setup for one-beam gradient optical trap. 
DISCUSSION 

The AFM image of the dried rod-shaped Ceo aggregations is shown in figure 2. 
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Figure 2. Dried Ceo aggregations, grown in one-beam gradient optical trap. 

Each aggregation contains thinner rods, bundled together. In figure 3, showing section 
analysis of an AFM image, one can see the rods having 30-100 nm diameters. 
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Figure 3. AFM image and section analysis of the Ceo rods, bundled together in rod-shaped 
micron size structures. 


In figure 4 the “joint” of the two rod-shaped structures is shown. Under the higher 
amplification, it is seen that the ends of the thinner rods are without holes. There is no additional 
information about the core of thinner rods at the present time. 

It is important to know if heating of the growing aggregations by trapping laser radiation is a 
mechanism, which plays significant role in the creation of Ceo aggregations. Different laser 
sources, mentioned above were used for trapping. Similar results were obtained for wavelengths 
0.5, 0.63, 0.8, and 1.3 um, indicating the insignificance of the absorption effect. Unfortunately 
there was no possibility to measure absorption spectra of aggregations and this is the subject for 
future research. 
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Figure 4. AFM image of the “joint” between the two rod-shaped structures. 

CONCLUSIONS 

The growth of Ceo polymer clusters, aggregated inside of the one-beam gradient optical trap, 
has been demonstrated. 

AFM measurements show aggregations having sizes 5-15 um X 1.5-2 um, and thickness near 
1.5 um. The aggregations consist of thinner (30-100 nm diameter) rods, bundled together. 

Shape of aggregations can be made more elongated by the motion of laser trap parallel to the 
substrate surface. The quasi-micron size of the optical trap zone and the possibility to precisely 
control position and motion can satisfy the requirements of micro manufacturing in integrated 
optics and optical sensors, photonic crystals and bio-chip production. 
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ABSTRACT 

Two different models for solid-state quantum bits have been investigated. Both are based on 
the nuclear spin of doped atoms in endo-fiillerenes or bucky-onions. or have been tested 
as suitable dopant atoms because they have half nuclear spins. The thermal stability and 
electronic properties of the dopant atoms and the encapsulating cages have been examined with 
ab-initio pseudo potential density functional methods, and the results show that both models are 
suitable for single qubit applications. 


INTRODUCTION 

Recently a conceptual design of solid-state quantum computer, based on fabricating arrays of 
^^P atoms in bulk Si, has been proposed. [1] When a ^’P donor atom is doped at a substitutional 
site in bulk Si, four out of five valance electrons of the ^^P atom form four tetrahedral covalent 
bonds with the Si lattice. Kane has argued that the weakly bound fifth electron of ^’P donor 
atom can be used for controlling the nuclear spin state of the donor atom, via hyper-fine 
interaction, for a solid-state qubit application. The main problem with this proposal, however, is 
the experimental difficulty involved in fabricating precise arrays of dopant atoms, ^^P, in bulk Si 
layers. Moreover, even if such arrays are fabricated, the individual donor atoms may diffuse 
away from their intended locations via transient induced diffusion mechanisms. 

To overcome the above difficulties, we have investigated encapsulating 14 nuclear spin atoms 
in endo-fullerenes and bucky-onions for the above described solid-state qubit applications. If the 
doped endo-fullerene and bucky-onions are stable and have suitable electronic behavior for qubit 
applications, it may be easier to make the required arrays for solid-state quantum computer 
applications. The and ^'P atoms with 14 nuclear spin have been tried as suitable dopant atoms 
because both have 14 nuclear spin and one isotope except deuterium ^D. Two different models 
have been explored for solid-state qubit applications: One model involves encapsulating atom 
in a fullerene, and the second model involves encapsulating ^^P atom in a few nanometer sized 
diamond nanocrystallite. The fabrication pathway for encapsulating a ^*P atom in a diamond 
nanocrystallite involves first encapsulating a ^*P atom in a fullerene at the core of a bucky-onion, 
and then converting the core to a diamond nanocrystallite by e-beam irradiation and annealing. 

All the results in this work are calculated using total energy pseudo-potential density 
functional theory, [3, 4] where geometry is optimized and the atomic positions are relaxed until 
the forces become smaller than 0.05 eV/A. 
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RESULTS and DISCUSSION 


The first model involves using encapsulated atom for a qubit. The 14 nuclear spin state of 
a bare ’H atom can be a strong candidate to realize a quantum bit, because the atom has one 
valence electron in I 5 atomic orbital and hyperfine interaction is fairly strong. For fabrication 
purpose, however, a bare atom is very reactive and too small to be encapsulate within any 
molecule or a lattice. Even if there are ways to fabricate arrays with atoms, the atoms are very 
reactive and form instantaneous chemical bonds with the encapsulating molecules or lattices. 
The main requirement for encapsulating a ’H atom with in a fullerene is that the encapsulated 
atoms should stay at the center of the fullerene without forming any bond with the caging 
fullerene molecule. Fullerenes are the possible candidate for the caging or encapsulating 
molecules because it is well known that fullerenes have fairly inert internal surface due to 
pyramidalization. Pyramidalization increases the electron density of the exterior of the surface 
and decreases the electron density at the interior of the surface due to rehybridization of atomic 
orbitals in C atom and electron repulsion from a bonds. [5] 

The internal chemical reactivity of fullerenes is examined first. We choose Ceo and examine 
the hydrogenation energy. When a atom is introduced at the center of Ceo, the atom is 
stable at the center with the formation energy of-0,43 eV. The electron density of the ‘H atom at 
the center shows that the lone Ij like valance electron is localized around the atom with a 
strong hyperfine interaction with the nuclear spin. Though there is no significant or specific 
binding between the atom and the cage C atoms in Ceo, the collective sum of small binding 
interactions between the atom and the cage C atoms make the total binding energy negative. 
The center site, however, is not found to be the global minimum energy site. The global 
minimum energy site is found to be due to a chemical bond formation between the 'H atom and a 
cage C atom of Ceo- The binding energy for this reaction is found to be -1.23 eV, i.e., much 
lower than the binding energy of atom at the center. Similar results are found for other 
fullerenes as well. Generally, the internal surface of a fullerene is less chemically reactive than 
external surface, but the reactivity is enough for a atom to bind at the cage C atom and not at 
the center as is desired for the qubit application. 

A possible way for reducing the internal chemical reactivity is through the removal of most 
of the K electron density from the interior of the surface. This can be done through hydrogenation 
or some other reaction at the exterior of the surface. When the fullerene is fiilly hydrogenated, C 
atoms in fullerene have sp^ atomic hybrid. Because there is no n electron density at the interior 
of the surface, the reactivity at the interior of the surface is decreased. However, once all the n 
bonds are removed, the encapsulated 'H atom could escape by diffusion because the C atom ring 
sizes then increase due to the increased C-C bond lengths. Therefore, a fullerene that is fully 
hydrogenated on the exterior of the surface, and which has only small number of C atom rings 
can be a possible encapsulating material. We have investigated dodecahedrane, C 20 H 20 for 
encapsulating 'H atom for qubit application. 

The diffusion barrier of atom to escape C 20 H 20 as well as the hydrogenation of internal 
surface of C 20 H 20 are examined. The ‘H atom is placed at the center of C 20 H 20 and moved 
towards the wall. The changes in the binding energy are calculated at each step. There are 3 high 
symmetry-binding sites on the internal surface of C 20 H 20 ; top of the C atoms, the center of bonds 
between the C atoms, and the center of C atom pentagon rings. Binding energy changes along all 
the three sites are computed as a function of the distance from the center and the results are 
shown in figure 1. Since there is no n orbital, we confirm that there are no meta-stable 
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configurations at the interior of the surface. The binding site at the center is the only stable 
configuration. The diffusion barrier to escape through pentagon ring is also calculated and found 
to be 1.17 eV. This shows that the system is fairly stable against diffusion at low temperatures. 
These results are consistent with some other recent experimental [6] and theoretical [7] studies. 



In order to examine atom in a fullerene as a qubit, the energetically favorable 
configurations for a atom in a Ceo fullerene are examined first. For a ^'P atom inserted in Ceo, 
we identify two energetically stable confi^ations; in the first case the ^'P atom stays at the 
center of Ceo , and in the second case the^^P atom is stable on top and at the center of a C-C 
bond that connects two pentagons on the wall of Ceo- The binding energies of these 
configurations are -0.99 eV and -0.81 eV for at the center and on the bond top sites, 
respectively. The diffusion barrier to escape from the center is also calculated and is found to be 
0.33 eV. Therefore, we expect that the ^^P atom in Ceo mostly stays at the center. Recently, there 
have been experimental observations, which show that ^’P atom at Ceo is stable at the center of 
the fullerene. [8] This is in agreement with our results. Either of energetically stable 
configurations, however, does not provide good model for qubit, because valence electrons of ^^P 
atom does not overlap with the nucleus position strongly for a strong hyperfine coupling. 

However, a ^’P atom encapsulated in a fullerene can be used as a possible first fabrication 
step in encapsulating the ^^P atom in a diamond nanocrystallite. The subsequent steps are: (a) use 
the encapsulating fullerene to grown bucky onion layers around the fullerenes, and (b) irradiate 
and anneal the outer layers of bucky onions to convert the core into diamond nanocrystallite 
doped with a ^’P atom. Experimentally, it has been demonstrated that core fullerenes and core 
layers of buckly onions can be converted to diamond nanocrystallite with controlled e-beam 
irradiation and annealing. Since a ^'P atom at the substitutional site of diamond lattice is similar 
to ^'P atom doped in bulk Si [1], as was suggested by Kane, we have investigated the energetics 
for possible configurations of ^'P doped in a diamond nanocrystallite. The formation energies for 
possible configurations of ^’P atom in normal and compressed (to 20 GPa) diamond lattices, such 
as, at a substitutional site, a hexagonal interstitial site, and a tetrahedral interstitial site are 
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calculated, and summarized in table I. The results show that the formation energies for all the 
configurations are positive, albeit a small positive value for the atom at the substitutional site. 
This shows that there is a small energy cost for inserting a atom at the substitutional site. 
However, once the ^’P atom is trapped (by the above discussed fabrication pathway) at the 
substitutional site, the diffusion barriers to escape from the nanocrystallite are also very high. 
Once fabricated, such doped diamond nanocrystallite will be stable, and making arrays of 2-10 
nm sized ^^P atom doped diamond nanocrystallites in any host material will be much easier than 
making similar arrays with bare ^’P atoms. 

Table I. Formation Energy of ^’P at different sites of compressed diamond or bulk Si (eV); 
Formation Energy = E (Si or Diamond: ^’P) - E (Si or Diamond) - E (Atomic ^’P) 




Diamond 


Si 

Pressure 

OPa 

20 Pa 

50 Pa 

OPa 

Substitution 

0.88 

1.99 

3.85 

-5.75 

Hexagonal Site 

15.95 

18.26 

21.99 

-2.71 

Tetrahedral Site 

19.13 

21.53 

25.35 

-1.90 


CONCLUSIONS 

We have discussed two different models for encapsulating nuclear spin Vi atoms for solid- 
state quantum bit applications. For the first model, we show a way to capture a atom at the 
center of a fiilly hydrogenated fullerene, C 20 H 20 . For the second model, we suggest a way to 
fabricate diamond nanocrystallite doped with ^'P atom at the substitutional site. Making arrays of 
such larger sized qubits in any host material will be easier than making arrays of bare ^^P atoms 
in bulk Si as was suggested originally. After this work was completed, we became aware about a 
European collaborative research project, Quantum Information Processing Device using Doped 
Fullerene, (QIPD-DF) of the similar broad nature. [9] It is very encouraging that this project also 
aims to apply the fhllerene-encapsulated atoms and clusters for novel quantum information 
device applications. We note that our original research proposal was based on multi-shell 
fullerenes for solid state quantum computer applications, whereas the QEPD-DF project involves 
8 partners with diverse quantum information device processing concepts. 
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ABSTRACT 

The excited state properties of Ceo thin films have been probed in the temperature range 77- 
273K using Raman spectroscopy. The change in the Raman, 2Ag mode of Ceo (whose position is 
largely independent of temperature) was monitored as a function of the excitation intensity at 
514.5nm. This mode normally positioned at 1469cm‘^, was seen to shift reversibly to a lower 
Raman frequency with increasing laser intensity. Two excited state species have been identified. 
The first, at 1466cm'^ has been associated with the molecular triplet of Ceo- The second species 
at 1463cm'\ has been speculated to be an excited state co-operative involving two or more 
excited states in the solid and is seen to be intrinsic to solid state Ceo below the phase transition. 


INTRODUCTION 

A considerable understanding of the photophysical and photochemical properties of Ceo both 
in solution and solid has evolved over the past decade [1]. However there remains a number of 
important questions regarding the nature of the excited states in the solid. In solution, optical 
excitation leads to a population of the long lived triplet state, via the singlet state. The process 
has been well characterised by transient absorption measurement [2] and a strong triplet-triplet 
absorption at 750nm is observed [3]. However this strong feature is not observed in the solid and 
indeed the excited state photodynamics differ considerably from those in solution [4] leading to 
questions as to whether the molecular triplet exists in the solid. Further to transient absorption 
measurements the Raman spectroscopic signature of the molecular triplet in solution has recently 
been associated with a positioning of the 2Ag mode at 1466cm'^ at room temperature [5]. Similar 
measurements however at room temperature in the solid are hampered by the much documented 
photopolymerisation of Ceo [6] which occurs via a 2+2 cycloaddition. In this paper it is proposed 
that below this phase transition temperature, it should be possible to isolate the intermediate 
excited state species associated with the photopolymerisation and thereby identify the Raman 
signature of the molecular triplet of Ceo and any differences, which exist between the excited 
states of isolated molecule and solid state. A temperature dependent study of the excited states 
will also be used to help elucidation the nature of the excited states in the solid. 


EXPERIMENTAL 

Gold grade Ceo soot obtained from Hoechst was vacuum sublimed at a pressure of 10'^ mbar 
onto glass substrates using an Edwards A305 coating system. The average thickness of the 
resulting films was ~0.8pm. Raman measurements were taken using an Instruments S.A. 
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Labram IB spectroscopic microscope (xlO objective, spot radius ~10|im) equipped with an 
external Argon ion laser (514.5nm) and a Linkam microscope cooling stage. The films were 
allowed to equilibrate for fifteen minutes at each temperature prior to illumination. 


RESULTS AND DISSCUSSION 

The Raman spectrum of Ceo at 77K was monitored at laser powers of ~300Wcm’^. The observed 
spectra were consistent with the low temperature spectra observed in previous studies where the 
2Ag was seen to be independent of temperature and is positioned at 1469cm' [1, 6]. The 
frequency position of this mode was also found to be stable under prolonged low level 
illumination indicating that at the low temperature and low intensity no photochemistry was 
taking place. For the purpose of comparisons with earlier studies, this study will concentrate 
solely on the Aig pentagonal pinch mode at 1469cm'^ [5,7,8]. 

Initially the laser was focused on to a single spot on the film. The incident power was then 
increased and the positioning of the 2Ag mode was seen to shift reversibly. In order to correlate 
the observed shifts with the known photodyanmics of Ceo both in solution and solid the intensity 
dependent transmission of the Ceo film was monitored. In general molecular Ceo exhibits an 
inverse saturable absorption due to the strong absorption of the excited state triplet in the 
wavelength range 650 -790nm [2]. Figure 1 (A) shows the curve obtained for the intensity 
dependent transmission of the Ceo film obtained under similar conditions as the previously 
reported solution measurements. 



Wftvcnunitwr (cm>) Wavenumber (cm-‘) 


Figure 1, (A) Intensity dependent transmission curve at 77K for Ceo film, (B), (C) and (D) are in 
situ Raman spectra at intensity of ~3000Wcm'^, ~15000Wcm ^ and ~35000Wcm ^ respectivily. 
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It can be seen that the film does not exhibit an inverse saturable absorption but rather a linear 
curve in the range studied. The absence of a nonlinearity does not however indicate that no 
population redistribution is occurring in situations where the ground state absorption co-efficient 
(Ogr) and the excited state absorption co-efficient (Gex) are approximately equal at the wavelength 
employed. This may indeed be the case for Ceo films as the photoinduced absorption spectrum for 
C 60 shows that 514.5nm is situated close to the ‘cross-over’ or null point of the spectrum [4]. The 
solid line of figure 1(A) is a fit of the intensity dependent transmission given by equation 1 with a 
value of ~ 2.5x lO'^^cm^ for the ground state absorption cross-section (o) and 2.6 x 10'^^ cm^ for 
the excited state absorption cross-section (Gex) [6]. The fit yields an excited state lifetime of 
7psec for solid state Ceo which is comparable to previously reported life times of Ceo [6]. 

Although the intensity dependent transmission is linear, it has been previously shown that a 
considerable excited state population can be readily produced at the intensities used i.e, at an 
intensity of ~20000Wcm'^ the excited state population is ~55% of the total population Ntotai.[9] 

T = exp[-(Ngr0o+NexCt3)d] (1) 

Figure 1 (B) (C) and (D) show the in situ Raman spectra taken at various points along the 
intensity-dependent transmission curve of figure 1(A). The dashed lines in the spectra are 
Lorentzian/ Gaussian fits to the various components. Figure 1(B) shows the low irradance 
spectrum (>10'*Wcm'^) of the pentagonal pinch mode and it is seen to be positioned at 1469cm' 
*. However at laser powers approaching ~15000Wcm'^ two new components appear in the 
spectrum figure 1(C). The first component positioned at 1466cm'' has a Raman signature 
analogous to that reported for the molecular triplet of Ceo in solution [5]. Indeed one would 
expect excited state species of Ceo to have a lower frequency of vibration as they should be in an 
antibonding state and hence have a weaker intramolecular force of attraction in comparison to the 
ground state [8]. Van Loosdrecht et al. [8] have reported similar intensity dependent shifting of 
the A 2 g pentagonal pinch mode from 1469cm'' to 1459cm'' in Ceo crystals at low temperatures 
(~40K). They assigned the observed shifts to electronically excited Ceo and in particular the 
triplet state [8]. It should be noted, however, that a population redistribution from ground to 
triplet state should be characterised by a decrease in the ground state mode and the emergence of 
a single triplet mode, rather than the quasi-continuous shifting reported by van Loosdrecht et al. 
Close consideration of the data in question shows an initial discontinuous emergence of a mode 
at 1466cm'', which, in comparison to the data presented here and previously for measurements in 
solution [5] should be assigned to the molecular triplet. 

In addition to the feature at 1466cm'' a further reversible shift to 1463cm'' at higher 
intensities can also be identified both in our data for a thin film and van Loosdrecht’s data for 
single crystals. This feature at 1463cm'' is an excited state species that appears to be specific to 
the solid state, as similar measurements in solution show no Raman evolution beyond 1466cm''. 
This high intensity intermediate state has previously been observed in the depolymerisation of 
solid Ceo [1], as well as in reversible processes in Ceo crystals [10]. This high intensity state has 
been associated with that which is characterised by a nonlinear photo-luminescence and photo¬ 
conductivity [10] and has been speculated to be a co-operative interaction between excited sates 
in the solid, at high excitation densities [10]. That such a state is present, in the depolymerisation 
of Ceo may be understood by considering the symmetry conditions of the Ceo molecules. Initially 
the molecules have the same symmetry in the ground state. Upon the addition of a single photon 
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one molecule is promoted to an excited state creating the molecular triplet species as in the 
proposed 2+2 cycloaddition polymerisation mechanism [6,7]. However as the system has been 
maintained at 77K the photopolymerisation cannot proceed due to the orientational phase 
transition. Hence as the intensity is increased a high density of excited states is created in the 
solid. At high intensities the excited state electronic orbitals of neighbouring molecules can 
readily overlap and rapidly create an excited state co-operative in which the molecular excited 
states becomes delocalised across several molecules in the solid creating a species analogous to 
that observed in the photo-depolymerisation. Finally it should be noted that the pentagonal pinch 
mode remains ever present but experiences a loss in intensity. The evolution of the three features 
is evident in figure 1(D) with the feature at 1463cm'^ becoming the dominant species at high 
laser intensities (35000Wcm‘^). Upon return to low laser intensities the pentagonal pinch mode 
once again becomes the dominant spices suggesting that the photoinduced processes are fully 
reversible within the resolution of the instrument. The instantaneous reversibility coupled with 
the intensity dependence is a strong indication that the new peaks are vibrational modes of 
excited stated Ceo in the solid. 
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Figure 2, Intensity -Dependent Transmission curves in temperature range 77K-273K. Inset 
shows cubic fits atl98K. 


As the temperature is increased a more non-linear or cubic behaviour emerges and becomes 
dominant (figure 2). This behaviour is characteristic of non-linearities previously described in 
crystals [10]. The linear and non-linear components of the intensity dependent transmission 
curve at 198K are highlighted in the inset figure 2. This non-linear increase in the transmission 
is indicative of bleaching, in which the excited state absorption cross section is less than the 
ground state absorption cross section (Oex<cr). In general at temperatures above the phase 
transition (249K), the bleaching process can be attributed to the onset of irreversible 
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photochemical reactions [1,6]. In this case however for temperatures below ~200K, there is no 
evidence of any photochemical reactions occurring, as the in situ Raman spectra as well as the 
intensity dependent transmission curves are fully reversible, suggesting that the observed changes 
are purely photophysical. While the intensity dependent transmission curve for 198K is 
significantly different to the corresponding curve at 77K, the in situ Raman spectra and the 
evolution of the respective excited states at 1466cm’^ and 1463cm’^ is comparable to that shown 
in figure 1 for 77K. A similar temperature dependence for all temperatures below 198K has also 
been observed. 

The change with temperature of the non-linearity can be assessed from the point at which the 
system deviates from a linear response to a non-linear response in the intensity dependent 
transmission curves, Ith in inset in figure 2, The in situ Raman spectrum of the onset of the non¬ 
linearity (i.e. at Ith) shows that the co-operative species (at 1463cm"^) is the dominant species at 
this point for all temperatures, suggesting that this species is non-linear in nature. Such a 
suggestion supports the notion that this species is analogous to the high intensity state previously 
reported in single crystals and characterised by a non-linear photoluminescence and 
photoconductivity [1,10]. 
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Figure 3. Temperature dependence of cubic response in transmission curves. 

A plot of the intensities of the onset of the non-linearity (Ith) against the inverse of the 
temperature shown in figure 3. It can be seen that the non-linearity is independent of temperature 
up to ~220K. This suggests that the electronic delocalisation of the 7r-electron system, between 
the molecules in the solid state is intrinsic to the material at temperatures below 220K. It should 
be noted that this temperature is remarkably close to the orientational phase transition 
temperature of 249K particularly when one considers the effect of localised laser heating at the 
point of measurement. The induced Raman shifts observed with intensity are also fully 
reversible up until 220K however above this temperature the shifts become irreversible. In 
addition to ihe irreversibility of the Raman shifts above 220K the temperature independence of 
the non-linearity rapidly falls to lower intensities suggesting the non-linear delocalised species is 
formed at much lower intensities. A similar temperature dependence to that shown here was also 



observed by Minami et al. for the luminescence spectrum [11] and was suggested to indicate that 
the decay route in Ceo films should be regarded as the result of an intermolecular effect such as 
an intermolecular charge transfer excited state or indeed the high intensity excited state species 
proposed for the observed changes in our data. Absorption measurements at low temperatures 
also support the notion that a highly delocalised excited state similar to that proposed for the 
Raman mode at ~1463cm'^ at low temperatures and for the non-linear response observed at high 
intensity in the transmission curves, is possible [11]. 

At temperatures beyond 220K the onset of the non-linearity (i.e. hh) is seen to rapidly 
decrease as shown in figure 3. The bleaching of the system at this temperature unlike the lower 
temperatures may be attributable to the initiation of irreversible photochemical processes such as 
the photopolymerisation. In situ Raman spectra confirms that some photochemistry is taking 
place as the original ground state pentagonal pinch mode is only partially regained upon 
reduction of the intensity. Nevertheless the data highlights the existence of a highly non-linear 
delocalised co-operative excited state species at low temperatures which is intrinsic to Ceo- In 
addition the Raman signature of the molecular triplet has been identified for the first time in the 
solid state. 


CONCLUSION 

A full description of the photophysics of Ceo after a decade of research has still remained elusive. 
The data reported here shows clearly the existence of two excited state species in solid thin films 
of C 60 , the molecular triplet, positioned at 1466cm'* and an excited state co-operative specific to 
the solid state positioned at 1463cm‘\ The second species has been reported to be intrinsic to Ceo 
at low temperatures (<220K). 
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ABSTRACT 

We report the spontaneous formation of a GaP fullerene cage in ab-initio Molec¬ 
ular Dynamics simulations starting from a bulk fragment. A systematic study of the 
geometric and electronic properties of neutral and ionized III-V (GaP, GaAs, AlAs, 
AlP) clusters suggests the stability of hetero-fullcrenes formed by compounds with 
zincblend bulk structure. Our prediction is supported by several indicators: these 
clusters show closed electronic shells and relatively large energy gaps; the ratio be¬ 
tween the cohesive energy per atom in the cluster and in the bulk is very close to the 
value found for carbon fullerenes of the same size; the clusters are thermally stable 
up to a temperature range of 1500-2000 K and they do not dissociate when ionized. 

INTRODUCTION 

The discovery of carbon fullerenes and nanotubes has opened a completely new 
field at the borderline between chemistry and physics leading to many new phenom¬ 
ena and applications. Most efforts to identify fullerenes based on other elements 
have focused on BN which is the most similar to carbon and exists in nature in the 
hexagonal (graphite-like) structure[l-8]. However, the observed (nested-)cages and 
wires[l,2] do not present the characteristic pentagonal rings of carbon fullerenes. 

Here we explore the possibility of fullerene cages based on typical semiconductors 
of the HI-V family, like GaAs, GaP, or AlAs, which do not possess a graphite-like bulk 
structure. We have recently shown[9] by means of ab-initio Car-Parrinello Molecular 
DynarnicsflO], that a small GaP bulk fragment spontaneously organizes in a cage 
formed by a different number of atoms of the two elements arranged as in carbon 
fullerenes. Here we extend the analysis of the geometric and electronic structure of 
cages with the stoichiometry IIIx-Va ;±4 for various IH-V clusters up to a total of 52 
atoms. 

COMPUTATIONAL DETAILS 

Our results are obtained by means of the Car-Parrinello approach[10] using a 
Density Functional in the Generalized Gradient Approximation proposed by Becke 
and Perdew|ll,12]. This approximation reproduces the experimental cohesive energy 
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of typical bulk semiconductors within 5 valence to conduction band excitation ener- 
gies[13]. We use nonlocal norm-conserving first-principles pseudopotentials[14] and 
expand the single particle wavefunctions on a plane wave basis set with a cut-off of 
12 Rydberg. We use a periodically repeated cubic simulation box of 24 A side, a 
size found large enough to describe isolated clusters. The electronic optimization and 
structural relaxation have been performed using damped second order dynamics with 
electronic mass preconditioning scheme[15]. The symmetry of the equilibrium struc- 
t\ire is not biased but it is reached spontaneously during the geometry optimization 
starting from the corresponding regular polyhedron. 

RESULTS 

In ref. [9] we have shown that a bulk like cluster with 41 atoms with tetrahedral 
bulk-like coordinations spontaneously evolves to a Gai 6 Pi 2 bonded cluster with 12 
pentagons and 4 hexagons during the simulated energy minimization. 

The observed spontaneous formation of a Ga] 6 P ]2 cage with pentagons is surpris¬ 
ing since, in the case of BN[3-6], (deformed) squares are found to be energetically 
much more favorable. For Bi2Ni2[4], there is an energy difference of 9 cV between 
the cage with pentagons and the one with squares in favor of the latter which contains 
only heteropolar bonds and is favored for a material composed by atoms with very 
different electronegativity as B and N. Therefore, most studies have considered cages 
B„,Nn formed by hexagons closed by square rings[3,4,6,7]. 

Very recently, Fowler et al.[8] have pointed out that, among the cages with pen¬ 
tagons, those with one species in excess of 4 atoms (B„N„ 4 -.i) minimize the number of 
liomopolar bonds. The cage GaicPi 2 which spontaneously appear in our simulation 
bills into this class. Therefore we focus our study on the equilibrium structure and 
electronic states of IIInV „±4 clusters, with a total number of atoms ranging from 20 
to 52 and for different III-V compounds. 

In Tables I and II we show the minimum energy structures of several GaP and 
GaAs fullerenes with the corresponding symmetry and HOMO-LUMO gap. 

As in the case of carbon and BN fullerenes, the III-V clusters would represent 
metastable states with respect to the bulk equilibrium structure and only experimen¬ 
tal observation can establish with certainty their existence. We support our prediction 
for the stability of the examined GaP clusters by using the following indicators: i) 
closed electronic shells and large energy gaps; ii) cohesive energy; iii) thermal stability; 
iv) stability of the ionized clusters. 

The first indicator of chemical stability is the energy gap between the highest 
occupied and lowest unoccupied molecular orbitals (HOMO and LUMO). In carbon 
fullerenes a correlation between this energy and the observed fullerenes has been 
experimentally verified [16]. 

In figure 2 we show the calculated HOMO-LUMO energy gap for all the GaAs 
clusters studied as a function of the total number of atoms (the nuclearity). The 
clusters with a majority of atoms of type V show the largest HOMO-LUMO gaps. 
In general, the gap grows with the cluster size, with a particularly high value for the 
cluster with 52 atoms as found also for the analogous BN cluster[8]. 
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Table I. Optimised structures, symmetry, HOMO-LUMO energy gaps, cohesive 
energies and Ga-P binding energies for several GaP clusters. The bulk gap is given 
for comparison. The annealing temperature is also given for the first two structures. 



A comparison of the binding energies per atom between the GaP cages and the 
zincblend bulk phase of this material is possible only for the clusters with the same 
number of Ga and P atoms. From the results of Table I, we find that the cohesive 
energies per atom for Ga] 2 P ]2 with squares, Gai 2 Pi 2 with pentagons, and Ga^oPio 
are about 10% lower than in the bulk. This result is very close to that found for BN 
and carbon fullerenes of the same size[3]. 
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and the structure comes back to the same minimum energy configuration when the 
temperature is lowered. This is also the case for Gai 2 p 8 hi the annealing up to 
1500 K, whereas at 2000 K some structural rearrangement takes place leading to a 
distorted structure with higher energy when cooled down. These results indicate that 
the thermal stability is correlated with the wudth of the energy gap. 


Figure 2. HOMO-LUMO gap of 
the GaAs clusters as a function of 
the number of atoms in the clus¬ 
ter. Dark (red) dots correspond 
to Ga 3 ;As 3;+4 clusters, light (green) 
dots to Gai+ 4 Asa; clusters. The 
“magic” clusters, that is, the more 
stable of the serie, have been cho¬ 
sen. 


10 20 30 40 50 60 
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Mass spectrometry experiments use the difference in mass-to-charge ratio of ion¬ 
ized atoms or clusters to select them. Therefore one basic requirement for the possible 
detection of such clusters is that they remain stable also when ionized. We have in¬ 
vestigated the stability of some positively ionized clusters, [Ga 8 Pi 2 ]’’’i [Gai 2 Pi 6 ]‘^ and 
[Gai 6 Pi 2 ]'''- The electronic structure remains almost unaffected and degeneracies are 
broken by negligible amounts in the order of hundredths of eV. Only minor structural 
distortions occur upon ionization. In particular, the six equivalent P-P (Ga-Ga) bond 
lengths split into three different classes. Remarkably, during a molecular dynamics 
run for [Ga 8 Pi 2 ]'^ we observe a dynamical exchange between these three classes of 
bond lengths with each other. This effect produces features in the low frequency 
vibrational spectrum in the range 30 — 120 cm"^ which might be detected by infrared 
multiphoton ionization spectra[17]. 

CONCLUSIONS 

In summary, our MD results strongly suggest that small fullerenes formed with III- 
V semiconductor compounds could be stable, since they have high symmetry, closed 
electronic shells, and large HOMO-LUMO energy gaps. These clusters are thermally 
stable also when ionized. 

The cages with the stoichiometry IIl 3 ;-Va;+ 4 , which minimizes the number of ho- 
mopolar bonds, are particularly stable and show the largest HOMO-LUMO gaps. 

We hope that this work will stimulate experimental groups to widen their search 
for hetero-fullerenes also to III-V semiconductor compounds. 


W2.8.5 



ACKNOWLEDGMENTS 

FB acknowledges financial support from the PPM (Prioriteitsprogramma Materi- 
alenonderzoek) project nuinber 96PPM001. 

REFERENCES 

1. D. Goldberg, Y. Bando, O. Stephan, and K. Kurashima, Appl. Phys. Lett. 73, 
2441 (1998). 

2. P. A. Parilla, A. C. Dillon, K. M. Jones, G. Riker, D.L. Schulz, D.S. Ginley and 
M.J. Hcben, Nature 397, 114 (1999). 

3. G. Seifert, P. W. Fowler, D. Mitchell, D. Porezag, and TH. Frauenheirn, Cheni 
Phys. Lett. 268, 352 (1997). 

4. F. Jensen, and H. Toftlund, Chem Phys. Lett. 201, 89 (1993). 

5 . X. Blase, A. De Vita, J-.C. Charlier, and R. Car, Phys. Rev. Lett. 80, 1666, 
(1998). 

6 . M-L. Sun, Z. Slanina and S-.L. Lee, Chem Phys. Lett. 233, 279 (1995). 

7. S. S. Alexandre, M. S. C. Mazzoni, and H. Chacham, Appl. Phys. Lett. 75, 61 
(1999). 

8 . P. W. Fowler, K. M. Rogers, G. Seifert, M. Terrones, and H. Terrones, Chem 
Phys. Lett 299, 359 (1999). 

9. V. Tozzini, F. Buda, and A. Fasolino, Phys. Rev. Lett. 85, 4554 (2000). 

10. R. Car and M. Parrinollo, Phys. Rev. Lett. 55, 2471 (1985). 

11 . A.D. Becke, Phys. Rev. A 38, 3098 (1988). 

12. J.P. Perdew, Phys. Rev. B 33, 8822 (1986). 

13. G. Ortiz, Phys. Rev. B 45, 11328 (1992). 

14. X. Gonze, R. Stumpf, and M. Scheffler, Phys. Rev. B 44, 8503 (1991). 

15. F. Tassone, F. Mauri, and R. Car, Phys. Rev. B 50, 10561 (1994). 

16. H. Kietzmann, R. Rochow, G. Gantefor, W. Eberhardt, K. Vietze, G. Seifert, 
and P.W. Fowler, Phys. Rev. Lett. 81, 5378 (1998). 

17. D. Van Heijnsbergen, G. von Helden, M. A. Duncan A. J. A. van Roij and G. 
Meijer, Phys. Rev. Lett. 83, 4983 (1999). 


W2.8.6 


Mat. Res. Soc. Symp. Proc. Vol. 675 © 2001 Materials Research Society 


Nano-Sized [60]Fullerene-CycIodextrin Molecules 

Jeong-Seo Park, Han-Chang Kang, and Kurt E. Geckeler* 

Laboratory of Applied Macromolecular Chemistry, 

Department of Materials Science and Engineering, 

Kwangju Institute of Science and Technology, 

1 Oryong-dong, Buk-gu, 

Kwangju 500-712, South Korea 


ABSTRACT 

As [60]fullerene is a very hydrophobic macromolecule, there have been a number of 
attempts to make it more hydrophilic for biomedical applications. By attaching hydrophilic 
moieties such as poly(oxyethylene)(POE) chains and cyclodextrin molecules to [60]fullerene, 
novel water-soluble and biocompatible materials have been successfully prepared [1,2]. 

The synthesis of novel macrocyclic fullerene conjugates which are water-soluble is 
reported. The telechelic fullerene derivatives have been prepared via addition reaction of 
POE-based arms with covalently bonded P-cyclodextrin (CD) to [60]fullerene. To this end, a 
mono-tosylated CD derivative has been prepared in pyridine and then reacted with an amino- 
functional POE in the presence of triethylamine. The subsequent reaction of [60] fullerene 
with the hydrophilic POE-conjugated CD-derivative yielded the macrofullerene after 
separation and purification procedures. 

The macrocyclic [60] fullerene derivatives obtained were soluble in water and 
characterized by UV-VIS and FT-IR spectroscopy as well as light scattering measurements 
and thermogravimetric analysis. 


INTRODUCTION 

Since [60]fullerene has been made preparatively accessible [3], the promising properties 
of [60]lullerene stimulate an increasing interest for fullerene-containing polymers in view of 
biomedical applications [1,2]. There have been a number of attempts to make it more 
hydrophilic, as [60]fullerene possesses radical scavenging effects [4]. 

POE exhibits the minimal interfacial energy in an aqueous environment and an unique 
solubility in water. Furthermore, as POE is a very hydrophilic and biocompatible material, it 
is already applied in many fields such as biomedical and pharmaceutical areas [5]. And CD 
are water-soluble cyclic oligosaccharides built up of glucopyranose xmits. Thus, by using of 
[60]fullerene as a molecular core in linking multiple POE chains and CD molecules novel 
water-soluble and biocompatible materials have been successfully prepared. 


EXPERIMENTAL DETAILS 

The synthetic procedure consists of three steps. The first step is the preperation of mono- 
6-(p-tolylsulfonyl)-p-cyclodextrin (m-TsCD), m-TsCD was synthesized by following a 
standard procedure [6]. 

The second step was the preparation of mono-poly(oxyethylene)-P-cyclodextrin (POE- 
CD). It was synthesized by reacting equimolar quantities of m-TsCD and difunctional amino 
POE (aPOE) with a molecular mass 2 kg mor\ 
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In the final step, we synthesized the (aPOE)-poly(oxyethylene)-p-cyclodextrin (F-(POE- 
CD)n) by reacting with POE-CD and [60]fullerene. During the reaction, the color of solution 
changed from purple to light-yellow, and then to pink. 

UVMs spectra were obtained with a UVMsible spectrometer (Perkin Elmer, Lambda 
12). The particle size was measured by dynamic light scattering (Malvern Instruments Ltd. 
Series 4700) with argon ion laser system at 488 nm with a digital correlator. 


RESULTS AND DISCUSSION 

The macrocyclic [60]fullerene derivatives obtained were soluble in water and the 
synthesis of these conjugates was confirmed by UV-VIS Spectroscopy. 

In Figure 1. it is shown that the [bOjfullerene-POE conjugate absorbs in the UV-visible 
region showing a maximum at 250-270 nm. At higher wavelengths, the absorbance presents a 
smoothly decreasing shoulder without characteristic maxima. As the reaction proceeded, the 
peak height at around 340 nm decreased and finally disappeared. This phenomena explains 
the disruption of the 7 i-bonds of [60]fullerene due to the formation of side arms which are 
covalently bonded to [60]fullerene. 



Wavelength (nm) 


Figure 1. UVA^IS spectra showing the formation of [60]fiillerene-cyclodextrin conjugates 
(F-(POE-CD)n) by an addition reaction with reaction time 

The infrared spectrum of the polymer is shown in Figure 3. It looks similar to that of 
the POE-CD prepolymer. A broad band around 3440 cm"’ corresponding to the absorption of 
primary and secondary amine and alcohol groups of CD is shown. It also shows a sharp peak 
at around 1100 cm'\ Interestingly the two peaks around 520 cm'^ and 570 cm'^ , shown in 
both [60]fullerene and POE-CD, changed their forms to broad bands. 
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Figure 2. FT-IR spectra of (a) [60]fullerene , (b) POE-CD, and the reaction product 
(c)F-(POE-CD)n 


Figure 3 shows the particle size distribution of F-(POE-CD)n obtained by laser light 
scattering. The molar mass thus obtained was 13,496 g mof' and the average particle size in 
water was 24.6 nm with a mean value distribution of 98.7%. This value is a little smaller than 
the expected whole length of fully extended fullerene derivatives. Based on the thermo- 
gravimetric analysis, an average number of 2.07 side-arms could be calculated. 



Figure 3. Particle size distribution of F-(POE-CD)n by laser light scattering 
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The characteristic properties such as hydrophilicity and expected biocompatibility of 
this novel macrocyclic molecules hold promise for a broad range of biomedical applications 
[7,8]. 


CONCLUSIONS 

The synthesis of a novel water-soluble macrocyclic [60]ftillerene conjugate is described. 
The macromolecules were prepared by the multiple addition of POE arms with covalently 
bonded CD to [60]fullerene. The preperation of the [60]fullerene conjugates by the addition 
of hydrophillic POE and CD is a useful method of imparting water-solubility of [60]fullerene 
derivatives. 
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ABSTRACT 

The interaction of water-soluble C6() derived fullerols with bovine serum albumin (BSA) in 
physiological environment was studied in detail by the fluorescence method. Experiments 
showed that the interaction of fullerols with BAS is mainly in the manner of non-covalent 
hydrogen bond. Based on the measurements of fluorescence intensity, the apparent binding 
constant K and the binding site number n were obtained with K=4000 and n=l, and the energy 
transfer efficiency in the reaction is 0.63. Besides, the effects of metallic ions such as Cu^'^, Fe^'^ 
and Cr(VI) on the interaction of fullerols with BSA were investigated. It was found that the 
effects of the metallic ions are quite different from each other. Low concentrations of Cu^^ can 
promote the interactions between fullerols and BSA, while high concentrations of Fe^"^ or Cr(VI) 
favorite the interactions between fullerols and BSA. 


INTRODUCTION 

Fullerene Ceo and its derivatives have attracted much interest due to their special structure, 
and novel chemical and physical functions[l]. However, their water-insoluble property has put 
much limit on their researches and applications, especially in biochemistry. The success in the 
synthesis of polyhydroxyl Cfio derivative suggests the potential applications in biochemical and 
pharmaceutically related investigations[2-4], In previous study, the fluorescence properties of 
fullerols and their interactions with various metallic ions were studied in detail[5]. Based on the 
study the fluorescence method was used to investigate the interaction between fullerols and BSA 
in physiological environment and the effects of various metallic ions, aimed at .understanding 
the interaction mechanism of fullerols with their biological surroundings. 


EXPERIMENTAL 
Apparatus and Reagents 

All fluorescence measurements were carried out on a Hitachi RF-540 fluorescence 
photospectrometer. The wavelengthes of excitation and emission of fullerols were 340/440nm, 
respectively. Both of the excitation and emission slits were set as lOnm for providing the 
premium signals, IR spectra were recorded on a Model 1730 infrared photospectrometer, 
Perking-Elmer Co. and ^HNMR spectra were obtained on a Hitachi R-24B Nuclear Magnetic 
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Resonance photospectrometer for the determination of fullerols structure, 

Cw (99.9%) was purchased from Tri- Carbon Cluster Materials Co. Ltd., Wuhan University, 
China. BSA was purchased from Shanghai Lizhu Dongfeng Biotech Co. Ltd., China, with 
molecular weight of 65000. All chemicals used were analytical reagents. These reagents 
included the salts giving 3 kinds of ions, such as Cu^^, Fe^^ and Cr(VI). The salts were CuCL, 
FeCls, and K 2 Cr 207 , respectively. The water was secondajy sub-boiled di.stilled water. 


Procedure 

Fullerols were prepared according to Ref.[7]. The final product was dark-brown and easily 
soluble in water. The structure of the product was then identified as CeoCOH)^ by IR and 
‘HNMR, where m, the number of -OH group, was 23-24. 

An accurate amount of fullerols was weighed and prepared as stock solution of 1x10' 
mol/L using phosphate buffer solution with pH 7.4. The wavelengths of excitation and emission 
were 340/440nm, respectively. Both of the excitation and emission slits were set as lOnm for 
providing the premium signals. During experiments, an accurate volume of fullerols solution 
was injected by microinjector into BSA solution of 1x10'^ molA-containing buffer solution and 
predetennined amount of metallic ion, and fluorescence spectrum was measured and recorded. 


RESULTS AND DISCUSSIONS 

Interaction of BSA with Fullerols 

When 340nm is used as the excitation wavelength, fullerols can emit strong fluorescence at 
the wavelength of 440nm. In the previous study, the effects of pH value on fluorescence 
intensity have been presented[5]. The effect of pH value on fluorescence intensity can also be 
observed in this study. It is clear that the strongest fluorescence can only be observed in neutral 
solutions, which would lead to such a conclusion that fullerols in neutral molecular form are 
strong fluorescent substances. Fluorescence intensity becomes much weaker in both acidic and 
basic solutions. Therefore, in this research pH range of 6.5~7.5 was selected as the optimum 
acidity to carry out the bioactivity research of fullerols in physiological environment. 

The excitation and emission spectra of fluorescence are given in Figure 1 and Figure 2. It 
can be seen that when 340nm is used as the excitation wavelength, fullerols can emit strong 
fluorescence at the wavelength of 440nm. 

The fluorescence spectra of fullerols-BSA systems are shown in Figure 1. It can be seen 
that the fluorescence intensity at ~440nm increases markedly with the increase of the 
concentrations of fullerols. At the same time, the maximum emissions values at ~440nm have a 
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Figure! Fluorescence spectra of different Figure 2 Fluorescence emission spectra of 
concentrations of fullerols in the presence of fullerols in the presence of different 

BSA concentrations of BSA 


gradual red-shift to 450nm, significant blue-shift can also be observed for excitation peaks 
from ~350nm to ~330nm. Based on the fact that there are only a strong absorption peak at 
221nm and a weak absorption peak at 278nm, no absorption at 440nm for BSA, it can be 
suggested that there occurred some interaction between fullerols and BSA, which forms some 
kind of composite containing ground state and excited state. The absence of corresponding 
functional groups for chemical reaction between fullerols and BSA resulted in such a 
suggestion that the strong interaction between two molecules may be the hydrogen bridge 
bonding between the -OH in fullerols and the -NH 2 or -COOH in the peptide chains of BSA, 
which is in fact non-covalent. 

The so-called bi-reciprocal method can be used to describe the interaction of fullerols 
with BSA[8]. From Figure 3 it can be seen that there exists very significant linear relationship 
in the plot of (F-Fo)"’ against Cc 60 (OH)m’'. The regression equation was found as follows 

(F-F„)-' =(k’CBSAr‘+(k’KCBSAy‘ CcwoHta' (1) 

where Fo is the fluorescence intensity of 
BSA without fullerols added in; F is the 
fluorescence intensity of BSA at presence of 
fullerols; Cbsa and Cc 60 (OH)m are the 
concentrations of BSA and fullerols, 
respectively; k’ is apparatus constant; and K 
is the apparent interaction constant. This 
relationship means that the combination 
ratio of fullerols and BSA is 1:1 with the K 
value of 4000 obtained from the slop and 
intercept of the plot in Figure 3. 

It was observed that the fluore- scence 
emission wavelength of BSA is 340nm 
(Figure 1), quite the same as that of the 
fluorescence excitation of fullerols. It is 
clear that the increase in the fluorescence intensity of fullerols with the increase of BSA 
concentrations originates in some energy transfer between them, as showin in Figure 2. The 
efficiency of energy transfer(E) is defined as following equation: 

E=l-Fo/F (2) 



Figure 3 Bi-reciprocal plot for fullerols-BSA 
system 
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Where Fo and F are the fluorescence intensities of fullerols in the absence and presence of 
BSA, respectively. It can be calculated that the E value is 0.63 when the concentrations of 
fullerols and BSA are 1:1. 


The Effects of Fe*^^ and Cr(VI) on the Interactions of Fullerols with BSA 


From previous study on the interaction of fullerols with metallic ionsf5J, It was found 
that Cu^^, Fe^”^ and Cr(VI) can quench the fluorescence of fullerols effectively. Here the three 
ions were introduced to investigate their effects on the interactions of fullerols with BSA. 

Shown in Figure 4 arc the fluorescence spectra of fullerols in the presence of Cu^"^, Fe 
and Cr(VI) at a constant BSA concentration of 1x10 mol/L. In the case of or Fe^^, with 
the increase of fullerols concentrations, the fluorescence intensity of BSA-M"‘^-FuUerols 
increases and the emission peaks red-shifts gradually from 440nm to about 450nm, indicating 
the formation of more stable tri-component complex in both ground state and excited state 
among fullerols, BSA and Cu“^ or Fe^^ than bi-component complex between fullerols and 
BSA. In the case of Cr(VI), the little change in the shape and location of the peaks indicates 
that the formation of tri-component complex can only occur in excited state. 



Wavelength,nra Wavelength, nm 


Figure 4 Fluorescence emission spectra of fullerols in the presence of BSA 
and in the presence of Cu^"^, Fe^"^ or Cr(VI) 


The K values at different 
concentrations of Cu^'^, Fe^"^ and Cr(VI) 
are shown in Figure 5. An interesting 
phenomenon is that for all three curves a 
‘valley’ occurs when the ratio of the 
concentrations of metallic ions and BSA is 
1:1, indicating that competitive combina¬ 
tion occurs between BSA and fullerols 
with the metallic ions. At this time, the 
pre.sencc of metallic ions doesn’t show 
any promotion to the interaction of 
fullerols with BSA but show some role of 
inhibition. It can also be observed from 
Figure 5 that low concentrations of Cu^'^ 
favorite the interaction of fullerols with 
BSA. When the ratio of Cu“'^ to BSA is largei 



Ig C, mol/L 

Figure 5 Binding constant K of BSA to fullerols 
in the presence of Cu^^ Fe^"^ or Cr(VI) 

than 1:1, little apparent change can be observed, 
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suggesting that at higher concentrations exhibit little effect on the interaction. In the 
case of Fe^"^ and Cr(VI), their higher concentrations favorite the interaction of fullerols with 
BSA. 


CONCLUSION 

The interaction of water-soluble Ceo derived fullerols with BSA in physiological 
environment was studied in detail. Experiments showed that the interaction of fullerols with 
BSA is mainly in the manner of non-covalent hydrogen bond. Based on the measurements of 
fluorescence intensity, the apparent binding constant K and the binding site number n were 
obtained with K=4000 and n=l, and the energy transfer efficiency in the reaction is 0.63. 
Besides, the effects of metallic ions such as Cu^"^, Fe^"^ and Cr(VI) on the interaction of 
fullerols with BSA were investigated. It was found that the effects of the metallic ions are 
quite different from each other. Low concentrations of Cu^’*' can promote the interactions 
between fullerols and BSA, while high concentrations of Fe^"^ or Cr(VI) favorite the 
interactions between fullerols and BSA. 
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ABSTRACT 

The transformation of an active carbon film with Pt nanoparticles to onion-like 
fullerenes has been in-situ investigated by a high-resolution transmission electron microscope. 
It was found that the onion-like flillerenes/metals polycrystalline film was formed under 
electron irradiation. The formation process was consisted of three steps: first, the flakes of 
onion-like fullerenes were induced by Pt nanoparticles; second, the flakes grew into a few 
ellipsoidal graphite shell; and third, a gradual reorganization of the formation of 
quasi-spheroid graphite shells and the bond of Pt particles was took place. It was a composite 
film of onion-like fullerenes and metal particles. It is suggested that the transformation 
mechanism involves an irradiation of electron and a catalytic effect of Pt nanoparticles, while 
any temperature rise due to electron irradiation seems to be negligibly small. 

INTRODUCTION 

Since the discovery of fullerenes, their synthesis and characterization have attracted a 
great deal of interest in the scientific community. The fullerenes with different structure such 
as buckminsterfullerene[l,2], nanotubes[3], onion-like fullerenes[4], and metal-fullerenes[5] 
have been produced by laser vaporization, resistive heating, and arc discharge. For onion-like 
fullerenes (OLF), lijima synthesized the onion structure carbon by arc discharge[4], Ugarte 
obtained OLF from polyhedral graphite and nanotubes by intense electron bombardment. 
Such OLF were usually formed from ordered structure carbons. Xu reported the 
transformation of an amorphous carbon film with metallic nanoparticles of Al, Au and Pt into 
giant onion-like fullerenes induced by electron beam irradiation in a high resolution 
transmission electron microscope [6-8]. They were the first experiments in which OLF were 
formed from an amorphous carbon film using an electron irradiation technique and metallic 
nanoparticle catalysts. Four kinds of onion-like fullerenes have been produced, such as 
signal-nuclei OLF, multiple-nuclei OLF, intercalation OLF with metal atoms inside its shells, 
and metal lofullerene with metal atoms in its center. 

Here, an experimental study is reported in which onion-like fullerenes/metals film was 
produced from active carbon by electron beam irradiation and Pt nanoparticle catalysts. The 
kinetics and mechanism of their formation were also discussed. 
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EXPERIMENTAL 

Pt nanoparticls were prepared on amorphous carbon films by Ar beam sputtering. The 
ion acceleration voltage was 2-4kV, with a beam current of 0.2-0.3 mA. The process was 
done under vacuum of lO"^ Pa. The size of Pt nanoparticles ranges fi*om 1 to 6 nm in diameter. 
The thickness of amorphous carbon film was 20 to 25 nm. To study the transformation of 
active carbon to onion-like fullerenes, the Pt nanoparticles were covered with active carbon 
as shown in Fig.l. The thickness of film was 

increased to 40-50 nm. Pt Active Carbon 

These metal nanoparticles and active 
carbon film specimen were irradiated at an 
intensity in the range of 0.3-3.3 X 
lO^Vcm^sec in a high resolution transmission 
electron microscope JEM-2010. The 
formation of onion-like fullerenes was 
investigated by in-situ observations. The 
vacuum was better than 10'^ Pa. HRTEM 
images were recorded with a low intensity pig.l Schematic Diagram of HSTEM Specimen 
electron beam in order to prevent electron 

damage and to produce good quality micrographs after the specimen were strongly irradiated. 



RESULTS 

Fig.2 shows an image of an active carbon film transformed into onion-like fullerenes, 
induced by 10% Pt nanoparticles under electron beam irradiation at an intensity of 3.3 X 
lO^Vcm^sec for 2800 sec. The nucleus of onion-like fullerenes was formed firstly in the area 
covered with active carbon. And it was achieved in the present of Pt nanoparticles. We also 
used an active carbon film without metal 
particles, and could not obtain onion-like 
fullerenes, even using the same experimental 
conditions. 

The formation process of a composite film 
of onion-like fullerenes and metal particles was 
in-situ observed as Fig.3. The intensity of 
electron beam irradiation is 3.3X 10^°e/cm^sec. 

The process was divided into the following 
three steps. First, the nucleus and the first flake 
of a fullerene under the Pt nanoparticle are 
formed, which is indicated by the arrows in 
Fig.3(a). Second, the flakes grew into a few 
ordered structures as irregular ellipsoidal 
graphite shell with a large hollow interiors. It is 
showed in Fig.3(b). And third, a gradual 
reorganization of the formation of 

quasi-spheroid graphite shells and the bond of Pt particles was took place, as shown in 
Fig.3(c). 



Fig.2 Onion-like fullerenes induced 
under 10% Pt nanoparticles by an 
electron irradiation at an intensity of 3.3 
X 10^°e/cm^sec for 2800 sec 




Fig.3 Onion-like ftillerenes induced under 5% Pt nanoparticles by an electron irradiation 
at an intensity of 3.3 X lO^Vcm^sec for (a) 0 sec, (b) 1800 sec and (c) 3000 sec. 

DISCUSSION 

Nucleation of onion-like fullerenes 

Fig.2 shows that the transformation of carbon to fullerene took place in the active carbon 
areas. Under the electron beam irradiation, the first elementary reaction is carbon atom 
catalyzed by Pt atoms on the surface of the nanoparticles to form a short range order C-C 
bond through rearrange fi-om the active carbon. The catalytic effect of Pt atoms is also 
confirmed in Fig.3. It can be seen that all positions of the onion-like fullerenes cores 
correspond to the positions of Pt particles. It is clearly indicated that Pt atoms promote the 
formation of onion-like fullerenes. The nucleation sites are around the contact circle between 
Pt nanoparticles and the active carbon substrate, as confirmed by the fact that the larger 
fullerenes are induced around larger Pt particles. 

Growth mechanism of onion-like fullerenes 

As the the proceedings of the irradiation of electron beam, the C-C bond in a short range 
ordered structure changes into an ordered structure, such as a hexagonal or a pentagonal 
network, and finally forms the first flake of a fullerene by the self-diffusion of carbon atoms. 
The flakes grow into an ellipsoidal structure. Successive electron irradiation induces multiple 
ellipsoidal graphitic shells that finally change into a quasi-spheroid shape. The ellipsoidal 
graphitic shells expand their bonds along the surfaces of Pt nanoparticles and wrap them, 
thereby encapsulate them. The shells change in shape into spheres, which finally build the 
multiple quasi-spheroid shells, i.e. onion-like fullerenes, by an inner epitaxy[4] which 
eliminates the inner hollow. The driving force of onion-like fullerenes growth has been 
discussed in terms of a free energy minimization theory[4], which accounts for the highly 
stable spheroidal shape of carbon clusters and the multiple shell structure, which is more 
energetically favorable than a single or tubular shell. This process occurs spontaneously, and 
both results in the elimination of the dangling bonds, and promotes onion-like fullerenes with 
a maximum of 54 shells, which corresponds to about 105 carbon atoms in our experiment. 
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Transformation Drive Force 


In the high temperature process, as in the arc discharge method, the nucleus of onion 
structure of carbon could be formed from a liquid drop. But, in the electron beam irradiation 
process, the first question is how high the temperature rise is. Recently, Xu[8] used Fisher’s 
model to estimate the temperature rise to result in about 10 degrees at most. It is suggested 
that the heating effect by the electron irradiation is not a major effect for onion-like flillerenes 
formation. Hence, the formation and growth of onion-like flillerenes from active carbon can 
be considered as the electron stimulation effect and the catalysis effect of metal atoms. 

CONCLUSION 

Under the electron beam irradiation, the onion-like flillerenes can be transformed from 
active carbon film. The formation process was consisted of three steps: first, the flakes of 
onion-like flillerenes were induced by Pt nanoparticles; second, the flakes grew into a few 
ellipsoidal graphite shell; and third, a gradual reorganization of the formation of 
quasi-spheroid graphite shells and the bond of Pt particles was took place. It was a composite 
film of onion-like fullerenes and metal particles. 

The transformation mechanism involves the electron stimulation effect and the catalysis 
effect of metal atoms, while any temperature rise due to electron irradiation seems to be 
negligibly small. 
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ABSRACT 

Near the temperature of 260 K, Ceo crystal is known to undergo a first order phase transition, 
associated with changes in molecular rotations. The present paper reports the effect of the 
crystalline structure and impurity content of Ceo thin films on their structural behavior near this 
phase transition. Polycrystalline Ceo films with different grain sizes and oxygen content were 
obtained by varying the conditions of their vacuum deposition and post-grown exposure. 
Temperature-resolved X-ray diffraction in the range 300 - 15 K was used to determine the lattice 
parameter and its changes near the phase transition temperature. Decrease in grain sizes and 
increase in oxygen content of the films are found to lead to a gradual reduction in the 
discontinuity in lattice parameter and the transition temperature. 


INTRODUCTION 

Solid Ceo is a molecular crystal with Ceo molecules occupying the lattice sites of a face- 
centered cubic {fed) structure at room temperature [1]. Ceo molecules have a rotational degree of 
freedom in the crystal. The Ceo crystal is known to undergo a phase transitions associated with 
changes in the molecular rotations. Near the temperature Tc = 260 K, Ceo crystal undergoes a 
first order phase transition from the fee structure above Tc to a simple cubic (i'c) structure below 
Tc [2-4]. Ceo molecules have been found to rotate freely in the fee phase while rotation locks into 
specific orientations in the sc phase. 

However, the published data dealing with this phase transition in Cgo thin films are very 
contradictory because of the fact that the films grown under different deposition conditions 
and/or subjected to different post-growth exposures may have substantially various crystalline 
structure and impurity content. On the other hand, no systematic study of the effect of the 
crystalline structure and impurity content of Ceo films on their behavior near the phase transition 
have been performed. This paper reports the first results of such kind of study. 

EXPERIMENTAL DETAILS 

Ceo thin film was deposited by a vacuum deposition technique on substrates of mica, optical 
glass and optical glass predeposited with an Ag sub-layer. The starting Ceo powder (‘Super Gold 
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Grade’, > 99.9%) was commercially obtained from Hoechst AG. Detailed description of the 
deposition conditions was given elsewhere [5-8]. 

The thickness of all Ceo films under the present study was about 100 nm. 

The crystalline structure of the Ceo films was characterized by X-ray diffraction (XRD) in Cu- 
and Te-Ka radiation, at room temperature, and then was studied by temperature-resolved XRD in 
the temperature range from 300 K to 15 K, using a home-made liquid-helium cryostat. The XRD 
patterns also included reflections from a reference substance (high-purity Cu). Use of this 
modified reference XRD technique made it possible to reduce the error in our determination of 
the lattice parameter, which is particularly important when studying its temperature 
dependencies. The error in determining the lattice parameters did not exceed ± 0.02%. The 
sample temperature was measured with a platinum resistance thermometer. 

The morphology of the front surface of the film was studied by the Atomic Force Microscopy 
(AFM). 

RESULTS AND DISCUSSION 

The film deposited at a rate of 0.2-0.4 A/s on a glass substrate, held at 443 K (sample 1 in 
table I) was found to consist of two phases: amorphous and polyciystalline with grain sizes of 
20 - 50 nm. The latter was characterized by the Bragg reflections (111), (220) and (311) of fee 
Ceo lattice with approximately the same intensities. The room-temperature XRD pattern of such 
a film is similar to one displayed in Fig. 2c in Ref. 5. 


Table I. Growth conditions, structural characteristics and parameters of ihofcc/se phase 
transition for our Ceo thin films together with the published data [2-4] for Ceo single crystals. 


Sample 

Substrate 

material 

Substrate 
tempera¬ 
ture (K) 

Depositon 

rate 

(A/s) 

Crystalline 
structure 
of the Ceo 
films 

Grain size 
in the film 
surface 
(nm) 

Tc 

(K) 

Aa/a 

(%) 

1 

glass 

443 

0.2-0.4 

amorphous/ 

polycrystaliine 

10-20 

" 


2 

Ag/glass 

473 

18-20 

<111> textured 
polycrystaliine 

100 - 200 

250 

0.06 

3 

mica 

473 

15 

<111> textured 
polycrystaliine 

500- 1500 

252 

0.22 

Ceo 

single 

crystals 






260 

0.31- 

0.33 


Our approach for the deposition of well-ordered Ceo films [6] requires a combination of high 
values of Ceo deposition rate and substrate temperature (near to the temperature of equilibrium 
“adsorption (deposition) desorption” for Ceo molecules) as well as use of a substrate with 
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weak surface bonding. For example, sample 2, evaporated at a rate of 18-20 A/s onto the 
Ag/glass substrate at 473 K, was found to have high degree of crystallinity and strong <111>- 
texture. The room-temperature XRD pattern of this sample is the same as that shown in Fig. 2a in 
Ref 7 and consists only of a very narrow and intensive (111) peak and its higher harmonics (222) 
and (333). The sizes of crystalline domains for sample 2 are relatively large. AFM measurements 
revealed grain sizes in the sample surface of about 200 nm. 

A mica substrate also satisfies the above mentioned requirement of weak surface bonding 
because it is a layered material with weak van der Waals interaction between layers. We 
succeeded in growing Ceo thin films on a mica substrate, with ciystalline structure even better 
than that for the films deposited on a metal sub-layer [8]. Sample 3 deposited at a rate of 15 A/s 
onto a mica substrate, held at 473 K also had strong <11 l>-texture. However, the intensities of 
the peaks in its room-temperature XRD pattern (Fig. 1 in Ref 8) were found to be substantially 
higher than those we observed for sample 2. The sizes of crystalline domains are also much 
larger. AFM revealed grain sizes in the sample surface of 500-1500 nm. 

Analysis of the XRD patterns for all polycrystalline Ceo films studied points to the fact that 
the material at room temperature has fee structure. Our room-temperature value of the lattice 
parameter a = 14.144 A is in good agreement with the data published for Ceo single crystals and 
powder bulk samples [3-4]._ 

Figures 1 - 3 show the results of temperature-resolved XRD measurements of the lattice 
parameter for as-grown samples 1,2 and 3. There is no indication of a first order phase transition 
for sample 1 (figure 1): only a strong but gradual decrease in the lattice parameter is observed 
during cooling of the sample in the temperature range from Tc 2 = 250 K to Td = 230 K. On the 
other hand, for sample 2, figure 2 demonstrates a well defined discontinuity in the lattice 
parameter, Aa/a = 0.06 %, near the temperature Tc = 250 K which corresponds to the feelsc 
phase transition [2]. For sample 3, one can also observed the first order phase transition with 
even higher values of isa/a = 0.22 % and Tc = 252 K (figure 3 and table I). 

Temperature dependence of the lattice parameter for sample 3 reveals two other distinct 
anomalies, at To « 155 K and Tg ~ 95 K, which may associate with the beginning and completion 
of the freezing of molecular rotation (formation of the orientational glass). These features 
together with their relationships with the structural characteristics of the films will be discussed 
elsewhere. 

It should be noted that the observed values of Aa/a and Tc for our thin films are lower than 
those published for Ceo bulk samples (table I). Furthermore, we have demonstrated a gradual 
reduction in the Aa/a and Tc values with decrease of grain sizes in the Ceo films. For sample 3, 
with worst structural characteristics, we observed a broadening of the phase transition 
temperature range (phase transition of a second degree). This may be due to a relatively high 
density of crystalline defects (including grain boundaries), strains and impurities in Ceo thin films 
(in comparison with single crystals) and/or the presence of anisotropic crystallites with oriented 
grain boundaries. The latter originate from the strong texture of our films. Defects of crystalline 
structure of solid Ceo [9], impurities [9-11], strains [12], or an increased surface/volume ratio [13- 
14] have been demonstrated to result in a reduction of Tc up to 25 K. The first two factors are 
known to lead also to a broadening of the phase transition temperature range (phase transition of 
a second degree) or even to suppress the phase transition [10,14]. 
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Figure 1. Results of XRD measurements of the lattice parameter for sample 1. 



Figure 2. Results of two sets of XRD measurements of the lattice parameter for sam 
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Figure 3. Results of XRD measurements of the lattice parameter for sample 3. 


Given the large size of the interstitial sites in the Ceo crystal (the corresponding voids are 
more than 4 A in diameter) molecular oxygen from air is known to diffuse readily into this solid 
even at room temperature [15]. We revealed that post-grown exposure of our films to air leads to 
an increase in their oxygen content [16] and, in turn, to reduction in the Aa/a and Tc values. 
Exposure of the Ceo films to air during 10 months was found to suppress any first order and even 
second order phase transition in the samples [17]. However, annealing of the samples at 150”C 
in vacuum for 2 hours may restore the as-grown structural characteristics of the films and the 
phase transition parameters. We explain this effect by an effusion of oxygen during the 
annealing. 


CONCLUSIONS 

A systematic study of the effect of crystalline structure and impurity content in Ceo films on their 
behavior near the fcc/sc disorder/order phase transition have been performed by the temperature- 
resolved X-ray diffraction measurements. Decrease of grain sizes in the films was found to result 
in a gradual reduction in the discontinuity in lattice parameter and the transition temperature. 
Increase in impurity (oxygen) content in the films led to the same result and even suppressed the 
phase transition. 
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ABSTRACT 

In order to utilise the full potential of carbon nanotubes/nanofibers, it is necessary to be 
able to synthesize well aligned nanotubes/nanofibres at desired locations on a substrate. This 
paper examines the preferential growth of aligned carbon nanofibres by PECVD using 
lithographically patterned catalysts. In the PECVD deposition process, amorphous carbon is 
deposited together with the nanotubes due to the plasma decomposition of the carbon feed gas, in 
this case, acetylene. The challenge is to uniformly nucleate nanotubes and reduce the unwanted 
amorphous carbon on both the patterned and unpattemed areas. An etching gas (ammonia) is 
thus also incorporated into the PECVD process and by appropriately balancing the acetylene to 
ammonia ratio, conditions are obtained where no unwanted amorphous carbon is deposited. In 
this paper, we demonstrate high yield, uniform, 'clean* and preferential growth of vertically 
aligned nanotubes using PECVD. 

INTRODUCTION 

There has been considerable interest in the application of nanotubes in nanoelectronic 
devices [1-4], scanning probes [5-7], field emission sources [8-10] and supercapacitors [11]. The 
common techniques of depositing nanotubes include high pressure arcs, laser ablation and 
chemical vapour deposition (CVD) [12-18]. Unlike the former two deposition methods, CVD 
synthesis provides controlled, in-situ growth of nanotubes on substrates. 

The growth mechanism of carbon nanotubes by CVD is driven by the decomposition of a 
hydrocarbon gas using a suitable catalyst, the dissolution of carbon in the catalyst and the 
precipitation of graphitic, tubular carbon from the catalyst. Arrays of‘spaghetti-like’ nanotubes 
and aligned carbon nanotubes have been deposited using various types of CVD [19-22]. It has 
also been reported recently that PECVD processes induce alignment of the nanotubes due to the 
electric field inherent in the plasma discharge [18,19,21,23]. 

Patterned growth of nanotubes is achieved by lithographically defining the catalyst areas 
before nanotube growth. The key requirements for the patterned growth of nanotubes are yield, 
uniformity and the elimination of unwanted carbonaceous by-products from the deposition 
process. These requirements are investigated in this paper and we demonstrate uniform 
preferential growth of aligned nanotubes using PECVD of acetylene and ammonia gases at 
700°C. 
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EXPERIMENTAL DETAILS 


Due to the catalytic growth nature of carbon nanotubes, it is possible to define the growth 
areas of carbon nanotubes on a substrate by pre-patteming the catalyst prior to nanotube 
deposition. The nickel catalyst used in the synthesis of carbon nanotubes was deposited onto Si 
substrates by rf-magnetron sputtering and patterned lithographically using lift off. Nickel was 
either deposited directly on Si or on a diffusion barrier material to study if the thermal diffusion 
of Ni affects the yield of nanotubes. The substrates were then transferred to a PECVD chamber 
which was evacuated to 10’^ Torr by a rotary pump. The carbon feedstock and etching gases used 
for the PECVD process were acetylene and ammonia respectively. The flow rate of ammonia 
(NH 3 ) was fixed at 200sccm and the flow rate of acetylene (C 2 H 2 ) was varied to find optimal 
deposition conditions. 

The carbon nanotube deposition process consists of 2 main stages: (1) first, the substrates 
were heated to 700°C in NH 3 and nickel nanoparticles are formed [19,23], and (2) the C 2 H 2 is 
introduced and the substrate is biased at -600V d.c. to initiate the plasma discharge for PECVD. 
The PECVD deposition time was fixed at 15 mins for all samples. The substrates were then 
observed in a Hitachi S800 Field Emission Scanning Electron Microscope. Our deposition 
process produces vertically aligned carbon nanotubes and further details can be found in [23]. 

The nanotubes produced contain structural defects and are sometimes referred to in the literature 
as nanofibers. 


Nickel 

catalyst 



Figure 1; Two stage deposition process in which (1) Ni nanoparticles are 
formed by heating the substrate to 700°C and (2) PECVD to deposit the 
carbon nanotubes. 


RESULTS AND DISCUSSION 

Poor yield of nanotubes, from 1 pm diameter dots of Ni, is observed when the nickel 
catalyst is directly deposited on the Si substrates (see Figure 1(a)). This is believed to be due to 
the thermal diffusion of Ni into Si to form NiSix at temperatures above 300°C. Thus, the Ni is no 
longer ‘active’ to act as catalytic nucleation centers for the growth of nanotubes. The deposition 
yield of carbon nanotubes is significantly improved by depositing a diffusion bamer layer 
between the Ni catalyst and the Si substrate. Typical diffusion barrier materials are Si 02 and TiN 
[24]. When the substrate is heated to 700°C, the Ni film breaks up and forms nanoparticles on 
the diffusion barrier as shown in Figure 1(b). These Ni nanoparticles remain ‘active’ on the 
diffusion barrier for the nucleation of nanotubes and a high yield of nanotubes from 1 pm dots of 
Ni is obtained after the PECVD process as shown in Figure 1(c). 
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Figure 1(a). Poor yield of 
nanotubes is observed when Ni 
catalyst is deposited directly on 
Si. This is due to the thermal 
diffusion of Ni into Si which 
renders most of the Ni ‘inactive’. 


Figure 1(b). Ni nanoparticles 
are formed on a TiN diffusion 
barrier when the substrate is 
heated at 700°C. These nano¬ 
particles are ‘active’ for 
catalytic nanotube grov/th. 


Figure 1(c). High yield of 
nanotubes is obtained 
from 1 pm Ni dots on the 
diffusion barrier after 
PECVD of acetylene and 
ammonia at 700°C. 


A by-product from the PECVD deposition of nanotubes is amorphous carbon (a-C). 
Unlike nanotube growth which occurs only at catalyst sites, a-C is formed by the plasma 
decomposition of the C 2 H 2 gas and thus is deposited all over the substrate. The role of NH 3 in the 
plasma is to etch away the a-C as it is being deposited. Keeping the NH 3 flow rate fixed at 
200 sccm, the C 2 H 2 flow rate was varied in a series of depositions to determine the optimal 
conditions at which no a-C remains on the substrate. The thickness of surface a-C was 
determined using a combination of cross sectional SEM and depth resolved Auger Electron 
Spectroscopy [25] and the results are plotted in Figure 2. Deposition gas ratios of 15% and 20% 
C 2 H 2 :NH 3 do not produce amorphous carbon on the substrate. 



10 20 30 40 50 60 70 80 


C2H2 deposition ratio (%) 

Figure 2. Plot of a-C thickness against C 2 H 2 :NH 3 ratio [25]. 








For depositions performed under a low concentration C 2 H 2 (ie. high NH 3 ), anisotropic 
etching of the Si substrate in the unpattemed areas is observed as shown in Figure 3(a). For a 
high C 2 H 2 ratio of 75%, we observe a thick a-C film covering both the nanotube and unpattemed 
areas as shown in Figure 3(b). The growth of the a-C proceeds in a columnar-like fashion and is 
800nm in thickness as shown in Figure 3(c). Depositions performed using a 20% C 2 H 2 ratio do 
not exhibit etching of the Si substrate nor have a surface a-C layer. 



Figure 3(a). Using a C 2 H 2 
ratio of 15%, etching of the 
unpattemed Si areas is 
observed. 


Figure 3(b). Using a C 2 H 2 
ratio of 75%, thick a-C 
covers both the nanotube 
(left) and unpattemed areas 
(right). 


Figure 3(c). The thickness of the 
a-C layer is 800nm measured by 
cross-sectional SEM. The a-C 
grows in a columnar-like 
stmcture. 



Figure 4(a). Uniform preferential growth of 
carbon nanotubes achieved by patterning the 
initial Ni catalyst by optical lithography. 


Figure 4(b), 25pm box of nanotubes 
produced using Ni catalyst patterned by 
optical lithography. 
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Uniform, patterned arrays of vertically aligned nanotubes have been deposited using the 
optimal deposition gas ratio of 20% C 2 H 2 :NH 3 . The patterned Ni catalyst areas of Figure 4 were 
prepared using optical lithography. When the patterned Ni features are reduced to -lOOnm using 
ebeam lithography, the nickel film forms only 1 nanoparticle when annealed at 700°C. Hence, it 
is possible to nucleate single nanotubes at precise locations as demonstrated in Figure 5. 



Figure 5(a). Grid lines of 
nanotubes produced using lOOnm 
lines of Ni patterned using ebeam 
lithography. 


Figure 5(b). Precise placement of nanotubes is 
demonstrated using the MRS Spring 2001 logo. The 
logo was produced using lOOnm nickel dots patterned 
using ebeam lithography. 


CONCLUSIONS 

Preferential deposition of vertically aligned carbon nanotubes using lithographically 
patterned Ni catalyst has been achieved using PECVD of C 2 H 2 and NH 3 at 700°C. The two step 
growth process consists of Ni forming nanoparticles at 700°C and then PECVD to deposit the 
nanotubes. Nanotube yield is significantly improved by the use of a diffusion barrier to prevent 
the diffusion ofNi into Si. The PECVD gas ratio of 20% C 2 H 2 :NH 3 elminates unwanted a-C 
from the deposition process. These are the conditions necessary to produce high yield, uniform, 
‘clean’ and selective/preferential growth of vertically aliped nanotubes. 
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Designability of Graphitic Cones 
M. M. J. Treacy and J. Kilian 

NEC Research Institute, Inc. 4 Independence Way, Princeton, NJ 08540-6685, USA 


ABSTRACT 

We show that, with topologically flexible seeds which are allowed to explore different 
growth modes, graphitic cones are inherently more “designable” than flat graphitic disks. The 
designability of a structure is the number of seed topologies encoding that structure. 

We illustrate designability with a simple model, where graphite grows onto C„ (5<n<30) ring 
seeds. For a wide range of ring sizes, cones are the most likely topological outcome. Results 
from the model agree well with data from special cone-rich carbon black samples. 

The concept of designability allows entropy to be incorporated into the “pentagon road” 
model of the formation of curved graphitic structures. 


INTRODUCTION 

Recently, Krishnan et al. (1997) [1] reported a new carbon black material, made by Kvaemer 
Engineering a.s. Norway in a proprietary industrial process that involved the pyrolysis of 
methane in a plasma torch. Transmission electron microscopy (TEM) showed that the sample 
(designated KVR) contained high concentrations of multilayer graphitic disks, cones and tubes. 
Cones had been sighted before in carbon black [2], but not in the quantity and variety exhibited 
by KVR. Five distinct cone angles were observed, each corresponding to the inclusion of a 
disclination of order l<m<5. The measured cone angles, 0, were found to correspond closely to 
the predicted values 0=2sin"’(l-»j/6). Although graphitic disks dominated the sample, among the 
cones the medium-angle 60® (m=3) and 38.9° (m=4) cones occurred most frequently. 

From an energetics viewpoint, the small-angled cones (those with the sharpest cone points 
and largest m value) should have the highest elastic strain energy per carbon atom, particularly 
near the tip area where cone wall curvature is high. Furthermore, there is an additional energy 
penalty for forming the tip structure, which must enclose one or more disclinations. Although 
pentagon inclusion probably costs the least energy on forming the core of the disclination, defect 
structures with dangling bonds and different ring sizes are also possible. From consideration of 
the enthalpy of formation alone, the disk topology with no strain and no pentagons, must be the 
lowest energy form, and the 19.2° (w=5) cone and the cylinder (m=6) must be the highest energy 
forms, and therefore the rarest. An enthalpy argument would predict, in terms of 6 values, the 
order of likelihood to be 180° > 112.9° > 83.6° > 60° > 38.9° > 19.2° > 0°. TEM shows, 
however, that the 180° disks, and the 60° and 38.9° cones dominate the KVR sample. 

The reason must lie with the differences in Gibb's free energy, AGy = A7/y - TA^y. As usual, 
A7/y is the enthalpy of formation when a chemical system transforms from state i to state j, and T 
is the temperature at which the transformation occurs. The entropy change AS/,- is a measure of 
the number of reaction pathways available to system i that can lead to product j. If a chemical 
system i is inundated with opportunities to form a higher enthalpy product j, then entropy can 
dominate the rate of product formation. 
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m = 6 

Figure 1: Illustration showing how to construct the five cones and a cylinder from a hexagonal 
graphite sheet. Multiples of 60° segments are systematically removed, and dangling bonds are re¬ 
connected. Each cone can be characterized by the number m of 60°segments that are removed, m 
is also known as the disclination number. m= 1,2,3,4,5 correspond to true cones. The m=0 planar 
sheet, and the w=6 cylinder are considered here to be end-members of the family of cones. 

In this paper we present in more detail an entropy argument, first outlined in Krishnan et al. 
(1997) [1], that explains the observed cone distribution. For simplicity, we focus the discussion 
on monocyclic hydrocarbon rings as model nuclei for graphitic growth. We count the number of 
ways in which a carbon C„ ring can be embedded into a conical structure so as to circumscribe 
the cone tip. This count is the “designability” of the structure [3]. We show that C„ rings (n>5, 
ni=^6) encode conical graphitic structures more prolifically than they do planar graphitic sheets. 
With topologically flexible seeds, cones are highly designable relative to planar graphite. 

STRUCTURE OF GRAPHITE CONES 

To date, there have been several theoretical papers discussing cone topologies [4, 5]. The 
conical shape arises naturally when 60° segments are cut out of a planar graphite sheet, and the 
severed edges of the segment are rejoined. A maximum of six 60° segments can be removed. 
Figure 1 shows how this process works. The removal of one to five 60° segments, followed by 
the physical connection of reference points A to A', and B to B', results in five distinct types of 
cone, the tips of which are girdled by a continuous curved hexagonal framework. Topologically, 
the removal of six 60° segments does not necessarily lead to the removal of all atoms; it is 
equivalent to a chain of atoms, which when connected end to end, produce a ring. The stacking 
of identical rings generates a cylinder. The cylinder and disk are the topological end-members of 
a seven-membered family of cones. The removal (or addition) of 60° segments in a planar lattice 
introduces defects known as disclinations. Cone topologies are differentiated by referring to the 
number of 60° segments that are removed. This is the disclination number m. For all carbon 
atoms to be 3-connected, cone tips must incorporate ring sizes other than 6-rings. Such rings 
introduce curvature into a framework, resulting in rounded cone tips. Pentagons can be 
sufficiently isolated so that, locally, each pentagon appears to be a part of an /«=! (112.9°) cone. 
Pentagons cannot be arbitrarily close to each other. The isolated pentagon rule (or IPR), which 
applies to structures formed entirely from 5- and 6-rings, stipulates that each pentagon must be 
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Figure 2: The six topologically distinct open-ring Cis circuits that occur in m=0 graphite. They 
can be represented by cyclic binary sequences, with 1 representing a bond “inwards” and 0 a 
bond “outwards”, (c) and (d) are mirror images. There are 18 cyclic permutations of each ring 
type, giving a total of 108 permutations. Cross-linked modes are excluded in this example. 

completely surrounded by hexagons. This rule can be justified by simple chemical arguments - 
the extent of sp^ re-hybridization (in other words, the non-coplanarity of the central atom with its 
three bonds) must be minimized at each carbon atom. 

Pentagons are generally considered to be the preferred “defect” ring size in hexagonal sp^- 
hybridized networks, as evidenced by their abundance in the Fullerenes. The disclination 
parameter m is then equal to the number of pentagons required to form the cone tip. 

CARBON #i-RING MODES 

Consider a closed Cis circuit in a graphite sheet. Six distinct open-ring topologies are 
possible (Fig. 2), presenting a total of 6x18=108 cyclic configurations. A convenient method of 
describing these circuits in planar graphite is to label the one free bond at each carbon that 
extends from the ring. An outward-facing bond is assigned the label “0”, and an inward-facing 
bond the label “1”. These sequences can be permuted cyclically, anti-cyclically or mirrored 
without changing the topology (except for the handedness - for example Figs 2c and 2d). 

Upon removing these 18-carbon circuits from their graphite matrix, the “1” and “0” bonds 
become dangling bonds and are free to move. In fact, the ring is free to change shape. 
Chemically, such a ring is free to adopt one of a huge number of distinct chemical structures 
based on permutations of single, double or triple bonds. We ignore such distinctions, since 
topologically the rings are identical once they are embedded in graphite. For a cone or cylinder, 
the distinction between a “0” and a “1” becomes clear by executing a clockwise path along the 
circuit, beginning at any atom. An atom is assigned “0” when the sense of the bond rotation in 
the ring is clockwise, and “1” when the rotation is counterclockwise. 

The rules for growing a closed annulus of graphite onto the perimeter of a carbon ring (or 
circuit) are easily derived. For planar graphite formation, the outer circuit of the graphitic 
annulus contains 12 additional atoms. In general, for a disclination of order m, the relationship 
between the size nk of the inner, and size nk+\ of the outer, circuits of the graphitic annulus is 
nk+\-nk=\2-2m. The number of inward-pointing bonds 4 is related to the number of outward¬ 
pointing bonds Oyt by oa: - 4 = 6 - ffz, with ka = oa + 4- There are 2" binary representations of a C„ 
ring. This number is greatly reduced by the constraints on oa - 4- By examining the binary form 
of all integers between 0 and 2"-l, w-values can be obtained from /w=6+4-oa. A further 
constraint is that atoms may not collide, disallowing modes with more than five consecutive I's 
or O's. This last constraint greatly complicates the problem of enumerating valid rings. Here, we 
are interested only in 0<m<6 {i.e. cones), although other interesting m values also occur, such as 
saddles (w<0), closed shells such as buckyballs and nanotubes (/«=12), and helicoids w>6. 
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Figure 3: a) A flexible hydrocarbon ring, b) and c) are two growth modes of graphite 
onto the outside of the ring, each producing an m=2 disclination. Pentagons have yet to appear, 
yet the disclination is essentially fixed, d) Cross-linking in a C,8 ring. Internal linkages “1” can 
not create an odd number of pentagons. Outside linkages “0” can. 


Figures 3b and 3c show two of the 16,812 possible ways that 6-rings can be added to a Cig 
ring to form a graphitic annulus corresponding to an m=2 cone. In each instance, the tip structure 
is not yet resolved, and pentagons have not yet been formed. However, the enclosed disclination 
is now fixed because the stiffened annulus has already lost many of its conformational degrees of 
freedom. The stiffened seed is now committed to a particular value of m. Tip closure, with 
pentagon creation, will occur early in the growth stage, but after nucleation of the disclination. 

Table 1 lists the number of unique degrees of freedom available to an open «-ring (5<n<30) 
for each of the seven disclinations, 0<w<6. We assume that a minimum ring size is required for 
each disclination. 6, 5, 12, 15,18, 19 and 18 are the minimum circuit sizes that can circumscribe 
m=0 to 6 unconnected pentagons in a manner consistent with the isolated pentagon rule. 

The Table shows that for the smallest open ring sizes, n, small w-values are favored. In this 


m 

n 

0 

1 

2 

3 

4 

5 

6 

5 

0 

1 

0 

0 

0 

0 

0 

6 

1 

0 

0 

0 

0 

0 

0 

7 

0 

3 

0 

0 

0 

0 

0 

8 

0 

0 

0 

0 

0 

0 

0 

9 

0 

14 

0 

0 

0 

0 

0 

10 

0 

0 

0 

0 

0 

0 

0 

11 

0 

56 

0 

0 

0 

0 

0 

12 

4 

0 

217 

0 

0 

0 

0 

13 

0 

203 

0 

0 

0 

0 

0 

14 

7 

0 

738 

0 

0 

0 

0 

15 

0 

724 

0 

2,141 

0 

0 

0 

16 

16 

0 

2,500 

0 

0 

0 

0 

17 

0 

2,532 

0 

7,076 

0 

0 

0 

18 

108 

0 

16,812 

0 

34,588 

0 

182 

19 

0 

17,396 

0 

46,496 

0 

73,878 

0 

20 

280 

0 

55,984 

0 

112,120 

0 

5,606 

21 

0 

59,170 

0 

152,214 

0 

237,950 

0 

22 

792 

0 

185,548 

0 

362,988 

0 

48,980 

23 

0 

199,524 

0 

496,918 

0 

766,018 

0 

24 

2,272 

0 

612,198 

0 

1,173,640 

0 

257,988 

25 

0 

668,266 

0 

1,618,324 

0 

2,464,636 

0 

26 

6,578 

0 

2,012,520 

0 

3,790,538 

0 

1,090,656 

27 

0 

2,225,998 

0 

5,260,062 

0 

7,925,938 

0 

28 

19,040 

0 

6,595,974 

0 

12,230,748 

0 

4,142,762 

29 

0 

7,381,624 

0 

17,068,368 

0 

25,476,758 

0 

30 

55,750 

0 

21,563,852 

0 

39,431,494 

0 

14,902,092 


Table 1: The number of modes of an open carbon ring of n atoms that correspond to a 
disclination of order 0<m<6. «-rings are not necessarily enclosing pentagons at this stage. Tip 
restructuring can occur after the disclination is committed during the growth phase. 
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open ring model, even-numbered rings n can only nucleate even-numbered disclinations m. 
Conversely, odd-numbered rings can only nucleate odd-numbered disclinations. With increasing 
n («<17), the degrees of freedom are maximum for the /n = 1, 2, 3 disclination values. For «>18, 
the distribution peaks for m>3. 

The Table also shows that large, topologically flexible, carbon rings favor the nucleation of 
cones rather than sheets. Cones with higher enthalpies of formation are favored because the 
Gibbs free energy is reduced by the increase in entropy associated with the large number of 
growth modes that encode cones. 

More sophisticated ring-counting techniques allow us to count cross-linked modes more 
efficiently. There is no room here to describe our algorithm or results. The most significant result 
is that cross-linking of “ 0 ” bonds permits even n-rings to create odd-w disclinations, and vice- 
versa (e.g. Fig 3d). The inclusion of cross-linked seeds does not change significantly the relative 
distribution of modes given in Table 1. 

Data on the KVR sample [1] reveal a bimodal distribution of cones, with a broad peak in the 
m=2,3,4 region, and a dominant peak at /«=0, the planar graphitic disks. Cylinders (m= 6 ) occur 
relatively infrequently. This distribution could be explained by the presence of a relatively dilute 
coneentration of C„ rings in an abundant supply of graphitic carbon building units (i.e. C 
monomers, C 2 dimers etc). Self-assembly of the smaller carbon building units will inevitably 
favor the formation of graphite, which is the lowest energy state for sp^ carbon. This growth 
mode should produce prolific quantities of graphitic sheets. A secondary growth mode involves 
the accretion of the smaller carbon building units onto the C„ rings. This latter growth mode 
clearly favors cones when n<30. There is a third possible growth mode where rings collide with 
rings. This would be equivalent to the ring-stacking model of Wakabayashi and Achiba (1992) 
[ 6 ]. However, if monocyclic rings are dilute, this growth mode will not dominate. 

The spheroidal particles commonly found in carbon black are suppressed in the KVR sample. 
This may be because their seeds are rapidly consumed by cone production. Ebbesen [7] has 
pointed out that the growth phase is probably much more rapid than the nucleation phase, since 
seed formation is a slow and difficult process. A high purity and yield of cones can occur if the 
carbon vapor/plasma is presented with ready-made flexible seeds or nuclei that possess many 
topological degrees of freedom. Unfortunately, the KVR synthesis conditions are unknown. 

Clearly, there may be more than one nucleation mechanism present. 5-rings, as well as 6 - 
rings and the larger «-rings, are likely to be present in the plasma/vapor. 5-rings, when present at 
high concentration, could accrete to form cup-like structures. The KVR sample does show some 
m-2 cones in which pentagons are separated by distances more than a micron, implying that two 
w=l cones have merged. However, accretion alone can not so clearly explain the observed 
distribution of angles in cones with relatively sharp tips {le. pentagons closely spaced). 

Figure 3 shows the distribution in m-values for Gaussian distributions of seed ring sizes, 



Figure 4: Distributions of m values resulting when a graphite-forming system is seeding with 
Gaussian distributions of monocyclic carbon rings, peaked at C, 2 , Cir and C 24 rings respectively. 
The standard deviation is o; = 3 in each case. 
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<n>=12,18 and 24, with a,, = 3 in each case. Each distribution strongly favors cones, 1< m <5, 
with the peak shifting to higher m as <n> increases. A histogram for <«>=20, (J„ = 3 (not shown), 
which peaks at m=3, is qualitatively similar to that observed for the KVR sample. 

There is negligible production of m=0 disks in these histograms. As explained above, disks 
can be formed in a separate nucleation process, with no large rings necessarily involved. 

The validity of the designability argument does not rely on the assumption that monocyclic 
carbon rings are the seeds. Any flexible seed that is allowed to explore its topological degrees of 
freedom may suffice. We note that similar “designability” arguments, applied to peptide chains, 
have been used to explain the thermodynamic stability of certain folded protein structures [3]. 

The m<0 hyperboloidal structures, with negative Gaussian curvature, are not observed in the 
KVR sample, even though they are abundantly present as potential C„ ring modes. This appears 
to argue against carbon rings as seeds - they are too flexible. However, it is possible that thermal 
vibrations will destroy hyperboloidal structures, once seeded. In cones, thermal vibrations will 
resemble bell modes with the highest stresses near the open cone rim. The cone tip will not be 
subjected to large stresses. However, in saddle-shaped hyperboloids, the dominant vibration 
modes will be the “clapping”, or “butterfly wing”, modes. Such vibrations may subject the high 
curvature cores of the disclinations to large tensile stresses, ripping such hyperboloids apart. In 
addition, the more steeply inclined -6<m<-4 structures may cross-link at their open rims 
(literally clapped shut), leaving an unrecognizable mass. The m>0 cones are expected to be 
relatively stable to thermal vibrations, which may explain their survival in the KVR sample. 

A consequence of our designability model is that pentagon creation becomes a structural 
tidying-up step that happens after the disclination is committed. In the “pentagon road” model 
[8], pentagons are formed in seed structures in order to eliminate high-energy dangling bonds, 
and as an annealing mechanism to reduce the overall energy of the structure. In that model, the 
creation of the pentagon implies the creation of the disclination. The designability argument and 
the pentagon road model are not in conflict. The designability mechanism implicitly refers to an 
earlier instant in the seed’s existence, when it still possesses topological degrees of freedom. 
Disclinations are inherently present as conformational modes, but are not yet committed. 
Pentagons have yet to be formed. In a topologically flexible seed the pentagons appear “along 
the road”, rather than at the beginning. The number of pentagons in the later seed structure is 
predetermined by the mode committed to by the seed at an earlier stage of growth. 

The pentagon road model provides a mechanism for minimizing the enthalpy of seed 
structures. By incorporating the concept of designability, the pentagon road model can be 
extended to include entropy, which drives the emergence of preferred graphitic structures. 
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Abstract. A novel mechanism of SWNT nucleation is considered in oppose to an existing model. 
The latter model based on the formation of a hemispherical carbon bowl nucleus has no correct de¬ 
scription within the thermodynamics and kinetics of the nucleation process. The new mechanism 
can explain the prevalent formation of [10,10] armchair nanotube on the base of the continuum 
graphene energetics. 


INTRODUCTION 

It is intriguing that, despite of the years of experimental study and theoretical 
modeling, the formation of single wall nanotubes (SWNTs) is not fully explained. The 
SWNT nucleation is one of important questions to the theory because the subsequent 
growth of the nucleus can not change its helicity or radius. I consider the SWNT growth to 
be driven by kinetics, which means that as-formed nucleus enlarges and becomes 
energetically metastable (or even unstable) but its transformation to the minimum energy 
configuration is ’’frozen” at the typical synthesis conditions: temperature, growth rate, 
density and entangled structure of raw material etc. For the quasi-equilibrium conditions 
of this second stage of the synthesis (stage of enlargement of the nucleus), the change of 
the SWNT radius and chirality costs the energy of defect formation which is about several 
eV. Therefore, the prevalent nucleus radius and chirality and the degree of perfection are 
likely to define the properties of most abundant SWNTs. Hence, the nucleation model is 
the key point of the growth theory. 

The first part of the paper deals with the nucleation starting with a hemispherical 
bowl. I will demonstrate that it is seldom event, basing on the growth thermodynamics 
and using simple kinetics arguments. The main reason is that the creation of pentagons in 
the graphene lattice costs a large energy. This will suppress at some extent the scrolling of 
the graphite-like cluster at the number of carbon atoms as low as 250. Moreover, the 
slightly curved lattice is unstable to the further scrolling into a complete sphere which is 
the dead end of the SWNT nucleus evolution. 

An anisotropy of the SWNT growth is puzzling in view of the discussed formation 
route to the cylinder shell from the isotropic or even amorphous graphene. A novel model, 
proposed recently in Ref. [1], naturally explains the nucleation of ID directed structure. 
The natural generatrix for the formation process is given by the edge of graphite layers. 
The most stable is the zigzag [1000] edge of graphite. The most probable is the formation 
of [0110] (armchair) nucleus making the right angle to this edge. 

Thermodynamics of the edge zipping shows that the optimal diameter of a cylindrical 
nucleus is about 15 A given by the ratio of the elastic energy to the van der Waals 
interaction. Both energies are known for the graphite. The nucleus length depends on the 
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quality of the graphene material owing to the detaching of the sleeve is likely to liappen if 
the nucleating cylinder meets sp^ lattice defect interconnecting two adjacent layers of 
graphite [2]. Of course, the catalyst free miclcation model presented here has to be viewed 
as ail initial sti'p to the full description of the SWNT formation mechanism. However, even 
this simple theory helps to understand the large yield of armchair [10,10] SWNTs observed 
cx])erimentally [3]. 


HEMISPHERE NUCLEATION MODEL 

The symmetry of the muileus dc^fines the symmetry of the whole tube if the growth is 
more or lovss equilibrium which is sine qua non condition of the synthesis of the perfect 
defect,less SWNT. One of the earlier models [4] presumes that the grov4;h starts from a 
iKunispherical bowl nucleus which serves as a proper seed for the grovdh of capped SWNT 
with the radius and chirality determined by an open edge of the bowl embryo. The 
chirality, in turn, mainly depends on the positioning of pentagons within the bowl. How 
can the model explain the prevalent formation of [10,10] SWNT? The bowl has to have 
exactly armchair perimeter of the C 120 hemisphere. 

The bowl nucleation mechanism requires following conditions; (i) the probability of 
scrolling into (hemi )s]diere must be large for the number of atoms N < No {No is the 
prerequisite size of the bowl seed); (ii) the first pentagon has to lie in the center of the 
carbon flake precursor and other five pentagons must be placed from the first at the same 
radial distance equal to 2ttR/5 (= four atoms for [10,10] SWNT) and at the angles 27r/5 to 
form th(i concretes armchair configuration, {Hi) then the pentagon creation has to be 
completely suppressed for N > No (that will forc^e cylinder to grow row by row and 
hexagon by hexagon without eventual domt^ (dosing). 

Let us consider the first assumption of the Bowl Nucleation Model (BNM). I discussed 
earlier [5,G] that the probability for scrolling of the planar graphite flake into the sphere 
fragment depends substantially on the number of atoms in the cluster. The scrolling is, in 
general, favored by the energetics of formation. That is the energy of a planar cluster 
decreases with decreasing perimeter (and increasing curvature) and reaches a minimum at 
the spherical geometry. Thus, keeping the number of atoms, tlie annealing of the planar 
fragment should result in the sphere closing. However, the scrolling probability has an 
exponential temperature dependence because the process has a scrolling energy barrier for 
the number of atoms N < Nn,. Here Nu,. is the characteristic cluster size which I calculated 
analytically [5] as an involute ratio of the spherical cluster formation energy to the 
dangling carbon bond (uierg}^. The ratio reflects that this scrolling barrier is owing to the 
competition between (A) the energy gain due to the creation of the first pentagon 
((corresponding energy ~ 1.5 eV) and the elastic stress following that and (B) the energy 
loss due to the deci'case of the open perimeter and the closing of dangling bonds (DBs). 
The total DB energy (single bond energy ~ 2.4 eV) is still smaller than the pentagon 
energy until the cluster size becomes larger than Nih ~ 250 for some reasonable model 
parameters (see Ref. [7] for explanation of the parametrisation). The scrolling process 
phase diagram is shown in Fig.l. The gray shaded area is the region of metastable flat 
clusters. The metastable cluster has an energy barrier for the scrolling into the bowl {i.e. 
it has the energy hill when increasing the number of pentagons). It prevents the formation 
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FIGURE 1. The phase diagram of the scrolling process (the contour map of the formation energy). The 
darker the color, the lower the cluster energy. The axes of the diagram give the total number of atoms and 
number of pentagons of the cluster. Some examples of these clusters are sketched. The gray shaded area 
divided from the rest energy map is the region of the metastabie flat clusters. The cluster from this area 
has an energy barrier to scroll into the sphere. 

of the bowl nuclei for the SWNTs of interesting radius 3-4A< R <10A. The size of the 
bowl nucleus for [10,10] SWNT is within the inetastability region: N — 120 < Nth- 

The BNM supposition (m) is also controvertible. The pentagon creation is probable at 
the perimeter (through a fluctuation oi s — p carbon atom arrangement at the open edge) 
rather than somewhere deep inside the flake lattice. The central defect creation needs a 
large permutation of atoms (akin a high-temperature annealing of cluster). The initial 
edge position of the first pentagon is likely random. The final optimum position with the 
minimum energy is in the flake center [6]. Therefore, the creation is followed by the 
pentagon drift diffusion [8] to produce stage (ii) of the model. During this diffusion the 
pentagon -heptagon pair radiation happens at each step, which I name an ” ice-breaking” 
mechanism [9]. These defects can slide [10] to the perimeter and recombine there. For the 
small enough cluster the creation of the next pentagon will (anti-)correlate with the 
position of the first one. The complicated nature of the pentagon creation shows that the 
formation of highly symmetrical stage (ii) is seldom. Although, this configuration has to be 
energetically stable. 

Let us return to the condition {Hi). Even if an armchair like bowl yields, in order to 
grow SWNT from this nucleus the further scrolling (pentagon creation) has to stop while 
the same flow of carbon atoms arrives at the open edge. It is not supported by the energy 
consideration because there is no stable point in the energy landscape of the scrolling 
process at the pentagon number of six (bowl): at the fixed number of atoms the global 
minimum is at 12 pentagons (sphere) and the local minimum (for N < Nth) is at 0 (planar 
flake) and there is no local minimum at all if > Nth- While the carbon cluster overcomes 
the barrier (if any) to curve, it will completely scroll and will form a sphere [5,6,11]. 

Concluding, during the BNM nucleation one needs quite special conditions which are 
difficult to satisfy simultaneously. Therefore, the non-catalytic formation of a perfect 
armchair NT from hemispherical bowl nucleus occurs seldom if ever. 
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FIGURE 2. Sclieme of the zipping off of SWNT from the graphite edge. From left to right: the closing of 
DBs (1-2) results in the bubbling of the sleeve (2 -3-4) and consecutive tearing off of SWNT nucleus (4 -5). 
Th(; process may rojicat producing bunched tubes due to van dor Waals cohesion of the detached nuclei. 


ZIPPING MECHANISM 


The SWNT niicleation mechanism employing the creation of pentagons is contestable 
theoretically and has no direct experimental verification. That led us to propose the model 
for the formation of cylindrical nucleus from the edge of graphene [1]. The model has a 
benefit as it does not suffer from the well known [12] problem of the dome-closing. 
Moreover, the new model explains qualitatively the chirality of the most abundant [10,10] 
NT and quantitatively describes its (optimum) radius R ~ 7A. The carbon edge brings an 
natural anisotropy into the model, which unriddles why the cluster do()s not start to grow 
as a spheroidal srf. The iterated zipping off of the tube nucleus from the edge and the 
(X)nsccutive van der Waals gluing of those could explain the rope formation. 

The zipping mechanism (as shown in Fig.2) starts with the closing of two graphene 
sheet edges (stage 1 of Fig.2). The potential energy of the closed edge (stage 2) is high 
because of the large strain. In order to relax the lattice and decrease the stress one needs 
to increase the radius of curvature. This forms a cylindrical sleeve along the closed edge 
(stage 3). The sleeve radius increases until the optimum configuration is reached (stage 4). 
The optimal radius is analytically given by the ratio of the elastic strain energy (which is 
proportional to the square of the sleeve curvature) and the van der Waals energy. The 
latter was accumulated between graphene sheets before they formed a sleeve. The very 
wide sleeve is not favored because of the large loss of van dor Waals cohesion energy. A 
narrow sleeve concedes owing to the large curvature. 

The optimal structure has the radius about 7 A. It follows from the minimization of 
the total energy of the structure per unit length of the edge [2]. 

The system can possess additional energy owing to possible dangling bonds at the 
open edge. It is proportional to an energy of single DB: Eb ci; 2.355 eV and a DB density 
depending on the perimeter geometry. The model parameter responsible for the change of 
the DB density is a SWNT chirality. An armchair graphite edge has the maximum density 
while a zigzag edge has the minimum density. That is why the zigzag edge of graphene has 
the minimum surface energy and is the most stable configuration [13]. For an infinite sleeve 
I shall not consider DB energy. 


2) An cqiiilibrinin .shape for finite size cluster is doubtless close to round (spherical) for 2D (3D) structure. 
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The thermodynamic reason why the most stable graphite edge is the zigzag edge 
explains the helicity of prevalent [n.n] tube. The zigzag edge is zipped into an armchair 
nucleus. Then supposing that the optimum diameter is 15 A as predicted by the 
continuum theory (and supported by MD simulation) [2] the prevalent SWNT is [11,11] 
tube which is mj'" best approximation to the experimental fact of [10,10] SWNT formation. 


SUMMARY 

Tile mechanism of SWNT nucleation from the hemispherical bowl is revised and 
shown to be contestable. The new model of the pentagon free nucleation from the closed 
edge of the graphite is considered within the continuum graphene layer energetics. The 
prevalent formation of the armchair SWNTs with the diameter close to 15 A follows from 
the theory suppositions. Further study of the nucleation mechanism is required to uncover 
the catalyst role. 
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ABSTRACT 

The aligned carbon nanofibers were synthesized on Si substrates using RF magnetron 
sputtering with a hot filament. The hot filament was made of tungsten wire and its 
temperature was up to 2000°C during the deposition. Nitrogen was used as the sputter gas at 
a relatively low pressure of 2x10'^ Torr. The sputtering deposition was carried out at a 
substrate temperature of 700°C. The nanofibers were grown vertically on the substrates. The 
diameters and the density of the fibers were about 30-45 nm and 10^ cm'^, respectively. 

INTRODUCTION 

Since the carbon nanotube was discovered [1], there have been many reports study on the 
aligned carbon nanotubes [2-5]. For fundamental research and applications, the alignment of 
carbon nanotube is important, especially in cold-cathode flat panel displays, vacuum 
microelectronics, chargeable batteries, and so on [6-8]. In the application of the field 
emission displays (FEDs), the alignment of the carbon nanotubes is of great important 
because of the enhancement and uniformity of the field emission [9-11]. 

In this study, we report a novel method of formation of aligned carbon nanofibers on Ni/Si 
substrates by RF magnetron sputtering with a hot filament. The carbon nanofibers grew with 
high density and perpendicularly to the substrates. 


EXPERIMENT 

The aligned carbon nanofiber films were deposited by a hot-filament-assisted RF 
magnetron sputtering system, as shown in figure 1. P-doped n-type Si(lOO) wafers were used 
as substrates. The substrates were patterned with Ni films by electron beam evaporation. 
Moreover, the patterned Ni deposited substrates were treated by dipping in a HF solution for 
8 minutes, and then annealed at 700°C for one hour. 
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Figure 1. Schematic diagram of RF magnetron sputtering system. 


The target was a high-purity graphite (99.999%) with a 50-mm diameter. The base 
pressure of the chamber was below 5.0x 10’^ Torr evacuated by a turbo molecular pump. 
Nitrogen was flowed into the chamber to create a plasma by applying a RF power of lOOW at 
a relatively low pressure of 2.0x10'^ Torr. The films were deposited at 700°C for 3 hours. The 
hot filament, which was made of 99.95% tungsten with 0.3 mm of the diameter, was set 
between the target and substrate. The distance between the substrate and target was 5 cm, and 
the distance between the filament and substrate was 3 cm. 6 amperes of filament current was 
applied and filament temperature was about 2000° C. The characterizations of the carbon 
nanofiber films were investigated by scanning electron microscope (SEM), and X-ray 
photoelectron spectroscopy (XPS). The electron field emission property of the film was 
measured at a pressure about of 1 O'* Torr. The distance between the cathode (sample) and the 
anode was 200 ii m. The activation time for the measurement was 60 minutes. 


RESULTS 

The carbon nanofibers are perpendicular to the Ni/Si substrate surface and are uniform in 
height. The diameters of the fibers range from 30-45 nm in diameter and about 370 nm in 
length, respectively. The Ni particle is on the tip of each fiber. The density of the carbon 
nanofibers is about 8.2x10^ cm'^. 

From XPS spectrum of the film (figure 2), the peaks of binding energy of Cl s is 
approximately 284.6 eV and NI s is approximately 400eV were observed. There are not any 
tungsten peaks in the XPS spectrum. 
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Figure 2. XPS spectrum of the film reveals the peaks of binding energy of Cl s and Nls, 


The current density-electric field (J-E) characteristic of this a-C film was obtained at a 
pressure of 5.0x10’^ Torr. The J-E plot shows that the electrical field emission current reach 
as high as 1.0x10’^ A/cm^ at about 15 V/ // m. 
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Figure 3. The current density-electric field (J-E) characteristics of this a-C film. 





CONCLUSIONS 


We have successfully synthesized the well-aligned carbon nanofibers on Ni/Si substrates by 
RF magnetron sputtering system at temperature of 700°C. The diameter and length of the 
fiber are about 30-45 nm and 370 nm, respectively. The density of the carbon nanofibers can 
reach as high as 8.2x10^ cm'^. 
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ABSTRACT 

Carbon nanotubes were synthesized using several mesoporous silica templates with different 
pore sizes in order to investigate the possibility of controlling the diameter of carbon nanotubes 
by changing the pore size of the mesoporous silica. TEM observation confiimed that carbon 
nanotubes with uniform diameter can be obtained by the present method. However, it was found 
that it is difficult to prepare carbon nanotubes having diameter smaller than ^20 nm by the 
present method even if the template with small pore size is used. 


INTRODUCTION 

Owing to their new functional properties as electrode materials and hydrogen storage 
materials, carbon nanotubes attract rapidly growing attention [1]. Concerning the preparation of 
the carbon nanotubes, one of the most important problems is how to prepare nanotubes with 
desired form. Another significant problem is how to obtain such nanotubes in a large scale. 
Chemical vapor deposition (CVD) based synthesis of carbon nanotubes using an anodic 
aluminum oxide (porous alumina) membrane template is an interesting way to overcome the 
above mentioned problems [2, 3]. However, the tunable diameter of the nanotube prepared by the 
template carbonization method using porous alumina is limited to >20 nm. Furtheimore, it is not 
easy to control the pore size and the thickness of the alumina membrane simultaneously. In the 
last decade, several techniques for making highly ordered periodic mesoporous silica with pore 
sizes of 2 - 50 nm have been developed [4,5]. There are several types of pore alignment known as 
cubic, 3d-hexagonal and 2d-hexagonal. The 2d-hexagonal silica has cylindrical pores arranged in 
the honeycomb fashion. Using the ordered mesopores, nanostructured carbon materials have been 
tried to be synthesized and Jun et al.[6] succeeded in making a carbon replica of mesoporous 
silica. In the present study, we have tried to prepare carbon nanotubes using mesoporous silica by 
template carbonization method. We have investigated the possibility of controlling the diameter 
of carbon nanotubes by changing the pore size of the mesoporous silica. 


EXPERIMENTAL DETAILS 

Mesoporous silica with mesopores of 2 - 4 nm and 6 - 20 nm in diameter were synthesized in 
the presence of cetyltrimethylammmonium bromide (CTAB, Aldrich) surfactant and triblock 
poly(ethylene oxide)-poly(propylene oxide)-poly(ethylene oxide) (P(EO) 2 o-P(PO) 7 o-P(EO) 2 o) 
copolymer (Pluronic P123, BASF), respectively. Trimethylbenzene (TMB) was used as an organic 
swelling agent to enlarge the mesopore. The solution mixture was aged for 24 h at 353 - 383 K. 
Calcination was carried out by slowly raising the temperature from room temperature to 873 K. 
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CVD experiments were performed as follows. A mesoporous silica sample was evacuated in a 
SiO-i tube at 383 K for 30 min. Then the reactor was filled with nitrogen gas and the temperature 
of the reactor was raised to 1073 K. Propylene and nitrogen gases were flowed for 1 h at flow 
rates of 1.25 cm^/min and 125 cmVmin, respectively. After the reaction, the reactor was cooled to 
room temperature. The mesoporous silica with carbon deposit was washed with an excess amount 
of HF solution at room temperature so as to dissolve silica. 

The synthesized mesoporous silica and the CVD treated templates were characterized by 
XRD, N 2 adsorption-desorption isotheim measurements and TEM observation carried out on 
Rigaku R1NT2200, Shimadzu GEMINI2375 and JEOL JEM2010, respectively. 


RESULTS & DISCUSSION 

The template designation used in the present paper is given in Table I. 

The observed N 2 adsorption-desorption isotherms of the synthesized mesoporous silicas at 77 
K are shown in Figure 1 (A). The pore size distributions determined from the isotherms by 
Barretl-Joyner-Halenda (BJH) method are shown in Figure 1 (B). The peaks in the distribution 
diagrams are very sharp except for the case of template P-3. Figure 2 shows the observed XRD 
patterns of the mesoporous silicas. All the observed peaks can be indexed with hexagonal unit 
cells and it indicates that the synthesized mesoporous silicas have cylindrical pores arranged in 
the honeycomb fashion. In the case of template P-3, no diffraction peak was observed. Assuming 
that template P-3 has a hexagonal unit cell of a = 35 nm (pore size 33 nm - 1 - wall thickness 2 nm), 
the d-valucs of 100, HO and 200 diffraction peaks are greater than our XRD instrumentation limit 
(^13 nm). 


Table I. Physicochemical properties, synthesis conditions of the synthesized mesoporous 
silica templates and the yield of carbon nanotubes _ 


template 

No.^ 

TMB/surfactant 
weight ratio 

aging temp. 
(K) 

pore size^ 
(nm) 

rf(ioo) 

(nm) 

wall thickness‘s 
(nm) 

yield of 
nanotubes 

C-1 

0.0 

353 

2.1 

3.5 

1.9 

- 

C-2 

3.0 

353 

2.9 

4.4 

2.2 

- 

P-1 

0.0 

353 

6.0 

8.7 

4.1 

very low 

P-2 

0.0 

383 

9.6 

10.4 

2.4 

low 

P-3 

0.5 

353 

33.0^ 



high 


* Samples C-m and P-n were synthesized with CTAB and P123, respectively. 

^ Calculated from adsorption branch of the N 2 isotherm by BJH method. 

Calculated by ao~pore size (ao = 2d(ioo)/''/3)- 

Mean pore size observed by TEM is 20 - 30 nm. 

Figure 3 shows TEM images of silica templates P-1 and P-3. The TEM images of template 
P-1 show that the mesopores are hexagonally arranged (Figure 3 (A)) and that the cylindrical 
pores are well aligned (Figure 3 (B)). On the other hand, although cylindrical pores are also 
observed in the TEM image of template P-3, the pores are not well aligned and the distribution of 
the pore size is relatively large. The pore sizes of template P-3 observed by TEM observation are 
20 - 25 nm which is smaller than the value determined from the isotherm measurement. 
Physicochemical properties of the synthesized mesoporous silicas are summarized in Table I. 
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(A) (B) 




Figure 1. (A) N 2 adsorption-desorption isotherms for the prepared mesoporous silicas at 77 K. 
The data for (a) C-1, (b) C-2, (c) P-1, (d) P-2 and (e) P-3 are offset vertically by 0, 200, 600,1000, 
and 1400 cm^g“\ respectively. (B) Pore size distributions for templates (a) C-1, (b) C-2, (c) P-1, 
(d) P-2 and (e) P-3. 




Figure 2. XRD patterns of templates (A)-(a) C-1, (A)-(b) C-2, (B)-(a) P-1, (B)-(b) P-2 and (B)-(c) 
P-3. 


By CVD treatment, the color of the mesoporous silica changed from white to black and it 
indicates that the carbon deposition occurred on the surface of the silica. Figure 4 shows the XRD 
patterns of template P-2 before and after the CVD treatment. The ordered (hexagonal) structure of 
the mesoporous silica was maintained after the CVD treatment, although the diffraction peaks 
shifted slightly toward the higher angle side. 

No carbon nanotube was found by TEM observation in the CVD treated templates C-1 and 
C-2 after silica templates were removed with HF solution. On the other hand, carbon nanotubes 
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Figure 3. TEM images of silica templates (A) P-1, (B) P-1 and (C) P-3. (A) is recorded in the 
direction of the pore axis and (B), (C) are recorded in the direction perpendicular to the pore axis. 



Figure 4. The observed XRD patterns of template P-2 before and after CVD treatment. 


were found in the cases of templates P-1, P-2 and P-3. Although it is difficult to quantitatively 
determine the ratio of carbon nanotubes to the whole sample including amorphous carbon, the 
yields of carbon nanotubes are judged as very low, low and high for the cases of templates P-1, 
P-2 and P-3, respectively from TEM observation (Table I). The mean diameter of the carbon 
nanotubes prepared with template P-3 is ■~30 nm, and agrees well with the mean pore size of the 
template. On the other hand, the diameters of the carbon nanotubes prepared with templates P-1 
and P-2 are 10-20 nm and 15 - 25 nm, respectively, which are larger than the mean pore sizes of 
the silica templates determined from the isotherms. It is inferred that the deposition of carbon in 
small channels with diameter less than ^10 nm to form nanotubes is somehow mechanistically 
not possible, and that only those pores with larger diameters in templates P-1 and P-2 contributed 
to the formation of nanotubes. This also explains the low yield of nanotubes with templates P-1 
and P-2. It was also found by high resolution TEM observation that the wall thickness of the 
nanotubes is 3 - 5 nm and that the walls of the carbon nanotubes are not well graphitized. 
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Figure 5. TEM images of the carbon nanotubes prepared using template P-3 as a template. 
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ABSTRACT 

We report the electronic and structural properties of silicon doped carbon nanotubes 
using first principles calculations based on the density-functional theory. In the doped metallic 
nanotube a resonant state appears about 0.7 eV above the Fermi level and for the semiconductor 
tube the Si introduces an empty level at approximately 0.6 eV above the top of the valence band. 

INTRODUCTION 

The new structural form of carbon discovered by lijima in the early 1990 [1] has attracted 
the attention of several research groups due to their interesting properties from both a 
fundamental physics as well as the possible application viewpoint. Single-walled nanotubes, 
depending on their chirality and diameter, are either a one-dimensional metal or semiconductor 
[2]. The presence of semiconductor and metallic one-dimensional structures in the same family 
of materials opens up exciting possibilities of new phenomena and novel device structures. In die 
recent literature there are reports of several groups that have succeeded in synthesizing doped 
carbon tubes, using different techniques as arc discharge [3] and gas-phase pyrolisis [4]. The 
doped nanotubes can exibit dramatic changes with respect to the undoped material. Recently Ray 
et al [5] have reported the synthesis of silicon doped heterofullerenes in the carbon-rich limit, 
where the photofragmentation spectra provide a clear evidence that such clusters have Si atoms 
located in the fullerene network. These results are corroborated by ab inito calculations [6]. 

In this paper we present a study about isovalent substitutional impurities in carbon 
nanotubes. In particular, we focus on the electronic and structural properties of silicon as the 
substitutional atom. This doping, due to the different sizes between carbon and silicon atoms 
will affect locally the lattice. As is well known, silicon, as opposed to carbon, does not have the 
sp^ configuration as the most stable one [7]. As a consequence there will also be, besides the 
simple volume relaxation, a lattice distortion that may introduce a new state in the gap, leading to 
the possibility that, for instance, it can be a hole or electron trap working like an amphoteric 
deep center. Moreover, from a structural point of view, the lone orbital due to the Si-impurity 
could be a center to trap other atoms or molecules. It is important to point out that there are 
experimental realizations of Si doping on fullerenes [8,9], which suggests that it is quite possible 
to also dope carbon nanotubes with Si. In the following we present an ab initio calculation based 
on the density-functional theory addressed to understand the role played by silicon doping in 
both metallic and semiconducting nanotubes. 
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METHOD 


For our study of carbon nanotubes doped with Si we have used the SIESTA code [10], 
which performs a fully self-consistent density-functional calculation solving the standard Kohn- 
Sham (KS) equation. The KS orbitals are expanded using a linear combination of pseudo-atomic 
orbitals proposed by Sankey and Niklewski [11]. In all calculations we have used a double-zeta 
basis set with polarization function (DZP) [12], The standard norm-conserving Troullier-Martins 
pseudopotentials [13] are utilized. For the exchange and correlation term we use the local 
density approximation (LDA) [14] with the parameterization of Perdew-Zunger [15]. Our 
calculations were performed for two types of tubes, the (6,6) metallic and (10,0) semiconductor 
(diameters of 8.14 A and 7.82 A, respectively). We use periodic-boundary conditions and the 
supercell approximation, with a lateral separation of 16 A between tube centers to make sure 
that they do not interact with each other. For the ( 6 , 6 ) tube we have performed calculations using 
72 atoms in the unit cell, whereas for the (10,0) tube we have considered a unit cell with 80 
atoms. These unit cells have been used both for the doped and undoped tubes. We have used 8 
Monkhorst-Pack k-points for the Brillouin zone integrations. The structures of the doped and 
undoped tubes were obtained by minimization of total energy using the Hellmann-Feynman 
forces with Pulay-like correction. The structural optimizations were performed using a 
conjugated gradient procedure until the residual forces had values smaller than 0.05 eV/ A. In all 
systems studied we allowed the cell size to change after the incorporation of the Si atom. 


RESULTS AND DISCUSSION 

In the figure 1 we present schematically some of the Si-C and C-C relevant distances 
around the Si-atom. In Figs 1 (a) and 1 (b) we present the results for the (6,6) and (10,0) 
nanotubes, respectively. For the armchair ( 6 , 6 ) tube, the distance between a Si atom and its 
image in the next cell is 7.38 A, whereas for the zigzag (10,0) nanotube it is 8.52 A. The lengths 
of the unit cells along the tube direction had negligible changes in both cases (-0.3% for the (6,6) 
tube and 0,09% for the (10,0) tube). Observe that, concerning the three nearest-neighbors Si-C 
distances, there are two equivalent bond-lengths (Si-Ci and Si-C 2 in the figure 1), and third non¬ 
equivalent bond-length (Si-Cs in the figure 1), which is consistent with the symmetry of the 
system. These bond lengths are close to the Si-C nearest distance in SiC, which we obtained as 
1.88 A using a similar method of calculation. The C-C distances within a range of approximately 
5 A from the Si atom change by at most ± 1%. Concerning the displacements along the radial 
directions, or the bump heights, the Si atom moves upward by 0.79 A in the (6,6) tube and 0.78A 
in the (10,0) tube. In the (6,6) tube, the C 3 carbon moves upwards by 0.29 A, whereas the two 
equivalent carbon atoms Ci and C 2 move also upwards but 0.17 A. In the (10,0) on the other 
hand, the C 3 atom moves upwards by 0.1 9 A, whereas the Ci and C 2 atoms move upwards by 
0.27 A, This structural behavior for the Si in nanotubes, i.e., an outward relaxation with Si-C 
bond lengths between 1 . 7 - 1.8 A, is very similar to what is obtained for Si substitutional doping 
in fullerenes [5,6] [16], as should be expected because of the similar C-bond network in these two 
classes of systems. 
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Figure 1. Some of the relevant Si-C and C-C distances (in A) around the Si substitutional atom 
in the (a) (6,6) nanotube, and (b) (10,0) nanotube. The z-axis is chosen along the tube direction. 

Through the total energy calculation, the formation energy (Eporm) is computed using 

Eporm = E[tube + Si] - E[tube] - psi + Pc 

where E[tube + Si] is the total energy of the doped tube with Si and E[tube] is the total energy 
for the undoped case. The psi and pc are the chemical potentials for Si and C, respectively. 
The psi was calculated as the total energy per atom in the Si bulk an pc was calculated as the 
total energy per atom in the undoped tubes. The formation energy was calculated for different 
sizes of tubes, and it nicely converges to a value of approximately 3.13 eV, which is the 
formation energy for the Si in the (10,0) nanotube with 80 atoms and the (6,6) tube with 72 
atoms in the unit cells [17]. 


(a) (b) 



k-points k-points 


Figure 2. Band structure for carbon nanotubes with one substitutional Si (a) (6,6) tube with 72 
atoms and (b) (10,0) tube with 80 atoms. 
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Energy (eV) Energy (eV) 

Figure 3. Electronic density-of-states (DOS) for the doped (filled line) and undoped (dashed 
line) nanotubes: (a) (6,6) nanotube and (b) (10,0) nanotube. 


In the figure 2 we present the band structure results for the carbon nanotubes doped with 
silicon. For Fig 2(a) we show the (6,6) tube with 72 atoms and in Fig 2(b) the (10,0) tube with 
80 atoms. The metallic tube, shows a very small gap due to symmetry break when we introduce 
the silicon in a finite supercell. For both system the more pronounced change due to the silicon 
doped is change above the Fermi-level, an empty level which is located in the foreign atom. 

In the figure 3 we present the local densities of states (LDOS) around the silicon impurity 
for the different cases studied. For each case we report the LDOS for the doped and undoped 
nanotubcs. The result for the (6,6) tube is shown in Fig. 3(a). As can be seen, the doping 
introduces two clear peaks above the Fermi level, one at 0.6 eV and another at 0.8 eV. A look at 
the band structure for this system shows that there is a level that starts at the Brillouin zone 
center, at approximately 0.8 eV above the Fermi level, which has a very small dispersion until it 
mixes with the pure nanotube states. There is also another band that starts at the Brillouin zone 
boundary with an energy of approximately 0.6 eV above the Fermi level, and also has a very 
small dispersion until it mixes with the pure nanotube bands. We assign these two states to a 
resonant Si state that gains a small dispersion due to the supercell approximation. Therefore we 
can conclude that Si doping (6,6) tube introduces a resonant level at approximately 0.7 eV above 
the Fermi level. 

In the figure 4 we present the charge density for the state at the Brillouin zone boundary, 
located at 0.6 eV above the Fermi level. As can be seen, this state is strongly localized at the Si 
atom. The state at the Brillouin zone center also has a large signal at the Si atom, but shows a 
stronger mixing with the nanotube slates, which results in a more delocalized charge density. 

This mixing is also observed in the charge density plot of the nanotube empty states at the 
Brillouin zone center close to the Fermi level. 
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Figure 4. Electronic-charge densities for the (a) orbital at the Brillouin zone boundary located at 
0.6 eV above the Fermi level, for the ( 6 , 6 ) doped nanotube, and (b) orbital at the Brillouin zone 
center located at 0.6 eV above the top of the valence band, for the (10,0) doped nanotube. The 
circles are guides to the eye. 

The LDOS for the (10,0) tube is shown in Fig. 3(b). As can be seen, the Si introduces an 
empty level in the gap at approximately 0.6 eV above the top of the valence band. From the band 
structure calculation, we also observe this Si level in the gap, which, although the Si-Si distance 
is 8.52 A, presents a small energy dispersion of order of 0.3 eV. In Fig. 4(b), the charge density 
for the empty level at the T point is shown. As can be seen, it is highly localized at the Si atom, 
which suggests that the silicon impurity might be an effective center to capture other atoms or 
molecules. A similar plot for the states at the top of the valence band shows a strong contribution 
from the Si atom, indicating that the Si impurity will introduce delocalized states close to the top 
of the valence band. It is interesting to point out that electronic structure calculations of Si 
doping on Ceo [5,6][9][16] obtain that the Si introduces an occupied level very close to the 
highest occupied levels of pure C 6 o, as well as a level close to 0.4 eV below the lowest 
unoccupied levels of pure Ceo- These findings are very similar to what we present here. However, 
we obtain that the levels with large Si weight, and that are close to the top of the valence bands 
of the pure nanotubes, are quite delocalized, as opposed to what is obtained for Si on fullerenes. 
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Abstract 

Using the AFM tip, nanotubes are caught on a raw sample then deposited on a clean 
surface with an absolute precision better than 500nm. A nanostructured surface made of smooth 
Germanium dots on flat silicon was used as deposition sample. Nanotube mechanics is probed by 
AFM tip induced displacement. Nanotubes are shown to be blocked by Ge dots: it is impossible 
to induce a controlled displacement of the nanotube over a Ge dot when it is pushed against the 
dot. Elastic energy due to the bending of the nanotube is at the root of that behavior. 

Introduction 

Carbon nanotubes (CNT) are cylindrical carbon based molecules [1]. Due to their 
interesting electronic and mechanic properties, they are thought to be key element in 
nanotechnologies [2-3]. Atomic Force Microscope (AFM) nanomanipulation has already been 
used to study their mechanical properties [4-6], Interaction of nanotubes with a nanostructured 
surface in term of adhesion and friction is reported elsewhere [7-8]. Understanding relevant 
mechanisms that control movement of nano-objects on a surface is a central issue for further 
development in the manipulation of biological objects, in developing micro-systems, or in 
molecular electronics. In this paper, we will focus on the impossibility to induce a continuous 
displacement of one CNT over one Ge dot by strongly pushing it against the dot. 

Experimental 

Thin layer of carbon nanotubes (or nanotube carpets) are grown by Hot Filament 
Chemical Vapor Deposition [9]. AFM and Scanning Electron Microscopy (SEM) experiments 
show that these carpets are made of entangled nanotubes whose length varies from hundreds of 
nanometers to several microns. Transmission Electron Microscopy (TEM) experiments show that 
the nanotubes are multi-walled with a typical diameter of 20 nm. AFM experiments have been 
performed in air condition at room temperature with a commercial instrument [10]. We used 
standard Si 3 N 4 tips with apex radius of curvature and deflection spring constant respectively 
given to be around 30nm and 0.06 N.m’^ No attempt was done to check these values. It is 
however not relevant for the purpose of this paper. Nanostructured surface we used to study the 


W4.2.1 


AFM tip induced displacement of nanotubes are made of Ge dots grown by Molecular Beam 
Epitaxy (MBE) on oxidized silicon wafer [11]. Ge dots have a spherical cap shape, 50nm in 
height, 500nm in width, with no significant size distribution. Silicon wafer roughness is well- 
below nanometer scale. CNT movement is induced by lateral force applied via the AFM tip. In 
this paper, applied forces are compared in term of load forces. However, we have experimentally 
checked that, in the force range we explored, lateral forces vary linearly with load. 

Results and discussion 

As already pointed out, it is possible to catch nanotubes with the AFM tip by performing 
force curves on nanotube caipets [12]. Once caught, nanotubes can be deposited on a clean and 
flat Si wafer as a consequence of friction between the tip and the surface while imaging the 
deposition sample. Deposition process steps are the following: i) choosing a deposition area on 
the deposition sample (AFM images) ii) catching nanotubes on the raw sample and iii) deposit 
nanotubes on the deposition sample. Fig la is an AFM image of the deposition area before the 
nanotube deposition. Ge dots (numbered from 1 to 5) define a recognizable landscape. Black 
cross indicates the exact position where nanotubes are supposed to be deposited. To catch 
nanotubes with the tip on the nanotube carpet one has to move the tip more than 1 cm away from 
the chosen deposition area. However, using the AFM XY stage ability to reproduced defined tip 
displacements, deposition area can be find again after nanotube catching with an precision better 
than 500nm. Fig lb is a AFM image of the deposition area after the nanotube deposition. It is 
clearly the same area as shown of fig la since we find again the recognizable landscape defined 
by the 5 numbered Ge dots. As we can see, the precision achieved is better than 500nm. Using 
this method, a limited number of nanotubes (usually between 5 an 20) are deposited. In general, 
deposited nanotubes form ropes. However, it is possible to isolate them into individual nanotubes 
by strongly press and move the tip against the rope. Thanks to the connected optical system and 
XY stage, we can change the tip and find again the deposited nanotubes (nano-objects) on the 
deposition sample (several cm^). Fig lb AFM image has been recorded with a new tip (tapping 
mode). That allows one to use all the AFM operating modes and to work with a clean tip. 
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Figure 2: AFM image of (a) one nanotube deposited on the nano structured surface. The arrows schematically 
represent the force applied via the tip and (b) the nanotube after displacement induced by the force (2). 


Deposited nanotubes have further been manipulated with the AFM tip to be placed in 
contact with Ge dots (see fig 2). By pushing the nanotube against the dot with the tip (with the 
applied force (1) schematically represented on fig 2a), it is impossible to continuously make it 
climb over the dot. What happen in such a try is that the nanotube surface contact suddenly 
breaks and that the nanotube goes away in a totally uncontrolled process (to do that, we have to 
exert normal forces larger than lOOnN). To understand the behavior of nanotubes when they are 
slowly moved under the force applied by the tip, relevant parameters are nanotube surface 
friction and elastic forces due to the nanotube bending an^or stretching. We have already shown 
that friction measured on Ge dots and Silicon wafer is equivalent [7-8]. We have never observed 
nanotubes with partial sticking to the surface. Then, if we want the nanotube to lie over the dot, it 
has to follow its profile. In a continuous approximation, we can then estimate the elastic work 
needed to deform the nanotube [13]; 


U = 


2 


k-^-—)"dz 

J r r/ 


(equ. 1) 


where E is the Young modulus of the nanotube, I its moment of inertia with respect to its section, 
Ro its radius of curvature at rest and R the local radius of curvature of the bent nanotube. 
Applying equ 2 to the CNT [14] leads to an elastic energy U equals to 3 lO"'^ J. By equalizing U 
to ie tip displacement work [15], the lateral force that must be applied to the CNT to follow the 
dot profile can be calculated to be around 60 nN. For this calculation, neither energy dissipation 
due to fnction nor increased adhesion when the nanotube lies at the border of one dot [7-8] has 
been considered. Finally, the lateral force that must be applied to the nanotnbe for it to lie over 
the dot is much larger than 60 nN. By applying the force (2) on the nanotube (see fig 2a), the 
nanotube bent around the Ge dot, but once again, it does not climb over it. 

If the nanotube ends on the dot, controlled displacement of it over the dot (see fig 3) 
becomes possible. AFM images (a) and (b) of fig 3 show a CNT pinned between two Ge dots 
before and after its manipulation. Figures 3 (c) and (d) represent height signal measured in two 
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recorded back and forth along the line of fig 3a for a load force respectively equals to 16.5nN and 24.4nN. Back 
and forth signals are perfectly superposed on (c). Back signal is represented in thin line on (d). 


opposite directions while nanotube moves (recorded on a nanotube in the same position as the 
one on fig 3 a and b). As we can see, for a load force of about 16.5 nN, signals are perfectly 
superposed whatever is the scan direction (left to right or right to left). By increasing the load 
force up to about 24.4nN, height signals are not superposed anymore (see fig 3d). The nanotube 
moves under the force applied by the tip and continuously climb over the dot. In that case, the 
same calculation as the one done above leads to lateral force of about 12 nN (the only change in 
the calculation is the distance z along which the nanotube is bent and that has been estimated to 
be around 100 nm). Moreover, increased adhesion when nanotube lies at the border of one dot 
effect [7-8] is less important than in the case of fig 2 since nanotube dot contact length is shorter. 

Conclusion 

An experimental method used to deposit CNT with an absolute precision better than 500 
nm has been reported. It allows to one to deposit a limited number of CNT at a determined place 
without using wet chemistry (as solvent). Manipulation using the AFM tip of the deposited CNT 
on a nanostructured surface reveals that CNT can be blocked by Ge dots depending on the 
nanotube length that has to deform. Calculation done using a very simple model shows that it is a 
direct consequence of the CNT elastic energy bending due to their bending. These experimental 
results, obtained for well characterized nanostructured surface and CNT, could be used for more 
precise simulation of the mechanical and tribological behavior of nanotubes. 
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ABSTRACT 

Single walled carbon nanotubes are shown to interact with a conjugated polymer in a periodic 
manner. Here this interaction is probed using electron microscopy, scanning tunneling 
microscopy optical and vibrational spectroscopy. The spectroscopic behaviour of the polymer is 
seen to be dramatically affected, which is attributed to conformational changes due to the effect 
of the nanotubes. 

INTRODUCTION 

Since the discovery of carbon nanotubes in 1991 [1], researchers have envisaged potential 
applications such as nanoscale electronic circuits and the construction of complex carbon-based 
nano-machines. Thus, the assembly of basic building blocks of complex nano-architectures, 
such as conjugated polymers and nanotubes, has been a driving goal of much of the nano-science 
community. A first step toward realizing this goal may be the attachment to, or modification by 
carbon nanotubes of structures such as polymers. This leads to the possibility of assembling 
individual polymer molecules onto carbon nanotubes with the net effect being the modification 
of the polymer’s electronic properties and structure in a predictable way. To accomplish this, 
clearly, a more detailed understanding of the interactions between conjugated polymers and 
carbon nanotubes must be sought. In this work, we describe the assembly of the polymer, 
poly(m-phenylenevinylene-co-2,5-dioctoxy-p-phenylenevinylene), (PmPV), into a coating 
around single walled carbon nanotubes, (S\WT), Electron microscopy, scanning tunneling 
microscopy and Raman spectroscopy indicate that the polymer backbone interacts with the 
lattice of the nanotubes. TTiis results in pronounced alterations to the fluorescence and absorption 
characteristics. This is explained as a reduction in electron delocalisation due to the affected 
polymer conformation, and also a dilution of aggregation effects. 

EXPERIMENTAL 

Synthesis of the polymer has been described previously [2]. Notable about this polymer are the 
dioctyloxy sidegroups, which impose a linear, exposed structure onto the PmPV backbone thus 
allowing significant interaction with the lattice of nanotubes. SWNT were produced in a 
generator using the arc discharge technique[3]. Composite preparation is relatively simple; 
SWNT are added to a solution (typically in this case Ig/L) of PmPV in toluene. Nanotube 
aggregates are broken up by briefly exposing the composite solution to a high power sonic tip (3 
minutes), and then sonicating for several hours in a low power sonic bath. Due to the strong 
tendency of SWNT to aggregate, relatively low mass fractions of SWNT to PmPV can be 
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achieved (typically 2-3%). In this case, to achieve as high a SWNT concentration as possible, a 
greater than saturation (-20% SWNT) solution was prepared. After sonication, this was allowed 
to stand for several days, after which the majority of the SWNT had aggregated. The 
unaggregated PmPV/SWNT supernatant was pipetted off, and this was used in spectroscopic 
measurements. Absorption measurements were performed with films spuncoat onto Spectrosil B 
disks. Fluourescence measurements were performed in solution. TEM (Hitachi H7000) samples 
were prepared by dipping copper grids into this solution. 


RESULTS 

Figure 1 shows a TEM micrograph of the composite. It should be noted that there is very little 
free polymer present, as it is mostly bound to the SWNTs. It is also evident that the S\WTs are 
well dispersed within the system. Figure lb shows a magnified view of figure la (contrast has 
been enhanced for clarity). A SWNT rope can clearly be seen at the centre of the large strands 
present. The diameter of these strands is approximately 120 nm with the central core being 
approximately 4nm. This suggests a reasonably strong interaction between the SWNTs and the 
PmPV, given the large relative weight of PmPV that each SWNT supports. This may be 
beneficial for mechanical reinforcement of polymeric materials. Given the diameter of the 
central region, these cannot be individual coated SWNT, but are small ropes. Figure Ic shows a 
magnified view of nanotube with an apparent ordered cylindrical coating of the polymer. This 
has been previously attributed to an individual SWNT with the PmPV mapping on the tube 
lattice in a structured way. 



Figure 1. shows a wide area view of the composite. Note the absence of free polymer, which 
differs from other composites of lower mass fraction. Top right micrograoh is a contrast 
enhanced magnified view, so the SWNT ropes within can be clearly seen, (arrows point to these 
SWNT cores). Lower left micrograph shows the structured periodic wrapping visible in some 
cases. 


Raman scattering is a powerful technique to probe the structure-property relationship in 
both carbon nanotubes and conjugated polymers. In figure 2, the high frequency region of the 
PmPV spectrum is compared to that of the composite for an excitation wavelength of 676 nm. 
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For completeness, the spectrum of nanotube powder is also shown. In this region, the so-called 
G-line feature centered at 1580 cm‘^ dominates the nanotube spectrum. This group of modes 
corresponds to splitting of the optical phonon, the E 2 g mode in graphite, into longitudinal 
components at high energies and transverse ones at lower energies. The apparent broadening on 
the low frequency side has been attributed to both metallic and semiconducting nanotubes being 
resonant at this excitation energy[4]. 

In this region, the spectrum of the polymer is dominated by a multiplet of modes centered 
on 1600 cm'\ The spectrum is fitted by searching the minimum number of frequencies that fitted 
the different Raman bands equally well without fixing the positions and the widths of the 
individual peaks. The band at 1627 cm‘^ can be attributed mainly to the vinyl group Ag mode 
(stretching of C=C bond)[5, 6]. The other bands may be attributed mainly to the phenyl group Ag 
mode (stretching of C-C bond). There is also a number of features centred at 1300 cm"’. In PPV, 
the main band at 1330 cm"’ has been assigned to a vibration associated with the vinyl bond. In 
the composite, the introduction of nanotubes causes a number of modifications to the spectrum. 
The broad band at 1627 cm"’ appears to evolve into two well-defined features. There also appear 
to be modifications to the relative intensities of the modes at 1610 cm"’ and 1590 cm"’. This 
change manifests itself as the 1590 cm"’ band becoming dominant. These changes are more than 
just a supeiposition of modes due to the different species, indicating that the vibrational structure 
of the polymer is being altered. These observations agree well with the observations of polymer 
wrapping witnessed in the micrographs of figure 1. 



Figure 2. Raman Spectra of the high frequency region of the PmPV spectrum compared to the 
composite. (Excitation wavelength of 676 nm). 

Scanning Tunneling Microscopy (STM) images give strong evidence for such an interaction. 
When the PmPV-SWNT solution is cast on highly oriented pyrolytic graphite (HOPG) an array 
of these wrapped structures can be observed using tunneling microscopy. The wrapped nature of 
two of the tubes can clearly be seen in the STM micrograph of Figure 3. Notice that again, the 
SWNT on the right appears to have an order to its wrapping while the SWNT on the left has no 
apparent structure to it. Generally, both types of coatings are found with the ordered being less 
common. Cross-sections of the STM image suggest that the height/width of these objects is in 


W4.5.3 


agreement with that expected from a 1.2 nm - 1.4 nm SWNT coated with this coiled polymer. 

To confirm that a SWNT is inside the polymer coating, the tunneling spectra from the tubes is 
also shown and compares them with the spectra of an amorphous PmPV film on HOPG and pure 
HOPG itself. The tunneling spectra are collected by placing the STM tip over the object, 
disengaging the feedback, ramping the voltage and collecting the current. The resulting I-V 
spectrum reflects the electronic structure of the object. These tunneling spectra are presented as 
differential conductivity dl/dV (nAN) and represent the local electronic density of states 
(LDOS) of the material. In the -l.OeV to 1.0 eV energy range, the clean HOPG surface yields a 
parabolic LDOS as expected. The amorphous film of PmPV also exhibits a relatively featureless 
LDOS in this energy range [7], bar a noticeable feature at O.SeV, believed to be due to tunneling 
via a localized polaronic state [8]. This is because the band-gap of this polymer is approximately 
3.1 eV and electrons tunnel across the polymer region into the HOPG substrate below with little 
scattering. The LDOS of the wrapped nanotubes, however, are quite different showing sharp, 
regularly spaced features. These features appear to be the van Hove singularities of the 
underlying SWNT as reported for clean SWNT by several groups [9,10]. 


A 




Figure 3. (Left)STM image of two polymer wrapped SWNT lying on HOPG. STM parameters 
were an applied voltage of 200meV, and a tunneling current of 10s of picoAmps. Line marked A 
denotes position at which cross-section is taken. STM used was an RHK Technologies operating 
in UHV (<10‘^ Torr)). Films were imaged using mechanically formed Pt-Ir tips. B) The tips of 
the two nanotubes shown in A). (Right) Electronic Structure of the nanotubes shown in A). 
Curves are each offset by 10 nA/V from previous for clarity. For comparison the electronic 
structure of the HOPG substrate and a PmPV film lying on HOPG are shown 

Figure 4 shows a comparison of the absorption spectrum for PmPV and the composite. For 
comparison, the spectrum of raw SWNT powder is also shown. The pristine polymer and 
composite spectra are normalized to the lowest energy peak near 3eV. For the polymer, this has 
been assigned to a transition associated with a state delocalised along the polymer backbone! 11] 
(^Bu exciton). The feature at 3.7 eV may be due to the effects of broken charge conjugation 
symmetry similar to that seen in other PPV derivatives [12]. There are three poorly resolved 
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features in the higher energy region (4.5 eV). These are due to localized excitations on the 
phenyl rings. 



Energy (eV) Energy (eV) 


Figure 4. (Left)Absorption Spectrum of the SWNT/PmPV Composite, with PmPV and SWNT 
for reference, (right) Fluorescence Spectrum (Excitation wavelength of 340nm) of the 
SWNT/PmPV Composite and PmPV. 

When comparing the absorption of the composite to the pristine polymer, it is immediately 
noticeable that there are many dramatic differences. The low energy peak has blue-shifted tfom 3 
eV in the polymer to 3.15 eV in the composite. One possible explanation for this is that there is a 
substantial reduction in electron delocalisation along the backbone due to the conformational 
relaxation of the polymer around the nanotube lattice. This has previously been hypothesized by 
Ago etal[\y\. Another explanation for this apparent blue-shift may be that the presence of the 
nanotubes are hindering the formation of inter-strand species such as aggregates which have 
been shown to play a large role in the photophysics of this polymer[14]. Aggregation is a result 
of weak inter-chain interactions. In dilute solutions, the individual strands are isolated and these 
interactions can therefore be neglected. In the solid, the distances between the polymer chains 
become appreciably smaller and these inter-chain forces become more significant. In the 
absorption spectrum, this manifests with the emergence of a markedly red-shifted feature in the 
solid state compared to the solution. Upon introduction of nanotubes, the peak at 3.7 eV 
broadens with the evolution of two features at 3,64 eV and 4.0 eV respectively. The relative 
absorbance of these features has also increased markedly becoming as intense as the peak at 3 
eV, unlike PmPV where the corresponding peak is approximately 75 % of the main peak 
intensity. As this is due to broken charge conjugation symmetry in PmPV, it suggests that the 
symmetry is further broken due to the presence of SWNTs and the associated effects this has on 
the conformation of the polymer. There is also less noticeable structure in the high-energy 
region, but relatively stronger absorption. This suggests that the dominant absorption in the 
composite shifts to the phenyl ring of the PmPV. 

Also shown in figure 4 is the fluorescence spectrum of the composite compared to the pristine 
polymer for an excitation energy of 3.63eV (340 nm). Similar to absorption, the presence of 
nanotubes dramatically effects the polymers emission spectrum. The polymer has broad emission 
centered in the green with a main vibronic feature at 2.58eV (480 nm) and a strong shoulder at 
2.75eV (450 nm). In the composite, there is an overall red shift in the spectrum with the 
dominant feature centered at 2.78eV (445 nm) and a second peak at 2.6leV (475 nm). These 
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effects agree well with the modifications to the absorption spectra with the nanotubes acting to 
reduce electron delocalisation. Additionally, the aggregation effects are also diluted. 

CONCLUSIONS 

Our results show that it is possible to assemble polymer strands onto single walled carbon 
nanotubes using mechanical agitation and constitutes the first visual confirmation of such 
assembly. Further, we suggest that such wrapping results in the alteration of the polymer’s 
electronic structure, as evidenced in the modified optical spectra of the bound polymer. This 
may well represent a previously unconsidered route to polymer-nanotube assembly for molecular 
scale electronics. 
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ABSTRACT 

Recently, carbon nanotubes are considered as nanoscale fibers, which can strengthen 
polymer composite materials. Nanotube-polymer composite materials can be used for 
micron scale devices with designed mechanical properties and smart polymer coating to 
protect materials under extreme physical conditions such as microsatellites. To explore 
these possibilities it is important to develop a detailed atomic scale understanding of the 
mechanical coupling between polymer matrix and embedded nanotubes. In this work we 
study the chemical bonding between polymer molecules and carbon nanotubes (CNTs) 
using molecular dynamics. Study shows that the bonding between polyethylene and a 
CNT is energetically favorable. Chemical bonds can be formed at multiple sites, which 
make the mechanical load transfer from the polymer chain to the tube more favorable. 

We will discuss about the resulting mechanical coupling between the CNTs and polymer 
matrix to develop efficient nano-composite materials. 

INTRODUCTION 

Because of their unusual mechanical [1,2] and electronic properties [3,4], there are 
extensive studies on carbon nanotube (CNT) as a nano-fiber to improve the performance 
of a matrix or to achieve new properties [5-8]. One distinguished property of a CNT is its 
high strength, coming fi'om the strong sp^ bonds, which makes CNTs good candidates as 
reinforcement fibers to matrix. The other advantage of a CNT as a fiber is its large 
surface area, which is good for chemical bonding or adhesion, an important factor for a 
good composite. One essential issue in the reinforcement of a fiber composite material is 
that the embedded fibers must have large enough aspect ratio so that there is enough load 
transfer through the interfacial shear stress and consequently the full strength of the fiber 
can be used. For a micrometer long CNT with diameter in nano-meter scale, the aspect 
ratio can be 1000 or higher, which is much larger than usual common fibers. There are 
experiments using TEM to investigate CNTs (both multi-walled and single-walled CNTs) 
as reinforcement fibers in polymer matrix [6,8]. Although people found load transfers 
exist between CNTs and polymer matrix with cases of showing signs of quite large load 
transfers in some polymer-CNT composites [9], which suggest possible chemical 
bonding between CNTs and polymers, it is not clear what is the mechanism of the load 
transfer. It is thus important to understand the mechanism of load transfers at atomic level 
to facilitate the development of high performance CNT-polymer composites. 

MOLECULAR DYNAMICS SIMULATIONS 

When chemical bonding is present, the interfacial shear energy between a fiber and a 
matrix is typically in range of 50 to 300J/m^ [10]. If only Van der Waals interactions are 
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Table I: MD simulations of chemical bonding of hydrogen atom on several carbon 

systems using Tersoff-Brenner potential compared with DFT calculations [12]. 


Hydrogen @ 

C,o 

CNT(10,0) 

Graphite 

Bond 

Energy(eV) 

TB potential 

-3.68 

-3.00 

-2.29 

DFT 

-3.18 

-2.39 

-1.63 

Bond 

Length(A) 

TB potential 

1.085 

1.087 

1.092 

DFT 

1.115 

1.127 

1.142 


present, such shear energy will be in range of 50 to 350mJ/m^ [11]. Consequently strong 
chemical bonding is expected to be important for high performance of fiber composites. 

In this work, we will study the possibility of the chemical bonding between CNTs and 
polymer matrix to improve the load transfers at the interfaces. 

We use molecular dynamics simulation to study the CNT-polymer system. Tersoff- 
Brenner potential [13, 14] is used for the carbon-carbon and hydrocarbon interactions. 
This potential is parameterized from the structure of graphite, diamond and several 
hydrocarbon systems and has been used in several simulations to study the mechanical 
properties of carbon nanotubes [15,16]. In Brenner’s original paper, the hydrogen 
absorption on a diamond surface was studied using this potential [14]. 

Before investigating the chemical bonding between CNTs and polymers, we first test the 
accuracy of Tersoff-Brenner potential for the bonding of hydrogen atom on several 
carbon systems. In Table I, the bonding energies and C-H bond lengths of hydrogen atom 
on C^c CNT (10,0) and graphite, are listed; and compared with the results from density 
functional theory (DFT) calculations [12]. DFT is considered to give more accurate 
description of interactions. The comparison in the table shows that the bond energies and 
bond lengths determined by Tersoff-Brenner potential are in good agreement with the 
DFT results. For both cases, the chemical bond of Hydrogen on C is found to have the 
largest bonding energy and shortest bond length because of the high chemical reactivity 
induced by the higher curvature of the local carbon-bonding configuration ofC^^. 

We now proceed to study the chemical bonding between polymers and CNTs. 
Polyethylene (a linear chain polymer) and CNT (10,0) are chosen for our simulations. We 
found polyethylene can be chemically bonded to the CNT, shown in Figure 1. 


C-C bond energy~2eV 
bond length~1.54A 


~4,5eV 


C-H bond energy~3eV 



Figure 1: Chemical bonding of polyethylene on CNT (10,0) 
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With one hydrogen atom removed and bonded to the CNT with energy 3eV, polyethylene 
can form sp ^ bond with a 7C orbital on the CNT surface. Our MD simulation shows that 
the C-C bond energy between the polymer chain and the CNT is 2.0 eV, and that the 
bond length is 1.54 A, which is close to the bond length of C-C in the polyethylene. 

It is expected that the load transfer from polymer matrix to a CNT can be enhanced with 
the presence of such chemical bonding. Furttiermore, the load transfer is expected to 
increase for more than one bond attached to the CNT. More loads can be carried over by 
polymer chains to larger section of the CNT surface, and the larger strain energy can then 
be istributed over the nanotube. In this way, the multi-site bonds can act together in 
response to an applied mechanical load. 

We use MD simulation to study whether a multi-site bonding will increase the load 
transfers from polymers to CNTs. Mechanical loads to a polymer chain are applied in two 
cases: single site bonding (Figure 2a) and double site bonding (Figure 2b). The detailed 
mechanical deformations of the C-C bonds within the polymer chain and at the polymer- 
CNT interface in response to the external load are plotted in Figure 3a and Figure 3b for 
both cases. 

Figure 3 shows that in both cases the C-C bond within the polymer reaches its maximum 
deformation (i.e. the largest C-C bond length before breaking the bond) first, followed by 
the C-C bond at the polymer-CNT interface. The difference in the case of single site 
bonding and double site bonding is that in the later case, the two C-C bonds at the 
interface of the polymer and the CNT induce more rigid response to the mechanical load. 
After the C-C bonds reach their maximum deformations, mechanical loads are 



Figure 2a: single site bonding 



Figure 2b: Double site bonding 
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Figure 4: Strain energy transferred to CNT by mechanical loading process 


continuously transferred to the CNT until bonds are broken either at the polymer-CNT 
interface or within the polymer chain. In Figure 4, the strain energy transferred to the 
CNT as a function of the mechanical loading is plotted for both cases. It is clear that more 
loads are transferred in the case of double site bonding, and that the CNT-polymer 
interface accommodates a_higher shear strain. 


CONCLUSIONS 

In this work, we used classical molecular dynamics with Tersoff-Brenner potential to 
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study the chemical bonding between polymers and carbon nanotubes. We found that it is 
energetically favorable for polyethylene to form chemical bonding with a CNT with bond 
energy about 2eV. The load transfer test using MD simulations shows that a multiple-site 
bonding is more favorable for load transfers. 

REFERENCES 

[1] M. M. J. Treacy, T. W. Ebbesen and J. M. Giblson, Nature 381, 678 (1996). 

[2] O. Lourie, D. M. Cox and H. D. Wagner, Phys. Rev. Lett. 81, 1638 (1998). 

[3] R. Satio, M. Fujita, G. Dresselhaus and M. S. Dresselhaus, Phys. Rev. B 46, 1804 
(1992). 

[4] L. Langer et. al. Phys. Rev. Lett. 76, 479 (1996). 

[5] L. S. Schadler, S. C. Giannaris and P. M. Ajayan, App. Phys. Lett. 73, 3842 (1998). 

[6] R. Andrews et. al., App. Phys. Lett. 75,1329 (1999). 

[7] P. M. Ajayan, L. S. Schadler, C. Giannaris and A. Rubio, Advanced Materials 12, 750 

( 2000 ). 

[8] D. Qian, E. C. Dickey, R. Andrews and T. Rantell, App. Phys. Lett. 76, 2868 (2000). 

[9] H. D. Wanger, O. Louire, Y.Feldman and R. Tenne, Appl. Phys. Lett. 72,188 (1998). 

[10] A. T. DiBenedetto, Compos. Sci. Technol. 42,103 (1991). 

[lljM.NardinandJ. J. Mater. Sci. Lett. 12, 1245 (1993). 

[12] Seongjun Park, Deepak Srivastava and Kyeongjae Cho (unpublished). 

[13] J. Tersoff, Phys. Rev. B 37, 6991 (1988). 

[14] D. W. Brenner, Phys. Rev. B 42, 9458 (1990). 

[15] B. I. Yakobson, C. J. Brabec and J. Bemholc, Phys. Rev. Lett. 76, 2511 (1996). 

[16] M. B. Nardelli, B. I. Yakobson and J. Berholc, Phys. Rev. Lett. 81,4656 (1998). 


W4.7.5 


Mat. Res. Soc. Symp. Proc. Vol. 675 © 2001 Materials Research Society 


Ab initio Study of Metal Atoms on SWNT Surface 

Shu Peng and Kyeongjae Cho 

Department of Mechanical Engineering, Stanford University, Stanford, CA 94305, USA 

ABSTRACT 

Interactions of metal atoms (Al, Ti) with semiconducting single walled carbon nanotube 
(SWNT) are investigated using first-principles pseudopotential calculations. Six different 
adsorption configurations for aluminum and titanium atoms are studied. Comparison of the 
energetics of these metal atoms on (8,0) SWNT surface shows significant differences in binding 
energy and diffusion barrier. These differences give an insight to explain why most of metal 
atoms (such as Al) form discrete particles on nanotube while continuous nanowires are obtained 
by using titanium in the experiment. 


INTRODUCTION 

Carbon nanotubes [1] have induced great research interests due to their unusual physical, 
chemical and mechanical properties [2-5]. These unique properties make them an ideal candidate 
for the building blocks of molecular scale machines and nanoelectronic devices [6-9]. One of the 
proposed applications is to use carbon nanotubes as templates to obtain a variety of nanowire 
materials [10]. Both experimental and theoretical studies of metal-nanotube systems are 
necessary to achieve metal nanowires using nanotubes [11,12]. 

Recently, it has been reported that metal nanowires can be formed by coating various 
metals on suspended single walled carbon naotubes (SWNT) using electron beam evaporation 
[13,14]. Many types of metal atoms (such as Au, Al, Fe) form discrete isolated particles on 
nanotubes while Ti coating on the suspended tubes are continuous. Other metals can also form 
continuous nanowires by depositing metal atoms (Au, Al, Fe, etc) on the first coated buffer layer 
(or adhesion layer) of Ti nanotube nanowire. The experiments show that different metal atoms 
have different binding characters on the nanotube surface that correspond to different 
macroscopic coating phenomena. These experimental results suggest that structural and chemical 
characteristics of metal-tube systems are sensitive to the identity of metal atoms and motivate a 
detailed theoretical study to investigate the interactions between nanotubes and various metal 
atoms. 

Although the interactions between deposited metal atoms with graphite (or graphene 
sheet) and Ceo have been extensively studied [15,16], a detailed theoretical account for the 
interactions between various metals and nanotubes is currently lacking. The interactions of metal 
atoms with SWNTs offer another challenging problem since the characteristics of these 
interactions would be quite different from graphene sheet and Ceo- This is because SWNTs are 
quasi-one dimensional, and this confined geometry makes the chemistry of SWNTs significantly 
different from those of two dimensional graphene sheet and finite molecule Ceo. Nanotubes are 
different from graphite or graphene sheet because nanotubes have curved geometry that induces 
rehybridization of carbon bonding orbitals (non-planar sp^ bonding configuration) [17,18]. 
These different bonding character and geometry have lead to significantly different nanotube 
electronic structure from that of graphite or graphene sheet. On the other hand, C^o is a finite 


W4.8.1 


molecule, and has pentagons in its structure whereas the sidewall of a nanotube normally 
contains only hexagons. Consequently, Ceo’s carbon bonding orbitals have more sp like bonding 
character which induces much more reactive binding affinity with metal atoms than SWNTs, 

Recent tight-binding study of Ni atoms on the armchair SWNTs [19] has addressed an 
important issue of curvature effect that the interactions of metal atoms with a nanotube is quite 
different from those with graphene sheet in terms of binding energy, binding character, and 
charge transfer. Another important issue of why some of metal atoms (Au, Al, Fe, etc) form 
discrete particles on nanotubes while Ti atoms form continuous nanowire coating is still calling 
for a detailed theoretical investigation. This paper presents results of first-principle 
pseudopotential calculations for two representative metal atoms (Al and Ti) interacting with (8,0) 
semiconducting SWNT. Six different adsorption configurations have been studied. The 
calculated binding energies, diffusion barriers and diffusion rates shed a light on why Ti atoms 
form continuous nanowires while Al atoms form isolated discrete particles. 


SIMULATION METHOD 

In order to obtain a detailed understanding of the metal nanotube interaction and metal 
coating behavior, first principles calculations are performed with the DFT-H- program [20] using 
density functional theory (DFT) within the local density approximation (LDA) [21] for two 
representative systems of Al atom and Ti atom on (8,0) SWNT, Kohn-Sham single —electron 
wave functions are expanded by efficient plane waves in the supercell 12xl2x4.29A^ with 40 
Rydberg cutoff energy. The Brillouin zone sampling is approximated by six k-points along the 
tube axis, which is shown to a good approximation for (8,0) and (10,0) nanotubes [22,23]. The 
structure of an isolated (8,0) SWNT is optimized by fully relaxing the tube structure to the 
minimum total energy configuration. This relaxed configuration is used for the rest of the 
simulations. Calculations for the Al-SWNT and Ti-SWNT systems are carried out by relaxing 
the position of a metal atom on the tube surface with a constraint of maintaining its relative 
position on a hexagon as shown in figure 1. Carbon atoms near the metal atom are also fully 
relaxed with the remnant forces of less than 0,1 eV/A, For these calculations, the error bar of ± 
0.05 eV was estimated for relative energy differences. 


RESULTS AND DISCUSSION 

To investigate and carefully study the interactions of single metal atoms (Al and Ti) with 
(8,0) SWNT, six distinct sites are considered for a single metal atom adsorption on the nanotube 
surface. Figure 1 shows schematic diagrams of six different adsorption sites for a metal atom (Al 
or Ti) on the (8,0) SWNT. These six sites in figure 1 are described as follows. (1) A metal atom 
directly above a C atom is called as Direct Top Site (DT), (2) A metal atom over a C-C bond at a 
distance of one quarter of C-C bond length is called Bond Quarter Site (BQ). (3) A metal atom 
over a C-C bond at the middle of C-C bond length is called Bond Middle Site (BM). (4) A metal 
atom above the long diagonal of a hexagon (Path 2 in Fig. 2) at one quarter of the diagonal 
length (which is twice of C-C bond length) is called Hexagon Quarter 1 Site (HQl). (5) A metal 
atom above the short diagonal of a C-C hexagon (Path 3) at one quarter of the diagonal length 
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(which is V3 of C-C bond length) is called Hexagon Quarter 2 Site (HQ2). (6) A metal atom 
directly above the center of a hexagon is called Hexagon Center Site (HC). 
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o 
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HQ1 
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Fig. 1. Schematic diagram of six different configurations of a single metal atom on the (8,0) 
SWNT surface. 


These six distinct sites of a metal atom on the nanotube surface described in figure 1 give 
three possible diffusion paths for a metal atom to follow on the surface. A schematic diagram of 
these three diffusion paths is shown in figure 2. Path 1 describes a metal atom diffusion along the 
C-C bond. Path 2 shows that a metal atom jumps from the top of a carbon atom into the center of 
hexagon and jumps on top of another carbon atom. Finally, path 3 shows a metal atom diffusion 
from the center of a C-C bond into the center of hexagon and to another BM site. Six distinct 
bonding sites combined with three different diffusion paths also describe the rest of the hexagon 
through symmetry and consequently provide a clear picture of how a single metal atom (A1 or Ti) 
interacts with nanotube not only from the energy point of view but also from kinetics point of 
view. 


Path 3 Path 2 



Fig. 2. Schematic diagram of three different diffusion paths representing possible paths for a 
metal atom to follow on the surface of a nanotube. 
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The calculated binding energies and binding distances for these six different binding sites 
are summarized in the Table 1. Table 1 shows that the metal atom over the center of a hexagon 
ring is the most stable binding site for both A1 atom and Ti atom. The quantitative results of the 
binding energy and binding distance between these two metal atoms (A1 and Ti) and (8,0) S WNT 
clearly show that the binding energy for Ti atom (2.27 ± 0.05 eV) is significantly larger than that 
of A1 atom (1.25 ± 0.05 eV). This result is consistent with the experiment [13] where Ti atoms 
deposited on nanotubes exhibit the higher condensation and sticking coefficient than other metal 
atoms including A1 atom. 


Table 1. Summary of the binding energy and binding distance for A1 or Ti single atom on (8,0) 
nanotube surface at six different locations. 


Bonding Location 

Binding Energy 
(eV) (± 0.05 eV) 

Binding 
Distance (A) 

AI-SWNT 

(8.0) 

Direct Top Site (DT) 

-1.13 

2.21 

Bond Quarter Site (BQ) 

-1.17 

2.17 

Bond Middle Site (BM) 

-1.20 

2.14 

Hexagon Quarter 1 Site (HQ1) 

-1.12 

2.01 

Hexagon Quarter 2 Site (HQ2) 

-1.20 

1.93 

Hexagon Center Site (HC) 

-1.25 

1.82 

Ti-SWNT (8,0) 

Direct Top Site (DT) 

-1.63 

1.97 

Bond Quarter Site (BQ) 

-1.81 

2.00 

Bond Middle Site (BM) 

-1.87 

1.98 

Hexagon Quarter 1 Site (HQ1 j 

-1.93 

1.83 

Hexagon Quarter 2 Site (HQ2) 

-1.97 

2.15 

Hexagon Center Site (HC) 

-2.27 

1.63 


Based on the quantitative result of the binding energies between metal atoms and the 
nanotubes, the metal atom diffusion barriers on the nanotube surface along three different paths 
are shown in figure 3. The result clearly indicates that path 3 in which metal atoms jump from 
one center of the carbon hexagon ring to a nearby hexagon center gives the lowest diffusion 
barrier as well as short diffusion length both for A1 atom and Ti atom. It is worth to notice that 
A1 atom shows very small energy diffusion barrier (~ 0.05 eV comparable to error bar) while Ti 
atom has a significant diffusion barrier (~ 0.4 eV). These different diffusion barriers allow A1 
atoms move around the nanotube surface much more rapidly than Ti atom since 0.05 eV is 
comparable to the thermal kinetic energy at room temperature. Using the transition state theory 
for a simple diffusion model, the kinetics of these metal diffusions on the nanotube surface can 
be quantitatively described. Since the diffusion frequency (r^,j ) can be described by the 
equation = vexp(~A£:^ Ik^T), where v is the attempt frequency that is 1.55x10^^ sec'’ for 

A1 and 2.84x10’^ sec"’ for Ti respectively estimated from the energy curves in figure 3. AEd is 
the diffusion energy barrier, and at T=300K, the calculated diffusion frequency for A1 atom is 
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2.25x10” sec” and that of Ti atom is only 5.57x10^ sec” which is 6 orders of magnitude smaller 
than A1 atom case. These low activation barrier for diffusion and the corresponding high 
diffusion rate of A1 atoms on (8,0) SWNT surface lead to rapid hopping of A1 atoms. On the 
other hand, higher diffusion energy barrier and lower diffusion rate make Ti atoms stay in the 
middle of the hexagon ring much longer (~ Ip sec) before jumping to a neighboring site. 



Path 1 



Fig. 3. Binding energy plots for A1 and Ti metal atoms on the SWNT sidewall along three 
different diffusion paths. Error bars of ± 0.05 eV are also shown in the plots. 


Combined with binding energy investigation and diffusion kinetics, the first step 
explanation of why Ti atoms form continuous coating while A1 atoms form discrete isolated 
particles on the nanotube walls can be provided as follows. The weak Al-SWNT interaction due 
to small binding energy points to low cluster nucleation barrier. The low nucleation barrier and 
high diffusion rate for A1 atoms cause them to easily form clusters through thermal activation 
processes. Since the cohesive energy of A1 atom in bulk phase is 3.39 eV [24] (much higher than 
the Al-SWNT binding energy of 1.25 ± 0.05 eV), these A1 atoms tend to form small cluster in a 
short time as they rapidly move on the nanotube walls and collide with each other. This 
mechanism qualitatively explains discrete isolated particles observed in the experiment [14]. On 
the contrary, Ti atoms tend form much stronger binding with nanotubes leading to high 
nucleation barrier and high sticking coefficient than other metals. When Ti atoms come onto the 
nanotube surface through electron beam evaporation, these Ti atoms will find the most favorable 
binding site (over the center of carbon hexagon ring). The chance of these Ti metal atoms to 
jump out of one site and diffuse into other location to collide with other metal atoms and to 
merge into a small cluster is very small (by factor of million) compared to other metal atoms. 
These Ti atoms stay long time at the centers of the carbon hexagon rings and uniformly cover the 
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nanotube surface. This qualitative argument explains why Ti coating on nanotubes is very 
uniform and continuous. 

It is important to note the current analysis considers only single metal atom on the 
nanotube surface, and gives only the first step physical explanation of different coating 
phenomena appeared on the suspended nanotubes. The questions of what will happen when two 
metal atoms collide with each other and how small cluster will form for most of the metal atoms 
are still left for future theoretical investigations. The problem of cluster formation or continuous 
coating formation is under investigation now, and the results will be published later. 
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ABSTRACT 

A highly ordered porous alumina array which hole size is decreased down 
to 20nm was fabricated by a two step anodization method. Carbon Nanotube 
was grown vertically with thermal CVD at 600-700 °C. By using rapid thermal 
annealing method, low-ohmic contact was formed between multi wall nanotubes 
and metal electrode and its resistance shows tens to hundreds ^. The alumina 
layer which is existed between nanotube and electrode acts as a barrier for 
conductance. The resistance of carbon nanotube shows the temperature(T'^) 
dependence at 4.2IK < T < 19.9K and semiconducting behavior at this 
temperature region. 

INTRODUCTION 

The 10 years of carbon nanotube (CNT) since the discovery of 1991^ have been a 
marvelous period for CNT itself and scientists studying the various properties of CNT. 
The electrical property, especially, can be varied from semiconducting to metallic 
according to the CNT’s diameter, chirallity and doping status.^"^ Multi wall 
nanotube(MWNT) has a complicate structure rather than single wall nanotube(swnt) 
having a ideal one dimensional wire structure but has a merit to the easiness of 
synthesis and purification. The research for device using mwnt has been studied by 
many but the difficulties of reproducible high quality nanotube-control and selective 
nano-positioning to device tool remain as a barrier for advanced device. In order to 
overcome these barriers, CNT is grown selectively in anodic aluminum oxide(AAO) 
template^ and is characterized electrical transport property. The feasibility of 
selectively grown CNT to the nano-functional device has been investigated 

EXPERIMENTAL 

Carbon nanotube arrays have been fabricated on porous anodic aluminum oxide 
(AAO) which is controlled by conventional anodization method.^ High purity 
aluminum sheet (99.999%) was used as a substrate and highly ordered nano-pore was 
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Figure 1. SEM images of carbon nanotube in porous alumina and schematic : (a) Top 
surface of 20nm nanotube after removing graphite layer, (b) the back side of nanotube 
on AAO after etching away the aluminum oxide with ion milling. 

fabricated by anodization technique. Hole diameter is 20nm and fabricated by using 
sulfuric acid as a anodizing solution. Carbon nanotube was synthesized in the pores by 
thermal CVD at the temperature range of 600~700°C without catalyst. Figure 1 is 
scanning electron microscopy(SEM) images showing a both(top, bottom) view of the 
nanotube after etching the AAO template by ion milling. We carried out two probe 
conductance measurement of nanotube on AAO followed by metal electrode 
deposition in this experiment. Figure 2 shows the schematic of metal deposited test 
sample. The metal electrode is Au/Ti and the electrode shape is a circular type with 
the hole size of 70/^ni. The estimated number of holes in one circular electrode is 
around 6 X 10^. The Ti was directly deposited on oxide face(bottom) of sample and 
Au/Ti was deposited on the top surface where graphite was removed. In this work, two 
t3T®s of tost sample were prepared for measurement: one has aluminum oxide barrier 
layer at the bottom and the other has not. It is considered that the alumina layer 
influences conductance on each sample because the layer acts as a tunnel junction 
separating the nanotubes from metal electrode. 

RESULTS AND DISCUSSION 

I-V characterization of nanotube is shown in Figure 3 and 4. Figure 3 shows the FV 
measurement that was performed under the vacuum after rapid thermal 
annealing(RTA) at the range of 500~800°C. In case of Figure 3(a), the 
conductance(dI/dV) of sample having oxide layer is 1.77mS at 500"C RTA and 
increased 12mS at 800°C. This means that RTA plays a important role in increasing 
conductance by reducing contact resistance between metal electrode and nanotube. 
Sample (b) doesn’t have an oxide layer and shows higher conductance than that of 



a) b) 

Figure 2. Table of sample types and schematic of test sample. 
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Voltage (V) Voltage (V) 


a) b) 

Figure 3. The conductance(ciI/dV) change of nanotube due to the RTA. a) oxide layer 
sample b) no oxide layer sample. It shows that increased conductance value is due to 
the RTA and oxide barrier, c) The IV data of sample which is exposed at both side. It 
shows that higher current flow is increased as annealing temperature is increased 

sample (a). The conductance difference is almost four times increment(50mS) when 
compared conductance at zero bias voltage. Zhang et al reported that the carbide layer 
begins to form at the carbon nanotube and Ti interface after above temperature(> 
800®C).^ They showed that the formation of a carbide layer is caused by the surface 
diffusion of metal atoms to the interface and the diffusion rate is very slow. The 
nanotube-carbide bulk hetero structures is made through metal atoms transfer into the 
nanotube by annealing for 20min and forms bulk junctions.^ In our experiment the 
annealing time is relatively short (30sec) compared to the Zhang et a/’s work and it 
could prevent forming bulk hetero-junctions. Therefore the short, low and rapid 
temperature annealing process enabled to make a better nanotube-metal(Ti) contact for 
electrical measurements. Figure 3(c) shows conductance comparison of sample (b) due 
to the RTA. The more increased annealing temperature, the conductance increased 
upto 60mA. Assuming the resistance of the contact and the nanotube to be Rc and Rm, 
the total resistance(Rt) of sample (b) is given by Rt = 2Rc + Rnt (Rc is the resistance 
between Ti and nanotube at both side) while the total resistance of sample (a) is Rta = 
Rc + Roxide + Rnt- To get resistance of nanotube itself, it needs to be removed oxide 
layer because investigating the total resistance of (a) sample is very complicated and 
cannot be explained clearly. Recently, Davydov et al. reported that the resistance of 
individual 48nm nanotube would be ~6 x lO^Q assuming a similar resistivity to 
carbon film (p = 3~5 x Because nanotube sample with a surface contact area of 

lOlM contains approximately ~10*^ tubes, an estimated resistance of nanotube array is 
60. In our work, we intended to get the resistance of nanotube only through reducing 
contact resistance(Rc) by RTA process. As the result of that process, resistance is 
decreased to 200. This experimentally measured value is 1 order higher than the 
estimated resistance. This shows significantly lower value than that of previously 
reported work by other group. It implies that metal electrode using Ti/Au shows better 
contact between nanotube and electrode and RTA process is an effective tool for 
reducing contact resistance. The electric characteristics at low temperature is shown in 
Figure 4. In case of sample (a), the shape of conductance exhibit zero-bias cusps of 
the form dl /dV ~ V“ where a is in the range 0.45~0.10 for 4.21 < T < 9.99K and zero- 
bias conductance shows T ’ dependence in the temperature range 4.21 < T < 19.99K 
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a) b) 

Figure 4. a) IV measurement at low temperature and inset shows temperature 
dependence of Ln Go- Conductance suppressed near V=0 for T < 7.9K and ohmic 
behavior was shown at temperature(> 7.9K). (b) dl/dV comparison data(4.2, 6. IK) due 
to the oxide layer sample. Oxide layer having sample shows the coulomb blockade at 
4.2K temperature 

in the right inset of Figure 4(a). Through Go ~ exp(AT'^), activation energy(E) is 
2~3meV and shows the semiconducting behavior at this temperature region. Two 
types of conductance pattern are exhibited in Figure 4(b). Anomaly zero-bias Go that 
means oxide layer between nanotube and electrode plays a key role for current 
blockade. In the inset of Figure 4(a), nanotube sample which doesn’t have oxide layer 
shows normal zero-bias conductance while conductance suppressed near V=0 at lower 
temperature(< 7.9K). J. Haruyama et al reported that nanotube sample having 5nm 
oxide layer shows zero-bias Go varied near T=5K and the shape at 2K is quite different 
form shown as a reference 8 and also reported that it is evident that the nanomaterials 
connected to the single tunnel junctions strongly contribute to the Go anomaly. In our 
work, zero-bias Go variation shows almost same pattern compared with J. Haruyama 
et al’s work while oxide barrier layer between nanotube and metal electrode is almost 
20nm. The shape of zero-bias Go varied near T=6.01K and the shape at 4.2IK is 
different from the data in right inset of Figure 4(b) although the thickness of oxide 
layer is bigger than that of J. Haruyama et al’s sample. The contact area of metal 
electrode is a dot shape with 70/^ni diameter and it includes around 10^ nanotubes. 
Each nanotube acts as a electron transfer tunnel and oxide layer acts also as a single 
tunnel junction. However, Such structure including many nanotubes in a dot-shape 
electrode can be regard as a kind of mass systematically so oxide layer between 
nanotube and metal can be also regard as a kind of multi-tunnel junction. Assuming all 
nanotubes in the electrode act as a pathway to electric current, electrons tranfer across 
the oxide layer easily at the temperature( > 7.9K) through carbon nanotube and 
coulomb blockade behavior was disappeared above same temperature region. 

CONCLUSION 

Highly vertically ordered anodic alumina oxide(AAO) template was fabricated by 
anodization method and carbon nanotube was synthesized at 600~700°C by thermal 
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CVD. The rapid thermal annealing process made ohmic contacts between Ti-Au 
electrode and carbon nanotube. The aluminum oxide layer acts as a barrier for 
conductance and nanotube having oxide layer shows coulomb blockade at lower 
temperature(< 4,21K). Carbon nanotube shows the temperature(T’) dependent at 
4.2IK < T < 19.9K and semiconducting behavior at this temperature region. 
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ABSTRACT 


We report structural studies of large-scale wurtzite GaN nanowires fabricated by 
direct reaction of Ga vapor and NH 3 . This recently reported growth technique [1] 
demonstrates processing of GaN one-dimensional structures as thin as 26 nm and up to 500 
pm in length. This method is both interesting and attractive in that fabrication is carried out 
without the assistance of template materials as required by other methods. In this study, 
transmission electron microscopy (TEM) is used to characterize the nanowires, while x-ray 
diffraction (XRD) and energy dispersive x-ray spectroscopy (EDS) data provide supporting 
structural/compositional analysis. Our structural investigation reveals the presence of thin 
hexagonal platelets, which we believe play a critical role in the nucleation, growth, and 
orientation of the wires. In particular, our findings indicate that most of the wires grow along 
the [ 2110 ] direction, normal to the platelet edges. 


INTRODUCTION 

Since Han et al. first demonstrated the synthesis of Gallium Nitride (GaN) nanorods 
through a Carbon Nanotube-confined reaction [2], there has been increasing interest in 
finding novel fabrication techniques. Nanometer sized one-dimensional structures of various 
materials has potential uses in the development of nanodevices and for basic mesoscopic 
research [3,4]. GaN is particularly promising due to its large band-gap and high melting 
point, and is already being used in blue LEDs, laser diodes, and for high temperature 
electronic devices. Following Han’s publication in 1997, Cheng et al demonstrated the 
synthesis of wurtzite GaN in alumina membranes [4]. In addition, Duan et al [5], grew pure 
[0110] oriented wires using a laser-assisted catalytic method. Here, laser ablation of a GaN- 
catalytic metal composite target generated reactive sites confining and directing the growth 
of crystalline wires. There has now been a growing number of reports on methods to 
fabricate nanowires of GaN and other materials [6-10]. However, these methods have all 
required the use of catalysts or templates. The technique used in this work (described in the 
next section) demonstrates a catalyst/template free nanowire fabrication route through the 
direct reaction of Ga and flowing Ammonia in a tube furnace. 

EXPERIMENT 

The schematic diagram shown in Figure 1, illustrates the basic experimental set-up 
used in this work. Approximately 3 g of pure Ga metal was placed in a Boron Nitride boat 
which was set at the bottom of a horizontal oven. The tube of the oven was lined with a 
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Quartz r850-900°C') Cooled Cu 



Quartz tube BN Boat 


Figure 1. Experimental set-up for direct reaction of Ga vapor and Ammonia. 

quartz or BN liner for protection against contamination during growth. Ammonia was 
injected into the tube through a mass-flow controller (MKS Instruments, Inc., model 1259B) 
at rates ranging from 50-100 seem. The total upstream pressure was kept constant at 15 Torr. 
For GaN nanowire synthesis, the temperature in the oven was varied between 850-900 “C for 
3-4 hrs. GaN is formed through the reaction [11], 

2Ga + 2NH3 -> 2GaN + 3H2t 

so that the overall growth kinetics are influenced by the amount of ammonia and Ga at the 
growth surface. The resulting reaction products were collected from the cooled Cu block 
(see Figure 1), BN boat, and quartz liner, and subsequently studied through SEM, XRD, EDS 
and TEM. TEM samples were obtained by applying small amounts of glue onto Cu mesh 
grids and contacting them to the reaction products. Subsequent TEM analysis was carried 
out on a JEOL 4000FX transmission electron microscope operated at 300 KV. 

RESULTS AND DISCUSSION 

Figure 2 shows an SEM image of the direct-reaction products for samples grown for 4 
hrs at 900 “C and an NH 3 flow rate of 80 seem. Polycrystalline GaN hillocks tend to form 
spontaneously, while thin nanowires grow on top of the hillocks. These polycrystalline 
hillocks are believed to play a critical role in the nucleation and growth of the wires. SEM 
images reveal wires as long as 500 ^im. SEM images also showed what appeared to be 
mostly amorphous material from samples collected from the cooled copper block, compared 
to those collected from the BN boat and liner. 

Overall structural information from these reaction products were obtained through 
standard 6^-2^ XRD Bragg scans. Figure 3 shows typical Bragg scans obtained from samples 
collected from the BN boat and cooled Cu Block. For comparison, these samples were 
placed on Si substrates so that XRD data could be normalized under the Si (400) substrate 
peak. Strong peaks corresponding to a wurtzite GaN pattern were obtained from the samples 
collected from boat and liner, while much lower peak intensities were obtained from the 
samples collected from cooled Cu block. This confirms that a relatively low density of 
crystalline material is formed on the Cu block. 

To confirm the overall purity and composition of the reaction products, a JEOL 8900 
superprobe was used to carry out energy-dispersive x-ray analysis. Though the resolution of 
this instrument was not sufficient to isolate and analyze a single wire, an informative analysis 


W9.4.2 



Figure 2. SEM image of reaction 
products showing polycrystalline hillocks 
and nanowires. 
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Figure 3. XRD Bragg scan of reaction 
products can be indexed to GaN wurtzite 
structure. 


of selected areas was nonetheless carried out. That is, areas containing only the surrounding 
hillocks and areas containing both hillocks and nanowires were studied. EDS scans revealed 
both these areas to be very pure as evidenced by the strong Ga ka peaks in the scan shown in 
Figure 4. Strong N peaks were also revealed, confirming the purity of the reaction products. 



Figure 4. EDS spectrum (Counts vs. x-ray energy), of area 
containing at least one nanowire and surrounding area (hillocks). 


TEM Analysis 

Figure 5 shows TEM images of the two main types of wires observed in the reaction 
products. The first (Figure 5a), shows a wire with a diameter of approximately 26 nm and its 
(0001) selected area diffraction pattern (inset). This (0001) diffraction pattern confirms the 
wire has the wurtzite structure and interestingly, reveals the growth direction to be [2110]. 
While most of the wires seem to share this growth direction, a few wires exhibit features that 
suggest otherwise. Figure 5b shows a ~122 nm diameter wire with facets along the growth 
direction. Each of the two facets lie approximately 30 nm fi-om the edge suggesting that this 
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Figure 5. a) TEM image and (0001) DP (inset) showing 26 nm diameter wire, 
b). TEM image showing -122 nm wire with facets parallel to growth direction. 


particular wire actually grows in the [0001] direction. However, further analysis via precise 
zone axis diffraction patterns (ZAP) is needed to confirm the growth direction in these 
particular wires. The reaction products are oriented randomly on TEM grids, making it 
difficult to obtain precise ZAP analysis of the nanowires. 

TEM analysis was also used to gain a better understanding of the polycrystalline 
hillocks observed in the SEM images. These hillocks were shown to be composed of thin 
(and electron transparent) hexagonal platelets with the [0001] direction normal to the 
surfaces. Several nanowires were found to originate from the edges of the thin crystal 
platelets as shown in Figure 6. These images confirm that the wires do indeed grow in the 



Figure 6 . TEM images showing wires that were found to originate or grow from the 
edges of thin hexagonal platelets and along the [ 2110 ] directions. 
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[2110] direction, indicating that preferential nucleation and faster growth takes place along 
platelet edges rather than platelet faces. This is quite different from GaN nanowires reported 
in other studies [6-8], where growth directions are typically [0110] or [100] (in the three 
index system). 

CONCLUSIONS 

In summary, the fabrication of GaN nanowires through a direct reaction of Ga and 
flowing ammonia was demonstrated. SEM images showed that the reaction products consist 
of polycrystalline hillocks and wires with lengths exceeding 500 pm. EDS, XRD, and SAD 
showed that the wires are pure GaN with the wurtzite structure. TEM analysis showed that 
the hillocks consist of thin hexagonal platelets from which the wires tend to nucleate and 
grow. In particular, most wires grow along the [2110] directions, out of the hexagonal 
platelet edges. Thicker wires tend to show facets along the length and suggest a [0001] 
growth direction, or out of the platelet faces. Current work in progress includes structural 
analysis at the tips of the wires via high-resolution imaging to understand the overall growth 
mechanism. Much work is still needed to fully understand how and why nanowires grow 
through this relatively simple fabrication technique. Work is also underway to investigate 
the effect of several processing parameters including temperature and ammonia flow rate on 
the length and diameters of the wires [12]. 
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ABSTRACT 

In this work, the results of a study of the lithium insertion process in nanoporous carbons 
(NPC) obtained from carbides (SiC, TiC, M 02 C) by chlorination are presented. Lithium insertion 
was produced in the temperature range of 30-200 °C via the vacuum deposition and diffusion. 
The major analytical tools for study included nuclear reaction method and X-ray diffraction. 
Diffrision coefficients of lithium at this temperature interval were estimated. Possible mechanism 
of lithium diffusion is discussed. Investigation of phase composition of lithiated samples was 
carried out at room temperature. Phase composition is found to be dependent on the relationship 
between deposition and diffrision rates. 

INTRODUCTION 

In the past decade, significant research efforts have been focused on the search for suitable 
carbon materials as an alternative anode(s) for lithium rechargeable batteries. The main 
requirement to these materials is a high quantity of reversible lithium ion insertion. This property 
appears to be a function of the carbon network structure [1-2], The structural variation of carbon 
materials also plays an important role in the stoichiometry and phase composition of the lithiated 
carbons. 

In this paper, the process of lithium insertion in nanoporous carbons (NPC) obtained from 
carbides (SiC, TiC, M 02 C) by chlorination is studied. These materials are of interest for their 
high-developed surface (total porosity is up to 70%) on which lithium deposition can take place 
and for high open nanoporosity that makes it possible to have enough value of lithium diffrision 
coefficient. The objectives of the study are to determine lithium diffrision mechanism and the 
factors that affect the stoichiometry and phase composition of lithium insertion in NPC. 

EXPERIMENTAL 

The samples used in this study (bulk NPC) were obtained through the temperature 
chlorinating process from an intermediate product prepared on the base carbide powders (SiC, 
TiC, M 02 C). These materials have high total porosity up to 70% and nanoporosity about 50%. 
Their specific surface area is up to 1300 sm^/ g. Pore sizes and value of graphitised fragments in 
bulk NPC under study depend on initial carbide powder [3]. So pore sizes are the largest in the 
npC< Mo 2 C>B samples and are the smallest in the C< SiC>B ones. At he same time, total 
volume of ordered graphite fragments is the largest in the C< SiC>B samples. 

Lithium insertion in the samples being studied was carried out by vacuum evaporation and 
subsequent diffrision at the temperatures ranging from 30 °C to 200 “C. The nuclear reaction 
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7Li(p,a)'^He was applied to measure the concentration profiles of lithium. Protons with energy 
Ep=l ,1 MeV were used and a-particles were registered with Si surface barrier detector [4]. The 
total quantity of the evaporated lithium was monitored with Si sample. Is is known that in this 
temperature interval the diffusion of lithium into silicon does not practically take place [5]. In 
such a situation total quantity of evaporated Li is calculated by integration of the Li 
concentration profile. After cooling the lithiated samples were kept in an atmosphere of dry 
nitrogen. 

The investigation of phase composition of the lithiated samples was performed by means of 
X-ray diffraction measurements using a “ Geigerflex” D/max-Rc Rigaku diffractometer with a 
Co X-ray tube. 

Samples were round with their diameter larger than their height. Therefore, to estimate 
lithium diffusion coefficient we have used the one-dimensional solution of diffusion equation 
obtained under the assumption that diffusing atoms do not interact with each other and the 
supply of lithium is infinite; 


N(x) = Noe//c 


2A/Dt 


( 1 ) 


where erfc-complementary error function, N(x)- concentration at any point x, t-diffusion time, 
D-diffusion coefficient, No -surface concentration of Li. 

In some cases experimental lithium concentration profiles were given by the equation (1) 
with rather high accuracy (figure 1). This made it possible to determe lithium coefficient 
diffusion Dy by the fitting of the experimental curve with one erfc function. If the fitting with 
one erfc was impossible, we determined Dy, using the equation (1), in ten points of experimental 
curve and then calculated average value of diffusion constant (<DLi^)- As we will see below, the 
value of <Dy> may be used as the characteristic of the diffusion process. 



Figure 1. Lithium diffusion profile in the C<TiC>B sample .Temperature and time of diffusion 
are 80°C and 10 min respectively. Straight line is the best fit of experimental results. 

First of all we have carried out an investigation of the action of preliminary vacuum 
annealing on Li diffusion process. Table I shows <Dy> values in the samples under investigation 
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in the temperature range of 30 “C -100 °C before and after annealing at 200 °C during 4 hours. 
Diffusion process was conducted for 5 min. One can see that annealing leads to increase of 
<DLi> values. Effect of preliminary annealing depends on the type of samples under study and is 
more marked in the NPC with larger pore sizes. Moreover, a clear correlation is observed 
between the values of <DLi> and pore sizes: Du values are maximum in the C<Mo 2 C>B samples 
and are minimum in the C<SiC>B ones. It is known that disordered carbon structure does not 
change at annealing temperature up to 1100®C [6], so the main result of annealing is the removal 
of adsorbed water. Taking into account this circumstance, increase of <Du> after annealing can 
be connected with diffusion of lithium along the pore walls. 

Table I. Values of diffusion coefficients in the samples of NPC prior to and after preliminary 
annealing. Diffusion time 5 min. 


Sample 

Number 

T, 

<Dli>. 10’ 
cniVsec prior 
annealing 

cmVsec after 
annealing 

C<SiC>B 

2 

30 

2,5 

6,6 

C<TiC>B 

32 

30 

2 

12,6 

C'^Mo2 C>B 

6 

30 

3,28 

76 

C<SiC>B 

142 

80 

20,4 

33 

C<TiC>B 

32 

80 

13,6 

57 

C<Mo2 C>B 

6 

80 

200 

101 

C<SiC>B 

21 

100 

10,3 

21 

C<TiC>B 

44 

100 

2 

400 

C<Mo2 C>B 

43 

100 

175 

164 


In separate experiments we studied Li insertion in the annealed samples at different 
diffusion process durations. Lithium diffusion processes have been performed at temperature 
80“C during 5, 10 and 20 min. It turned out that the variation in the value of lithium diffusion 
coefficient, taking place as a function of diffusion time, depends on NPC type (Table 11). From 
Table 11 we can see that increase of diffusion time from 10 min to 20 min results in decrease of 
Dlj in the C<SiC>B sample by a factor of approximately 6. At the same time in the C<TiC>B 
sample lithium diffusion coefficient is constant with variation of diffusion duration in this 
interval. Besides, for example, if at diffusion duration 20 min the diffusion coefficient values 
varied from 4,l*10'’cm^/sec for the C<SiC>B sample to 3,5*10'® cmVsec for the C<TiC>B 
sample, almost by a factor of 9, then at diffusion duration 5 min., the values of diffusion 
coefficients for these samples differ from one another by a factor of only 1,5. 
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Table II. Diffusion coefficients at different durations of diffusion process. Diffusion temperature 
80“C. 


Sample 

Number 

<Du>.10'’ 

<Du>-10* 



cm^/sec tdif=5' 

cmVsec tdif=10’ 

cm^/sec tdif=20' 

C<SiC>B 

11 

33,4 

23 

4,1 

C<TiC>B 

32 

57 

32 

35 

C<Mo2SiC>B 

6 

101 

- 

- 

28 

_ 

27 

- 


28 1 

101 

- 

- 


It should be remembered that the insertion process of lithium into NPC samples is 
complicated. It includes lithium diffusion along pore walls and in graphitised fragments, 
accumulation of lithium in pores, intercalation Li in graphitised fragments and phase transition 
among intercalation stages. Certainly, all these processes are responsible for the value of Li 
diffusion coefficient. Therefore, we believe that the dependence of the diffusion coefficient on 
diffusion process duration can be related to intercalation or accumulation processes going 
simultaneously with diffusion process. It is possible that in the experiments with and without 
preliminary annealing Li diffusion process duration was short to manifest these processes. The 
results of XRD investigation of lithiated samples confirmed this assumption. 

XRD phase composition examination was conducted in the samples preliminary treated at 
300 °C for 70h to minimize the effects of water. Note that the formation of intercalation phase is 
observed mainly in the samples in which sufficient volume of the graphite-like fragments is 
available. This fact is in full accordance with results described in literature [7]. All the data 
presented below relate to the C<SiC>B samples. 

To follow the structural changes during diffusion process, XRD study has been performed 
from both sides of the sample under investigation. It should be emphasized that Li insertion in 
the samples does not give a pure single-stage compound as determined by XRD patterns. 
Coexistence of several phases was always observed. Some of the results are shown in Figure 2. 
As one can see, intercalation phases LiC 6 ,LiCi 2 LiC24 and large volume of carbonate Li 2 C 03 and 
carbide Li 2 C 2 phases are registered from the front side. At the same time from the back of the 
sample only small quantity of Li 2 C 03 and Li 2 C 2 is seen. No evidence of Li 2 C 03 and Li 2 C 2 
existence was received when the sample was polished from the front side at the depth of 0,4 mm. 
However, the intercalation phases LiC 6 ,LiCi 2 . LiC 24 are observed. Concentration profiles 
measured on both sides indicate that in this case high lithium gradient is available in the sample 
(figure 3). From this fact it transpires that the formation of Li 2 C 03 and Li 2 C 2 phases strongly 
depends on Li concentration. We suppose that at first Li clusters arise when high concentration 
of lithium is available in pores and then clusters react with atmospheric C 02 that is the cause of 
LiiCOs formation. As for Li 2 C 2 , additional experiments are required to understand the 
mechanism of their formation. 

It is evident that lithium filling pores will be dependent on the lithium deposition rate. We 
have examined the phase composition of the lithiated samples at different rates of Li deposition 
and diffusion. The total volume of carbonate and carbide phases decreased with the decrease of 
Li deposition rate and the increase of diffusion rate. As a result, it was stated that ratio between 
deposition and diffusion rates of lithium plays important role in the phase composition of 
lithiated samples. In order to exclude all possibility of formation Li 2 C 2 and Li 2 C 03 phases we 
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have used the impuls deposition of lithium. The duration of impuls (5 min.) was rather less than 
the time interval brtween impulses (3h). Thanks to this we have produced the samples up to a 
thickness of about 0,6 mm uniformly impregnated by lithium and eontaining intercalation phases 
only. 
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Figure 2. X-ray diffractional patterns of lithiated C<SiC>B sample for front side (a) and back 
side (b). Diffusion time 30 houres. 
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Figure 3. Concentration profiles 
measured on different side of sample #2 
C<SiC>B 


CONCLUSION 

We have investigated the process of Li insertion in nanoporous carbons at the temperature 
range of 30-200 °C. The diffusion process was studied at different deposition and diffusion rates. 

A comparison of diffusion processes in different NPC allows to conclude that the main 
mechanism of diffusion is lithium diffusion along pore walls. As a result of lithium diffusion 
process investigations in different NPC samples with and without preliminary annealing, it is 
stated that the value of lithium diffusion coefficient depends on the size of pores and their 
physical state. Values of Dy in the above-mentioned temperatures vary for different samples in 
the range lO"’ -10'^ cm^/s. The value of lithium diffusion coefficient depends on the diffusion 
process duration. It is elucidated that such behavior <DLi> reflects the different processes ±at 
occur in series during the entire insertion process: Li diffusion over pore walls, accmnulation of 
Li in pores giving rise to Li clusters and the formation of intercalation ph^es. 

Intercalation phases LC6, LiCi 2 , LiC 24 and LiC 4 o were observed. Besides, Li 2 C 2 and Li 2 C 03 
phases were registered in some cases. It was stated that the correlation between the diffusion 
rate and the evaporation rate is responsible for the phase composition. Based of this fact the 
process technology conditions for producing of lithiated samples without lithium carbide and 
carbonate were found. The samples up to a thickness of about 0,6 mm uniformly impregnated by 
lithium and containing intercalation phases only were produced. 

The studies were carried out on NPC samples developed and produced in collaboration with 
Skeleton Technologies Group. 
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Abstract 

In this paper we review the physics and the expectations that were put into the negative 
electron affinity (NEA) mediated field emission of chemical vapor deposition CVD diamond 
films and how the emitter technology made possible by this mechanism could have challenged 
the classical metal micro-tip field emitter arrays. We discuss the dependency between emitter 
performance of micro-tip emitter arrays and feature size (size of the field enhancing tip) and due 
to this to the connection between emitter performance and fabrication costs. 

We introduce the concept of the field enhancement distribution fiinction f(p) for a useful 
characterization of the field emission properties of thin film emitter and show how this 
distribution function can be measured by scanning anode field emission microscopy. Using f(P) 
measured on a thin film of randomly oriented multiwalled carbon nanotubes we show that even 
these kinds of low cost emitters can show a field emission performance comparable to micro-tip 
arrays, yet that the large spread in field enhancement values between the individual emitter 
prevent this performance to be fully exploited. This because the field range in which such thin 
film emitters can be operated is limited due to emitter disruption and triggering of vacuum arcs. 
Simulations show how resistor-limited emission can solve these limitations. 

Introduction 

In recent years various kinds of carbon thin films have been recognized as interesting 
materials for field emission cathodes. The development of the field emission flat panel display in 
the same time has further boosted this interest. Therefore investigation of the field emission 
properties and mechanisms of carbon based materials as single crystalline and chemical vapor 
deposition (CVD) diamond, diamond like carbon, nanocrystalline graphite and carbon nanotubes 
has become a domain of very active research. Though field electron emission from a perfectly flat 
metal surface requires electric field on the order of 2500 Vpm‘\ for the carbon based materials 
mentioned above field emission currents could be observed for applied electric fields below 10 
Vpm-\ 

Classical Fowler-Nordheim like field emission describes the tunneling of electrons close 
to the Fermi energy through a narrow surface potential barrier. When an electric field of the order 
of 2500 Vjum'^ is present at a typical metal surface with a work function of 5 eV the surface 
potential step confining the electrons to the solid, becomes a triangular shaped surface potential 
barrier. As the width of the barrier at the Fermi energy approaches 2 nm, the electrons have a non- 
negligible probability of tunneling from the solid into vacuum. Fields of the order of 2500 Vjiim'^ 
can practically only be created when the field enhancing effect of conducting tip-like structures is 
exploited. The field amplification of a tip at its apex is in first approximation equal to the aspect 
ratio (height/radius) of the tip. 

Although the effects of thermionic and field electron emission were discovered at about 
the same time, thermionic emission is almost exclusively used for technical applications where 
free electrons in vacuum are required. The first reasons for this is that thermionic emitters are 
rather simple, in the simplest case it is just a heated tungsten or tantalum wire. Further they can 
reliably deliver high emission currents of up to 400 Acm'^ for many thousand hours[l]. Field 
emitters on the other hand are able to deliver very high emission current densities of the order of 
10” Acm'^, but as tip like structures are needed to created the electric field required for the 
emission, the actual emitting area, which is the apex of the field enhancing tip, is usually very 
small. The higher the field enhancement the smaller the emitting area gets so that the emission 
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current from a single field emission tip is usually small. Therefore field emitter found 
applications only where the high emission current density and the small emitting area, leading to 
a high brightness, are advantageous and where the total emission current has not to be very high 
such as in high resolution electron microscopy. Though thermionic emitter have numerous 
advantageous features for technological applications, they are not suited for miniaturization due 
to the high operation temperature of 950°C-2500°C. Miniaturization of themionic emitter rneans 
to deal with increasing temperature gradients in the device. So that devices using thermionic 
emitter are difficult to build smaller than a few mm. Field emitter in contrast do not have such 
limitations, actually the miniaturization of field emitter is a key element to their success in 
vacuum microelectronics. The miniaturization of field emitters to microrneter sizes allows to 
integrate a large number of emitting tips on a surface and therefore achieving emission ciment 
densities with respect to the device surface which are comparable to emission current densities of 
thermionic emitter. A simple picture of such a field emitter is an array of micrometer sized tips on 
a flat surface. 

The metal micro-tip field emitter array 

Using some basic assumptions it is possible to estimate the emission current density of 
such a field emitter array, where the current density is with respect to the surface of the device 
and not the actual emitting area of the tip apex. This definition of current density is useful for 
technological consideration, e.g. for the comparison of field emitter arrays with thermionic 

emitter. . . ^ . 

As the basis of this estimation stands the description of the emission current of a single tip as a 
function of the electric field at the emission site. One has to distinguish between the applied field 
Eani being the homogenous electric field perpendicular to the surface of the field emitter array and 
the local field E at the emission site (which is the tip apex). In a simple diode configuration of 
two parallel plates separated by a vacuum gap d the applied field would be given by Egpi-V/d, 
where V is the bias voltage between the plates and d being the separation of the plates. The local 
electric field at the apex of the i^'’ field emitter tip is then given by Eapi*pi, where Pi is the field 
enhancement factor of the i* emitting tip. For our estimation of the emission current density we 
assume that all the tips are needle shaped (cylindrical shafts with spherical caps) having the same 
height h and the radius of curvature at the apex r. We have shown that for a tip array of identical 
tips the maximum emission current at a fixed applied field is obtained, when the spacing between 
the individual tip in the emitter array is twice their height h. An optimal emitter array would then 
be a hexagonal array of tips (height h and radius at the apex r) where the next nearest neighbor 
distance is 2*h. For this configuration the device surface area per tip A^p and the emitting surface 
Ae are given by: 


Aj.,p = 2-Jlh^ ( 1 ) ( 2 ) 

where a is a proportionality factor on the order ofl. So that the emission current density 
Jd with respect to the surface of the emitter array is given by: 

where Jfn denotes the Fowler-Nordheim relation giving the emission current density as a 
function of the local field E and the emitter work function (]). The maximum cuirent density Jd 
will depend on the maximum local current density Jfn which a tip can support. This value will be 
material dependent and will also depend on the requirements with regard to emitter life time. For 
a constant work function (given by the emitter material) and a given maximum local emission 
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current density Jfn, the value of E=Eapi*P can be determined from the Fowler-Nordheim relation. 
So that the maximum device emission current density Jd can be determined as a function of the 
applied field at which the device should deliver the maximum current density Jfn, max- Figure 1 
displays the dependence of the maximum device emission current density Jd and the applied field 
of operation for different maximum local emission current densities Jfn- As one can observe in 
order to achieve a Jd of the order of 10 Acm'^ (which is a typical current density of themionic 
emitter) in an applied field range of 2-10 Vpm’’ requires that Ae single emitters can sustain local 
field emission current densities in the range of 10^-10^ Acm’^. 
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Figure 1 

Emission current density with respect to 
the emitter array surface area Jd as a 
function of the applied field of 
operation. The dashed curves represent 
the maximum theoretical Id for a 
hexagonal field emitter array for 
different max. Emission current densities 
per single emitter JpN.nuw Egpi denotes the 
field needed to achieve the max. single 
emitter current density JFN,niax- 


Using high density, gated metal micro tip field emitter arrays, values of Id of 100 Acm’^ 
can be achieved at applied fields of the order of 100 Vpm‘^[2]. With a Jd of the order of 100 
Acm'^ such field emitter array can challenge thermionic emitter. However the production of metal 
micro tip field emitter arrays involves expensive lithographic processes, which has triggered the 
interest in efficient low cost field emitting materials. 

One of the disadvantage of using field emitter for large area electron sources is the need to 
fabricate a large number (~10°-10® cm'^ of micrometer or even sub micrometer sized tips. Due to 
the steep current-field characteristic of field emission the requirement to the geometric properties 
of the individual tips is very high further complicating the manufacturing process and raising 
production costs. For a work function of 5 eV the relative change dl/I of emission current of a 
single emitter is a factor of ten with a relative change of field enhancement dp/j3 of 10%. Which 
means that if the aspect ratio and therefore the field enhancement of the field enhancing tip in a 
field emitter array is controlled within 10%, the field emission current form the individual tips 
will show a scatter over one order of magnitude. 

The key to success of field emission tip arrays is to produce micrometer sized tips with a 
high density and with a high degree of control over the aspect ration of the individual tip. The 
fabrication techniques employed in the semiconductor industry offer the possibilities to fabricate 
such emitter arrays. As the Moore’s law, describing the exponential decrease of feature size in 
semiconductor industry with time, one can expect a similar development for field emitter arrays. 
Here the decrease in feature size and therefore an increase in emitter density will increase the 
performance of the emitter array. Unfortunately there is a second Moore’s law stating that the 
exponential decrease in feature size comes with an exponential increase of production costs and 
wherefore in analogy, the fabrication of micrometer sized emitter arrays is expensive. 
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Chemical vapor deposition diamond field emitter 

CVD diamond films seemed to offer a field emitter which had not to rely on field 
enhancing structures and therefore not being subjected to the unfavorable relation of emitter 
performance and emitter cost of the field emission tip arrays. Because of the negative electron 
affinity (NEA) of the hydrogen terminated diamond surface it was thought that diamond could 
deliver electron emission at moderate local electric fields of the order of 10 Vpm* and without 
the need of field enhancing structures[3]. These expectations where backed by numerous 
experimental observations of field emission at applied fields below 20 V|im‘ [4]. 

In a semiconductor the electron affinity is defined as the energy difference between the 
vacuum level (lowest electron state in vacuum) and the conduction band minimum. Usually in 
ordinary semiconductors such as silicon or germanium this energy difference is positive. When 
the work function of the semiconductor is comparable to the gap energy ,as in the case of 
diamond, the electron affinity can become negative. This means that an electron in the conduction 
band can be emitted into vacuum without experiencing a surface potential barrier. This effect can 
be readily observed in photo- or secondary emission experiments on NEA single crystalline or 
CVD diamond. 

A CVD diamond field emitter making use of NEA would therefore rely on three main 
processes: 

- Injection of electrons into the conduction band of a CVD diamond thin film at the 

diamond-metal interface. 

- Transport of the electrons in the conduction band to the diamond surface. 

- Emission of the electrons into vacuum due to NEA. 


Production Costs 



Emitter Quality 
Emission Site Density [cm’^] 


Figure 2 

The diagram illustrates qualitatively the 
dependence between the emitter quality 
expressed by the emission site density and 
the production costs. 


The way to an efficient NEA CVD diamond emitter would mean to optimize each of the 
three above mentioned points. The injection would require a very narrow Schottky barrier and an 
effective field penetration into the diamond film. The transport of the electrons to the surface 
requires a low defect density and a low density of grain boundaries in order to prevent trapping 
and recombination of electrons, which would then be lost for the emission. The emission at the 
diamond surface requires that the entire surface is in the NEA state, which can be controlled by 
the surface hydrogen termination and by the crystalline facetting of the surface. 
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Tile optimization of a NEA CVD diamond field emitter would proceed via the control of 
interface, bulk and surface properties of the diamond thin film. These are typical tasks in thin film 
deposition and can be achieved without considerably increasing the costs of the deposition 
process. The key point making the concept of diamond NEA emitter so attractive, is fhat this 
emitter is not suWitted to the close relation between emitter performance and emitter costs as the 
field emission tip arrays. 

Due to the second Moore’s law of semiconductor industry the field emission tip arrays 
have to battle against the relation between feature size and production costs. Meaning that a 
decrease in feature size (size of the tip), giving an increased emitter density and therefore 
increased emitter performance, is connected with an considerable increase in the production costs. 
In Fig. 2 the emitter quality is expressed as the emission site (or emitter site) density on the 
horizontal axis. The vertical axis expresses qualitatively the production costs, where file scale 
would be rather logarithmic than linear. 

Although the experimentally observed field emission properties of CVD diamond films, 
with emission site densities ranging from a few tens to 10^ per cm^ (dark gray ellipse), can not 
match the micro-tip field emitter arrays, CVD diamond thin films seemed to offer a great 
potential for the further development. Assuming the NEA emission mechanism, CVD diamond 
thin films could be developed to show emission from the hole cathode area and not fi-om the 
relatively small surface area of a tip apex. The emission current density would only be limited by 
the injection current density at the metal-diamond interface. 

The actual development in CVD diamond field emitter cathodes could not back this exciting 
perspective. The improvements made in the CVD diamond film emitter was just opposite to what 
NEA emission would require. Figure 3 shows the emission image on a phosphorus screen of a 
nanocrystalline CVD diamond film at different applied electric fields. 


a) 3.5Vfim'’ b) SVum"* c) bV^m' 



Figure 3 

Field emission image on a phosphorus screen of a nanocrystalline CVD diamond film of 10x10 mm^ at different 

applied fields. 

Whereas the NEA emission mechanism would require high crystalline quality (as 
discussed above) the diamond films showing good field emission properties such as displayed in 
Fig. 3 are of nanociystalline and highly defective nature. Further where NEA emission required 
insulative films for field penetration the nanocrystalline CVD diamond films are in general rather 
conductive. Also the influence of the contact-diamond interface to the field emission properties 
has sown not to be as essential as expected from NEA emission. 

As can be seen from Fig. 3 the emission is spotty, where the spot density (emission site 
density) is a function of the applied field. The difficulty in the investigation of the field emission 
properties of these kind of thin films emitters resides to a good deal in the spotty nature of the 
emission. This because the field emission I-V measurements can not give conclusive information 
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about the emission mechanism as the work function, the electronic structure and the geometry of 
the emission spot are not known. Yet as the emission is originating only from a small fraction of 
the whole thin film these data are difficult to acquire by large area measurement techniques 

We have used field emission spectroscopy (FES) measuring the field emitted electron 
energy distribution in order to elucidate the field emission mechanism of CVD diamond 
films[5,6]. We could show that the electrons are emitted from the Fermi energy of the samples 
and that the shape of the energy distribution is typical for Fowler-Nordheim tunneling as opposed 
to NBA emission from the conduction band. FES further allowed us to determine the emitter 
work function of CVD diamond emitter to range between 5.5 and 6.2 eV. Further we could show 
that although the field emission occurred at applied electric fields on the order of 10 Vpm the 
field at the emission site is enhanced by geometric field enhancement to values of the order of 
3000 Vjum'\ It can therefore be concluded that the emission from nanocrystalline CVD diamond, 
as in the case of micro-tip arrays, is due to local geometric field enhancement. 



Figure 4 

SEM images of a good emitting CVD diamond film grown by MW-PECVD at 950“ C and 5% CH, in H 2 atmosphere. 

Figure 4 displays SEM micrographs of a good emitting, nanocrystalline CVD diamond 
film, where the sharp protrusions responsible for the field enhancement are visible. As the low 
applied field electron emission of nanocrystalline CVD diamond is due to local field 
enhancement and not NEA the development of CVD diamond emitter is subjected to the same 
problems as the development and fabrication of metal micro-tip field emitter arrays. The 
envisioned low cost development route as depicted in Fig. 2 is therefore not realistic. As for metal 
micro-tip emitter arrays the improvement of the emission properties of CVD diamond thin film 
emitter goes via the control over the field enhancing structures. This submits the development of 
CVD diamond emitter to the same kind of cost-emitter quality relation as the metal micro-tip 
arrays (see Fig. 2) and therefore puts their attractivity into question. 

However one should note that as a “low quality” field emitter with emission site densities 
on the order of 10"^ cm‘^ and emission current density of the order of 10-100 mAcm at applied 
fields of about 10 Vpm'^ the nanociystalline CVD diamond thin film emitter are considerably 
cheaper as metal micro-tip emitter arrays and might therefore still be suitable for applications 
where the emitter requirements are not very stringent. 

Carbon nanotube thin film emitter 

In the case of multiwalled (MWNT) or singlewalled (SWNT) carbon the situation is 
similar to the CVD diamond emitter, where field enhancing structures can be grown on surfaces 
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in large numbers using low cost deposition techniques. The emission of carbon nanotubes is 
clearh 



Figure 5 displays a film of randomly oriented MWNT grown on a silicon wafer by 
pyrolysis of acetylene in a nitrogen atmosphere at substrate temperatures of 900° C. As catalyst 
for the nanotubc growth 10 nm Ni was sputtered on the silicon. Such kind of randomly oriented 
nanotube thin films with a rather low density of tubes show already a very good field emission 
performance. 


Figure 6 

Scanning anode field emission 
measurement of a MWNT thin film 
(sample displayed in Fig 5). The map 
shows the extraction voltage as function 
of the x-y anode position for a constant 
emission current of 10 nA and an anode- 
sample distance of 5 pm. The scale bar 
is 50 pm. 



Figure 6 displays a scanning anode voltage map V(x,y) of the nanotube thin film of Fig. 5 
showing die voltage needed to obtain a fixed emission current of 10 nA as a function of the 
position of the anode. In this measurement the surface of the nanotube thin films is scanned at a 
constant distance of 5 irm by a tip anode of 1 pm tip radius. The resulting voltage map V(x,y) is 
displayed as gray scale image plot. The individual emission sites show up as dark spots in this 
plots indicating that a low voltage is needed at this positions to obtain the fixed emission current 
of 10 nA. Strong emission sites are characterized by a low value of the anode voltage at the 
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minimum of the emission spot and also by the size of the emission spot. As one can see there is a 
large scatter in the field emission performance of the individual emitters. In the scanned area of 
200 x200 |im^ 157 emission sites can be identified which corresponds to a density of about 
400’000 cm’l It becomes clear from Fig. 6 that the characterization of the emission properties of 
a nanotube thin film emitter means the characterization of a large ensemble of individual emitter 
with different emission properties. 

In order to obtain a realistic description of the electron emission from a thin film emitter 
ensemble, the emission properties of a single site need to be characterized. To do so we start the 
assumption that the FN-law correctly describes the current-field characteristics of MWNT field 
emitter. For our considerations we use the simplified formula of Brodie and Spindt [7]: 


I=A 


1 . 5 > 10 ^ 
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f ( 



- EapI-P ) 


( 1 ) 


I is the emission current of a single emitter in Ampere, (]) the emitter work function in eV, 
p the field enhancement factor and Eapi the applied electric field. Eapi is given by the applied 
voltage V and the anode-cathode separation d by EApi=V/d. The product of p and Eapi gives the 
local electric field present at the emission site Esite=EApi*p. Changes in the emission current of 
different emitter according to (1) arise from changes of the emitting surface A, the work function 
(j) and of the field enhancement factor p. Using FES we have determined the work function of 
MWNT emitter to be 4.9±0.2 eV and from this value also the emitting surface could be 
determined to range from 10'^ to 10‘^° cm^[8]. One has to be aware that although A has the 
dimensions of a surface it also contains information about the electronic structure of the emitter 
and therefore doesn’t only account for the geometric emitting surface. 

If we assume that all the MWNT emitter have the same work function (1)=4.9 eV and the 
same emitting area A=10‘’ cm^ relation (1) becomes very simple: 

/=3.4.10-4,/J^exp(^) (2) 


Leaving the field enhancement p the only parameter determining the emission properties 
of a single emitter. To characterize the emission properties of a large ensemble of emitter such as 
the nanotube thin film of Fig. 5 and Fig. 6 we just need to know the field enhancement 
distribution function f(p)[9]. Where AN=f$)Ap is the number of emission sites per unit area 
having a field enhancement factor in the interval [P,p+Ap]. The determination of this field 
enhancement distribution function f(p) characterizes the thin film field emission properties. Of 
course the question has to arise whether the assumption of a constant work function justified by 
the fact Aat all emitter are of the same material) and a constant emitting surface (justified by the 
fact that all emitter are of the same dimensions) is not to severe. In fact one can test how a 
relative change of <]) and A in relation (1) influences the value of p in order to obtain a constant 
emission current. For an emission current of 10 nA a relative change of the work function of 0.2 
eV => A(l)/<|)=0.2/4.9=0.04 would lead to a relative change of the field enhancement factor of only 
5 % (Ap/p=0.05). Under the same conditions a relative change of the emitting surface of one 
order of magnitude AA/A=10 leads to a relative change of only 11% for p (Ap/p=0.11). 

From voltage maps such as displayed in Fig. 6 the f(p) can be determined. As the voltage 
scan is performed at a constant emission current, according to relation (2) the local value of 
Esiic=EApl*p(x,yhV(x,y)*P(x,y)/d is constant too. Here Esite denotes the local electric field 
present at the emission site needed to obtain the fixed emission current of the voltage map. The 
local field enhancement p(x,y) map can therefore be derived from the voltage map V(x,y) by 
p(x,y)=Esitc*dW(x,y). 
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Figure 7 

Diagram a) displays the field enhancement map derived from the voltage map of Fig 6. The scale bar is 50 |im and 
the white crosses denote the emitter positions. Diagram b) shows the histogram of the field enhancement map from 
which the field enhancement distribution function can be derived. 

Figure 7a displays the field enhancement map P(x,y) derived from the voltage map of Fig. 
6. The emission sites now show up as local spots of high field enhancement values. The 
histogram of the beta map (see Fig. 7b) is now proportional to the field enhancement distribution 
fimction f(p). Where the proportionality a factor equals: 

f(l})=a-msmx,y),m a= ^ 

Where Nemitter is the number of emission sites in the p-map (157 in this case), Ndxei is the 
number of measurement points in the P-map (100*100 in this case), Ap is the bin width of the 
histogram and A is the surface area of the P-map (4*10 '* cm^). As can be seen from Fig. 7b f(p) 
has the shape of an exponentially decreasing function with p. The histogram over estimates f(p) 
in the high p region due to the larger apparent size of high p emission sites in the P-map. From 
Fig. 7b one can determine the field enhancement distribution function for this sample to be: 
f(P)=1.2e5exp(-0.024*p) [cm'^]. 

From the voltage map of Fig. 6 one can determine that there are about 400’000 emitter per 
cm^ delivering emission currents of 10 nA for applied fields below 40 Vpm'\ Compared with 
metal microtip arrays operating at applied fields around 100 Vjxm'^ this figure seems very 
promising. The constant current measurement however is particular because a field emission 
cathode will be operated in most of the cases at a constant applied field. Under such condition the 
large spread of field enhancement values (see Fig. 7b) will lead to the situation that under 
constant field conditions the emission current will be carried only by a few, high P emission sites. 

Figure 8 shows simulations of the emission image on a phosphorus screen (comparable to 
the measurements of Fig. 3 for f(p)=1.2e5exp(-0.024*p) [cm‘^] assuming relation (2) for the 
emission current of a single emitter. Figure 8a displays the emission image for an applied field of 
4.4 Vpm"' giving an emission current density of 0.31 mAcm'^. 
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Figure 8 

Diagram a) and b) display field emission simulations of an field enhancement distribution function f(P)= 1.2e5exp(- 
0.024*p) [cm'^] at applied field of 4.4 V|im‘' for a) and 5.6 V|im'' for b). The emission site are randomly distributed. 

As one can see the current is carried only by a few emitter and that there are a large 
intensity differences between the emitter. When the applied field is increased to 5.6 Vfim' the 
emission current density has increased to 16.7 mAcm" . The increase in field has increased the 
emission site density as new emitter with lower P become visible, at the same time the high p 
emitter are now delivering such high emission currents that the screen is by far in saturation and 
that these emitter start to disrupt, burn-out or even trigger vacuum arcs. This means that for such 
emitting films the emission site density on the screen is not limited by the actual emitter density 
which as we have seen can be very high, but by the applied field level at which irreversible 
damage to the thin film occurs by emitter disruption or vacuum arcing. 



Figure 9 

The diagram shows the current-field 
characteristics for a single MWNT 
emitter according to relation (2) 
(dashed line) and the according 
parallel resistor limited characteristic 
(solid line). 


The introduction of a current limitation in the emission characteristic, e.g. by a parallel 
resistor for each emission site can improve this problem considerably. Figure 9 displays the 
current-field characteristic for a resistor limited emission (solid line) derived from relation (2) 
(dashed line). The resistor value has been chosen to limit the emission current of a single 
emission site at about 1 pA. If we now take the current limited emission characteristic for the 
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simulation of the emission behavior for the same f(P) as for Fig. 8 one can observe how the 
emission homogeneity is considerably increased at the expense of a higher field of operation. 
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Figure 10 


Simulation of the emission analog to Fig. 8 for resistor limited emission at 5.6 V)am'^ a) and 6.9 V|.im'^ b). 


Figure 10a displays the simulation of the emission image for the resistor current limited 
characteristic of Fig. 9 analog to the simulations of Fig. 7. One can see that for an applied field of 
5,6 Vpm'’ the emission density is comparable to the analog simulation for the unlimited emission 
characteristics of Fig. 7b. But due to the current limitation the emission current density is only 0.2 
mAcm'^ as compared to 16.7 mAcm'^ without current limitation. There are no emission sites 
reaching emission current levels critical for emitter disruption or arcing, that is why the applied 
field can be further increased. The emission current density is 1.2 mAcm'^ for an applied field of 
6.9 Vpm'' in Fig. 10b. One can see that for a much lower emission current density the emission 
homogeneity is very much increased and the problem of emitter disruption and vacuum arcing 
can be solved by the current limitation. 

Conclusions 

The attractvity of CVD diamond emitter as material for field emission cathodes had its 
origin in the possibility of this material to solve a major problem in the development of classical 
metal micro-tip field emitter arrays. The performance of a micro-tip emitter is connected to the 
feature size (and therefore tip density), so that better performance is linked with decreasing 
feature size. The problem arises from the fact the fabrication costs rapidly increase with 
decreasing feature size. Due to the NEA electron affinity of diamond it was thought that an 
emitter technology could be realized which does not depend on feature size, but on bulk, interface 
and surface properties of a thin film. Properties which can be controlled in the deposition process 
of the film and therefore development and optimization of the emitter is not necessarily connected 
with an increase in production costs. Today however it becomes more and more clear that the 
field emission of CVD diamond is also due to field enhancement at local structures and that 
therefore CVD diamond emitter are also subjected to the problematic relation between feature 
size and emitter quality. This of course, reduces the attractivety and the potential of this material 
for field emission applications considerably. 

Carbon nanotube thin field emitter started from a similar situation as the CVD diamonds, 
in the sense that there is a low cost approach to fabricate thin film field emission cathodes . The 
difference to CVD diamond is that one agi'ees that the emission is due to field enhancement at 
small tips. We have showed that even for randomly grovm MWNT thin films the emission site 
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density in a interesting applied field range of 50 Vpm’^ the emitter density can surpass 10 cm'^ 
and is therefore comparable to micro-tip arrays, at a traction of the production costs. Yet the 
exponential field enhancement distribution of such nanotube thin film emitter exhibit is an 
obstacle for reaching a high emission site density as the emission current will be carried by only a 
few emission sites. An increase in the applied field above some critical value will further lead to 
irreversible damage to the emitting film due to emitter disruption and triggering of vacuum arcs. 
This effect leads to the situation that the emitting film can not be operated in a field range where a 
high emission site density can be achieved. The introduction of a current limiting mechanism, e.g. 
parallel resistor for each emitter, can solve this problem. As can be seen from Fig. 5 a resistive 
layer between the nanotube film and the substrate does not work, because the nanotube form an 
interconnected conducting network. The situation changes when the nanotubes are grown in small 
patches electrically disconnected of about 1x1 pm^ which is easily achieved by patterning the 
growth catalyst[10]. The resistive layer would therefore limit the emission current of a single 
patch, where it has to be expected that there will be only one dominating emitter in each patch 
The emission site density is the given by the patch density, which can be easily of the order of 10^ 
cm"^. This would be a low cost approach for the fabrication of a thin film field emitter, which can 
compete against the micro-tip arrays. 

In general the fabrication cost will be a key issue in the success of nanotube field emitter 
and therefore in the optimization of nanotube field emission cathodes one has to find the balance 
between improvement of the emission properties and increase in process complexity and 
therefore fabrication costs. 
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ABSTRACT 

We present simulations of field emission from carbon nanotubes, using a transfer-matrix 
methodology. By repeating periodically a basic unit of the nanotubes in the region preceding that 
containing the extraction field, specific band-structure effects are included in the distribution of 
incident states, i.e. those entering the field region. The structures considered are the metallic 
(5,5) and the semiconducting (10,0) single-wall carbon nanotubes. The total-energy distributions 
of incident states show the gap of the (10,0) and the expected flat region for the (5,5) nanotube. 
The field-emitted electron energy distributions contain peaks, which are sharper for the (10,0) 
structure. Except for peaks associated with van Hove singularities in the distribution of incident 
states or with the Fermi level in the case of a metallic structure, all peaks are shifted to lower 
energies by the electric field. 

INTRODUCTION 

Like other forms of nanostructured carbon, the nanotubes [1-3] show interesting field- 
emission properties such as low extracting field, high current density, and seemingly long 
operating time. In general, the current-voltage characteristics of the nanotubes are found to 
follow a Fowler-Nordheim type tunneling law [4] with an emitter work fiinction varying between 
4 to 5 eV depending on the type of nanotubes. Electronic states localized near or at the very end 
of the nanotube influence the current emission profile [5], The localized states are relatively well 
documented for various kinds of tube termination [6-9], Such localized states can be induced by 
the extracting electric field, as shown by recent ab-initio calculations [10]. 

To study field emission from carbon nanotubes, we used the transfer matrix technique 
developed in previous publications [11-13]. From a given three-dimensional potential-energy 
distribution (describing two biased electrodes), this methodology predicts the corresponding 
emitted current. For this specific application, the potential energy was calculated using for the 
first time the Bachelet etal pseudopotentials [14]. In addition, in order to reproduce band- 
structure effects in the distribution of incident states, a basic unit of the carbon nanotubes was 
repeated periodically, in an intermediate region between the supporting metal substrate and that 
containing the extraction field. 
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Figure 1. Geometry of the situation considered. Region I {z<a.N) is a perfect metal. The 
intermediate region -a.N<z^ contains //periodic repetitions of a basic unit of the nanotube. 
Region II (0<r^) contains the part of the nanotube subject to the electric field. Region III (z^) 
is the field-free vacuum. The arrows in the Regions I and III symbolize scattering solutions, with 
a single incident state in Region I and the corresponding reflected and transmitted states (whose 
coefficients are contained in the transfer matrices and respectively). 


THEORY 

The geometry considered in this paper is that depicted in figure 1. The emitting nanotube 
stands in a region (Region II, 0:^^) between a supporting metal substrate (Region I, z^N.a) 
and the field-free vacuum (Region III, z>D). An electric bias V is established between the two 
limits of Region II. The intermediate region -a.N<z^ contains //periodic repetitions of a basic 
unit of the nanotube. 

The potential energy in Region 11 is calculated essentially by using techniques of Ref [11], 
with a pseudopotential for the ion-core potential. For this ion-core contribution, we used the 
expression given in Ref [14] for the /=! states. This choice is justified by the fact that the 
electronic current in nanotubes is due to 7C electrons. The atomic orbitals, representative of the 4 
valence electrons of each carbon atom, are represented here by the sum of two Gaussian 
distributions T = A(cxp(-a^r^) + exp(-cif 2 ^^)), where the two parameters a, = 0.35/aJ and 
Gfj -1 AO/al (ao=Bohr radius) are those recommended in Ref [14]. These electronic densities 
are displaced from the nucleus positions by Ar quantities, which are related to the dipoleof 
the corresponding carbon atoms by ^ = -4eAr. These dipoles are those induced by the 
extraction field and take account of dipole-dipole interactions. They are calculated by using the 
techniques of Ref [12] for an anisotropic polarisability with radial and transversal components 
of 3 and 0.865 respectively [15]. The electronic exchange term is evaluated using the Local 
Density Approximation (with Q and/? the local electronic 

density)[l 1]. 

To compute electronic scattering from the supporting metal (Region I) to the vacuum 
(Region III) by taking account of all three-dimensional aspects of the potential barrier in the 
intermediate regions, we used the transfer-matrix technique developed in previous publications 
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[12-13]. In this formulation, the scattering electrons remain localized inside a cylinder of radius 
R in the regions preceding the vacuum Region III (R is much larger than the nanotube radius). 
The wave function is expanded in terms of basis states 

'i'iy = A„j’^„(k„ jP)exp{m(p)Qxp(±i^^(E- V^^^ in the Region I and 

= A^ jJ^ (k„jp) exp(im (p) Gxp(±i^^ Ez) in the anode plane z=D. Here the ± refers to the 

propagation direction relative to the z-axis, which is oriented from Region I to region III. The 
Amj are normalization coefficients and V^et is the potential energy in the metal. The methodology 
then provides the amplitudes of the reflected states and transmitted states 

corresponding to single incident basis states in the metal (see figure 1 for a schematic 

representation). Total current densities result then from the contribution of all solutions 
associated with a propagative incident state in the metal. 

RESULTS 

The two structures considered in this paper are the armchair (5,5) and zigzag (10,0) 
nanotubes. To reproduce the energy distributions associated with the band structure of carbon 
nanotubes, N=\6 repetitions of a basic unit of the corresponding nanotubes were inserted 
between the metal in Region I and the beginning of the potential barrier at z=0. Calculations 
show that 16 repetitions are sufficient to reproduce the gap of the (10,0) and the metallic plateau 
of the (5,5) nanotube in the distribution of incident states. The work function W of these two 
nanotubes have the values corresponding respectively to the middle of the gap (5.75 eV) for the 
(10,0) or the middle of the metallic plateau (5.25 eV) for the (5,5) structure. 

An electric bias of 12 V is established between the supporting metal and the vacuum. The 
scattering simulations are performed by considering a confinement radius R of 4.5 nm, basis 
states characterized by m subscripts ranging from -10 to +10 and transverse wave vectors k^j 

restricted by j < (E + AE) with AE = 4 eV. It was found that the electron energies have to 

range over 16 eV below the top of the potential barrier to reproduce with reasonable accuracy the 
position and width of the gap and metallic plateau of the (10,0) and (5,5) nanotubes, respectively 
[16]. For this reason, the Fermi energy in the supporting metal was given the value Ef=16 eV- 
W. 

Field emission from an open f5,5) carbon nanotube 

The first simulations consider an open (5,5) carbon nanotube. This armchair nanotube is 
metallic. We consider in the field-free region z^ 16 units of this molecule (corresponding to 320 
atoms), which are connected to 7 units (corresponding to 140 atoms) in the region z^ where the 
extraction field is present. The first and last atoms in this region are then located respectively at 
z=0.061 and 1.660 nm. The radius of the tube is 0.339 nm (the radius of a Ceo molecule). 

The extraction bias is 12 V and variations of the extraction field are obtained by changing 
the distance D between the two electrodes. A section of the potential-energy distribution 
(corresponding to an electrode separation Z) of 4 nm) is represented in the left part of figure 2. 
The nanotube acts essentially as a metallic cylinder, so its interior is nearly at a constant potential 
[17-18]. The carbon atoms are clearly indicated. 
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Figure 2. Left: Potential-energy distribution for an open (5,5) nanotube corresponding to an 
extraction bias of 12 V and a grid separation of 4 nm. The basic unit below z=0 is repeated 16 
times. The contour levels correspond to integer potential-energy values. A cut-off at -20 eV is 
applied to improve the visibility of positive values. Right: Normalized total energy distribution 
of the incident states at z=0 (solid) and of the transmitted states at z=D for an applied electric 
field of 0.20 (dashed), 0.25 (dot-dashed) and 0.30 V/A (dotted). The maximal values are 
respectively 0.23 10■^0.11 lO’^O.S? 10'^ and 0.81 10'® A/eV. 

The total-energy distribution of the field-emitted electrons is illustrated in the right part of 
figure 2. The four curves correspond to the incident distribution at z=0 and the transmitted 
distribution at z=D for an applied electric field of 0.20, 0.25 and 0.30 V/A. The absolute values 
as well as the width of the distributions are increasing with the extraction field, in agreement 
with elementary field-emission theories [19]. In all cases, there is a significant contribution at the 
Fermi level (due to a higher transmission probability and a non-zero supply function). The sharp 
peak at the edge of the metallic plateau is a van Hove singularity [20]. The other oscillations in 
the distribution of incident states are due to standing waves in the nanotube. Their period tends to 
decrease with the number N of repetitions of the basic unit. 

There are well pronounced peaks in the distributions below the Fermi level. They move to 
the left with increasing extraction bias as a result of field penetration, which lowers the potential 
energy at the apex of the nanotube as well as its mean value in the whole nanotube. Similar 
displacements have been observed experimentally with carbon emitters [3,21]. The peaks tend to 
the positions observed in distribution of incident states at z=0. This can be understood if we still 
relate these peaks to standing states in the whole nanotube. At low electric field, the effective 
length of the nanotube associated with standing waves is larger (since including parts in Region 
II) so the separation between peaks is shorter. At high fields, the end portion of the nanotube no 
longer tends to contribute to these standing waves, since its mean potential energy differs 
significantly from that in the region 2 <?). 

Representing log(//F^) as a function of //F (Fowler-Nordheim plot) gives a line, whose 
slope indicates [1] a field enhancement factor y of 3.8. This small value compared to 
experimental data, where y is typically found between 500 and 800 for multiwall nanotubes [1] 
and around 3000 and above for single-wall nanotubes [2], is obviously due to the small aspect 
ratio of the nanotube used in our calculation {L/D ~ 2.5). This also explains why the electric field 
used in the calculations needs to be a factor of 1000 larger than in experimental conditions [4]. 
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Figure 3. Left: Potential-energy distribution for a (10,0) nanotube corresponding to an extraction 
bias of 12 V and a grid separation D of 4 nm. The basic unit below z=0 is repeated 16 times. The 
contour levels correspond to integer values. A cut-off at -20 eV is applied to improve the 
visibility of positive values. Right: Normalized total energy distribution of the incident states at 
z=0 (solid) and of the transmitted states at z=D for an applied electric field of 0.20 (dashed), 0.25 
(dot-dashed) and 0.30 V/A (dotted). The maximal values are respectively 0.15 10'^ 0.40 10’^^, 
0.17 10’^^ and 0.37 10'^^ A/eV. 

Field emission from a (10,0) carbon nanotube 

In the last simulations, an open (10,0) carbon nanotube is considered. This zigzag nanotube 
is semiconducting. We again consider in the field-free region z:^ 16 units of this molecule 
(corresponding to 640 atoms), which are connected to 4 units (corresponding to 160 atoms) in 
the region z^ where the extraction field is present. The first and last atoms in this region are 
located respectively at 2=0.071 and 1.633 nm. The radius of the tube is 0.391 nm. The 
geometrical dimensions are therefore close to those of the open (5,5) structure. The 
corresponding potential-energy and total-energy distributions are presented in figure 3. The 
carbon atoms are organized by pairs in the potential-energy representation, due to the figure 
passing exactly through C-C bonds that are parallel to the z axis. 

The total-energy distributions present a gap, which is centered at the Fermi level. The peaks 
are sharper than for the metallic (5,5) nanotube (thus reaching the results of Adessi etal [5]). We 
can see that the sharp peak at the edge of the gap (which is due to a van Hove singularity) does 
not move significantly with the extraction field while all the others are shifted to lower energies. 
As in the previous case, the peaks reach the positions observed in the distribution of incident 
states. A field enhancement factor of 2.5 can be derived from the slope of the Fowler-Nordheim 
plot (essentially revealing the field-emission process to be inefficient). This small value is a 
consequence of the absence of emission at the Fermi level due to the gap. 

CONCLUSIONS 

Transfer-matrix calculations of field emission from carbon nanotubes were presented. With 
the use of pseudopotentials, the methodology takes account of band-structure effects (i.e. 
reproducing the gap of the (10,0) and the metallic plateau of the (5,5) nanotube in the distribution 
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of incident states) and of all three-dimensional details of the tunneling barrier. The total-energy 
distributions of both the semiconducting (10,0) and metallic (5,5) nanotubes contain peaks, 
which are sharper for the (10,0) structure. Except for peaks associated with the van Hove 
singularities in the distribution of incident states or with the Fermi level in the case of a metallic 
structure, all peaks are shifted to lower energies by the electric field. 
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ABSTRACT 

The electron field emission properties of sulfiir-assisted nanocrystalline carbon (n-C: S) 
thin films grown on molybdenum substrates by hot-filament CVD technique using methane- 
hydrogen (CH 4 /H 2 ) and hydrogen sulfide-hydrogen (H 2 S/H 2 ) gas mixtures were investigated. 
TTie field emission properties of the S-assisted films are reported as a function of sulfur 
concentration. The incorporation of S caused structural and microstructural changes that were 
characterized with SEM, AFM and Raman spectroscopy (RS). The S-assisted films show 
smoother surfaces and smaller grains than those grown without. The lowest tum-on field 
measured was around 4.5 - 5.0 V/jim films grown with 500 ppm of hydrogen sulfide and at 
900 “C. The electron field emission properties of S-assisted films were also compared to those 
grown without sulfur (i.e., intrinsic). An inverse correlation between the threshold field (Ec) and 
sulfur concentration was found. These finding are attributed to defect induced states within the 
electronic band structure. 

INTRODUCTION 

Cold cathodes as electron field emitters are potentially useful for field emission displays 
(FEDs) [1-3]. Recently, electron field emission (EFE) from diamond, disordered carbon and 
diamond-like carbon (DLC) attracted a great deal of interest for applications that require thin 
film cathodes and low threshold fields, in contrast to sharp metal tips (Spindt), such as flat panel 
displays (FPDs) [4-6]. In addition, DLC FED's are expected to be more cost-effective than the 
Spindt tips due to their complicated fabrication process [1]. Moreover, the excellent mechanical 
and chemical stability of carbon-based materials will result in highly reliable and stable emitters, 
even under extreme conditions. 

In spite of the fact that the original work on electron field emission from diamond was 
motivated by the discovery of its negative electron affinity (NEA) [7], the ease of emission from 
many carbon materials suggests that the NEA is not a prerequisite. So far, there is lack of 
agreement regarding the mechanism(s) for FE, and more general emission models are desirable 
[ 8 ]. 

Although, much research has been devoted to the emission from disordered [5] and 
nanostructured carbon [9], a detailed investigation of the influence of impurity incorporating 
elements concentration is of interest for application issues as well as for fundamental 
understanding. The field emission properties for the undoped and doped (N, P, B) materials have 
been studied by several authors [9-14]. In this study, we report our findings of the EFE 
properties on n-C: S thin films grown by HFCVD as a fonction of sulfur concentration, keeping 
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the substrate temperature fixed at 900 °C, and the corresponding microstmctural characterization. 
These results are also compared with those grown without sulfUr (i.e., intrinsic). Recent pioneer 
reports on the addition of sulfur in diamond as a donor dopant, both experimental and theoretical 
modeling [14-17], stirred great interest in the diamond community. The n-type dopants of 
diamond (like N, P and now S) have the potential to enhance the electron field emission 
properties of disordered and nanocrystalline carbon films by providing electrons close to the 
conduction band. Studies of the changes in the electron field emission properties upon sulfur 
addition have not been conducted so far, except for the substrate temperature dependence 
keeping the sulfur concentration fixed [18]. 

EXPERIMENTAL DETAILS 

The nanocrystalline carbon thin films in this study were prepared in a custom-built hot 
filament chemical vapor deposition (HFCVD) reactor, described elsewhere in detail [18]. The 
films were grown on mirror-polished molybdenum (Mo) disks of 1.4 cm diameter. All of the 
substrates were ultrasonically cleaned thoroughly in methanol for 15 min. They were then dried 
in He and placed immediately on a molybdenum substrate holder that is integrated with a 
graphite heater. The chamber was evacuated to 10'^ Torr or less before admitting the clean 
reactive gas mixture (s). 

During the growth process for the intrinsic material a 2% CH 4 :H 2 gas mixture with a total 
flow of 100 seem was directed through a heated Rhenium (Re) filament. Eight cm of Re wire of 
0.5 mm diameter was coiled, positioned 8 mm from the substrate, and Joule heated to 2400-2500 
°C as measured by an optical pyrometer (Dual-wavelength, Mikron M90 Model). The Mo 
substrate was mounted on a graphite heater to intercept the excited gas downstream from the 
filament. It was maintained at 900'930 °C during the growth process and the total gas pressure 
was kept at 20 Torr. Real-time SE was used to calibrate the true temperature of the substrate 
surface. A polished commercial Si substrate was used for the calibration, and the Ei transition 
energy from a line-shape analysis of the second derivative of the dielectric function provided the 
temperature of the surface, through the relationship T[K] = {3.486-Ei (eV)}/4.07x10"^ [18]. The 
resulting true temperature of the surface is typically ~ 30 °C higher than that if measured directly 
by thermocouple embedded in the heater block. Besides the above mentioned conditions, in 
order to incorporate sulfur (S) in the samples, hydrogen sulfide (H 2 S): hydrogen (H 2 ) premix gas 
mixture was introduced in the chamber along with CH 4 :H 2 mixture as feedstock gas. The S- 
assisted films were grown at various sulfur concentration ranging 500 ppm to 100 ppm with an 
interval of 100 ppm at a fixed substrate temperature of 900 °C. Some amount of sulfur becomes 
incorporated and hence the n-C: S notation. This presumption was corroborated and quantified 
by the surface analytical techniques such as energy dispersive x-ray analysis (EDX) and X-ray 
photoelectron spectroscopy (XPS). 

Typical film thicknesses were around 0.5 |im for all of the samples, measured 
mechanically using Tencor surface profilometer (Alpha Step 100). The surface morphology was 
investigated using scanning electron microscope (JEOL Model 35 CF) and atomic force 
microscopy (Nanoscope Ilia, Digital Instruments Inc.). Raman spectroscopy is used to analyze 
the structural phases in the films. The Raman spectra were recorded using a triple 
monochromator (ISA Jobin-Yvon Inc. Model T64000) with around 1 cm‘‘ resolution using 
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514.5 nm line of Ar^- laser. 
The spectra were recorded 
using 80x objective, and the 
probed area was about 1-2 

A field emission (FE) 
system consists of a metal 
base making electrical contact 
to the Mo substrate and a Mo 
anode (area = 0.071 cm^) 
attached to a micropositioner 
for varying the cathode-anode 
(dc-A) spacing with an 
accuracy of ± 5 jim. A 
Keithley 6517 electrometer 
with a detection limit of 10-20 
pA was used for measuring 
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Figure 1. Raman spectra for S- assisted nanocrystalline 
carbon thin films as a function of sulfur concentration ([S]) 
depicting the characteristic diamond, graphitic and disordered 
carbon signatures. 


the emitted current and a Bertran 210-05R high voltage power supply. Measurements of the I-V 
characteristics were performed in a high vacuum of 10'^-10'^ Torr. The tum-on voltage was 
defined as the voltage required to produce a current of 1 nA and the electric field was computed 
as Ec = applied macroscopic voltage/ cathode-anode spacing (V/dc-A [19,20]. 


RESULTS AND DISCUSSION 


The Raman spectra for the S- 
assisted nanocrytalline carbon (n-C: S) 
thin films grown by HFCVD as a 
function of sulfur concentration is 
shown in Figure 1. All of the samples 
were grown at a substrate temperature 
of 900 °C. The film grown with 100 
ppm shows the dominant 1332 cm'^ 
(fingerprint of diamond or sp^ bonded 
C). Qualitative inspection of Figure 1 
also shows broad features at 1150, 
1340 and 1580 cm'^ typical of 
nanocrystalline diamond (n-D) and 
disordered carbon dominated by 
microcrystalline graphitic inclusions, 
[20, 21] denoted by D- and G- band 
respectively. These latter features 
predominate with respect to the 
increase in sulfur concentration. While 
the film grown with 100 ppm is quite 
similar to intrinsic material (n-C), one 



Figure 2. Typical scanning electron (A and B) and 
the corresponding atomic force micrographs (C and 
D) of nanocrystalline carbon thin films grown by S- 
assisted HFCVD exhibiting the change in surface 
morphology on sulfur addition: (A and C) 2.0% 
CH4, no sulfur is incorporated in chamber, (B and D) 
2.0 % CH4, 500 ppm H 2 S. All of these samples are 
grown at substrate temperature of 900 “C. 
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can note the disappearance of 
diamond peak right at 300 
ppm of hydrogen sulfide 
concentration. The relative 
heights of the Raman peaks 
(D- and G-bands) differ in 
general. The difference 
among the Raman spectra can 
be explained by the sulfur 
additions. Under the specific 
growth condition considered 
in this study, sulfur tends to 
introduce disorder and defects 
considerably, similar to 
nitrogen incorporation, which 
induces graphitization of 
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carbon films [22^4]. 3 Electron filed emission I-V curves for the S- 

Changes in the surface assisted nanocrystalline carbon thin films as a function of 
moiphological Matures are concentration ([S]) deposited by hot-filament CVD. 

apparent from SEM and AFM dotted line (—) is the reference current (1 nA) to define 

techniques (see Figure 2). 

The ball-like morphology 

transforms to fine-grained on S-addition and the surface becomes relatively smoother. The grain 
size estimated using AFM increased from 20 to 60 nm upon decreasing the sulfur concentration. 
In addition, the grain size distributions range from 20-60 nm to 100-150 nm. The rms surface 
roughness estimated from AFM becomes reduced from 64 nm (for intrinsic) to 25 nm (for S- 
assisted). For a particular hydrogen sulfide concentration of 500 ppm and a growth temperature 
of 900 “C, the amount of sulfur introduced to the films was quantified to be around 0.5 % -1.0 % 


from EDX and XPS surface analytical techniques. 


Figure 3 shows the typical I-V 
characteristics obtained experimentally for 
these n-C: S films as a function of sulfur 


concentration. The measurements were not 
taken above 20-25 pA in order to prevent 
‘breakdown’. The lowest tum-on field 
achieved is ~ 4.5 - 5.0 V/ pm for the sample 
grown with 500 ppm H 2 S, while for the 100 
ppm it is 10.5 -11.5 V/pm, which is around 
the same as for the intrinsic material (n-C). 
On qualitative comparison with the previous 
studies using nitrogen and oxygen, the films 
grown with higher nitrogen to oxygen ratio 
have shown a great promise in terms of EFE 
characteristics, in contrast to lower ratios and 
even oxygen alone [21-25]. Therefore, the 
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Figure 4. Shown is the variation of Ec and 
sulflu- concentration. The dotted line is shown 
to guide the eye. 
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results obtained hereby are closer to nitrogen-like than oxygen-like [20]. The reason(s) for this 
behavior or characteristics is not apparent and is therefore a subject of speculation. Because of 
sulfiir addition to the CVD process, there is a substantial amount of structural defects that 
become introduced distorting the lattice. These defects create additional energy bands within the 
bandgap of diamond and thus contribute electrons for emission at low electric fields. As initially 
addressed by Zhu et al. [26], the more the defective the diamond and diamond-like material, the 
better the emitter it is. Combining these results with the influence of sulfur concentration, two 
interesting noteworthy features can be seen from Figure 3: (i) the impact of sulfur concentration 
on the threshold field (Ec); the higher the sulfur concentration, the lower the Ec, and (ii) the 
exponential increase of the current amplitude at the highest sulfur concentration. This may be 
attributed to the tailing of the valence band maxima and conduction band minima, upon the 
introduction of midgap states. This scenario is more probable at higher sulfur concentration than 
at the lower ones. The reduction in Ec with sulfur concentration is plotted in Figure 4, which 
provides an inverse correlation between Ec and sulfur concentration within the range of our 
study. Similar observations have also been found for nitrogen-doped amorphous carbon 
materials [20-24] and metal-oxide-semiconductor (MOS) structures by several authors [27-29]. 

CONCLUSIONS 

The field emission properties for the S-assisted films were investigated as a function of 
sulfur concentration. Low-field electron emission values were observed at 4.5-5.0 V/jim for 
films grown at the highest sulfur concentration (500 ppm H 2 S). On comparing these results with 
the intrinsic material, the Ec is found to be almost half, thus indicating a strong effect of sulfur 
addition. The S-assisted films are relatively fine-grained and smoother. Under the specific 
growth condition considered in this study, sulfur tends to introduce disorder and defects 
considerably, similar to nitrogen incorporation. Thus sulfur incorporation in carbon films 
behaves similar to nitrogen doping in disorder or amorphous carbon thin films. An inverse 
correlation between Ec and sulflir concentration was found. The addition of sulfur enhances the 
field emission properties of n-C rendering it a viable cold cathode material. 
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CARBON FILMS GROWN USING THE CATHODIC ARC PROCESS. 
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ABSTRACT 


Reported here is a study on the effect of different metal back contacts on the electrical and 
structural properties of the tetrahedral amorphous carbon (ta-C). The films were grown using a 
pulsed cathodic arc system. Ta-C films were deposited simultaneously on silicon substrate, 
precoated with the following metals, namely aluminium (Al), gold (Au), chromium(Cr), 
molybdenum (Mo), copper (Cu), tungsten (W) and titanium(Ti). The electrical measurements 
and Raman response show that the back contact does influence the properties of ta-C films. 
These results are analysed with respect to our earlier report regarding the influence of back 
contacts on field emission from similar ta-C films. 

INTRODUCTION 


Tetrahedral amorphous carbon (ta-C) is being studied with great interest for use in 
diverse areas including electronics, vacuum microelectronics, sensors, MEMS and 
tribology. [1 -4] The ta-C films have been grown using a wide variety of processes including, 
Filtered cathodic vacuum arc(FCVA) - direct and pulse source, Pulsed laser ablation deposition 
(PLAD), Mass selected ion beam(MSIB) deposition and Electron cyclotron wave resonance 
(ECWR) process. The interest in ta-C films, stems from the possibility of tailoring the material 
properties, varying from highly diamond-like (sp^)[l-5] to highly graphite-like (sp^)[6] materials 
including fullerenes[7] and nanotubes[8] by varying the growth conditions. Further in general, 
most of these processes are room temperature process, allowing for the use of low cost 
substrates like glass. 

Considering the amount of ta-C work reported in literature, and the increased importance 
of ta-C films and carbon films in general, it is surprising to note that there are very few reports 
on the effect of metal back contacts, on the properties of the ta-C films. Especially with the 
enhanced interest in carbon based materials for use as field assisted electron emitters[9-15] we 
believe there is an urgent need for study on the effect of back contacts. In the case of field 
emitters, the main factors that could influence emission are the barrier or interface at the back, 
the transport of carrier through the film and the nature of the front surface. Among the three 
factors mentioned above, the aspect that has been less reported is the effect of back contacts on 
field emission. One of the first report on the effect of back contacts on field emission from ta-C 
films was by Hart et.al[16]. They had reported that the emission threshold field did not show any 
consistent trend or dependence on the back contacts. The threshold field was defined as the field 
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Figure 1. Field emission current density Vs applied field plot for ta-C films 
deposited on n-H- and p++ Si substrates. 


at which an emission current density of 1 pA/cm^ was obtained [9]. However at lower current 
densities Satyanarayan[17] had shown that the back contact did have an influence on the 
emission current at a given field. Shown in figure 1 is the field emission characteristics of a 
highly sp^ bonded ta-C films grown on p-H- and n++ silicon substrates. It can be seen fi-om the 
figure that the onset of emission is at quite low fields in the case of p-H- Si substrate as 
compared to the n-H- Si substrate. Though at the defined threshold of 1 pA/cm^, the fields are 
nearly similar. Lower field emission from ta-C films deposited on P - type silicon substrates has 
also been reported by Cheah et.al[18]. Recently Rupesinghe et.al[19] reported observing 
difference in emission current at lower fields. Using in situ x-ray photoelectron spectroscopy and 
optical spectroscopy Rupesinghe et.al[ 19] measured the valence and conduction band offsets for 
ta-C films grown on p and n type Si. From the band measurements they showed the existence of 
a barrier and thus confirming the difference in the emission currents at the lower fields in the 
case of figure 1. Suggesting a possible influence of the back interface on field emission from ta- 
C films. Also Arena et.al [20] have reported observing nanoclusters of carbon in the case of ta-C 
films grown on aluminium. V^ile the ta-C films grown under identical conditions on silicon 
substrates were atomically smooth. Thus further indicating some dependence of the material 
property on the nature of the substrate or metal back contacts. 

The cathodic arc process used for material growth, in all the work discussed above, is an 
highly energetic process. The film growth is believed to occur from the sub-surface, through a 
process of sub-implantation of the ions. Thus leading to a highly stressed films depending on the 
growth conditions[1-6]. The energetic ions during the process of sub-implantation may interact 
differently with the substrate, depending on the nature of substrate material or the metal back 
contact. Hence the study on the effect of back contacts is very essential. We report in this paper 
a study on the use of tungsten, titanium, aluminium, chromium, copper, gold, and 
molybdenum as back contact materials for the growth of ta-C films. Reported here is the 
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electrical and structural properties of the ta-C films grown on substrates with different metal 
back contacts. Raman spectroscopy was used to study the structural properties and Rutherford 
Back Scattering was used to estimate the possible effects at the interface. 

EXPERIMENTAL CONDITIONS 


First the metals for study as back contacts were deposited on to cleaned silicon substrates. 
The metals titanium, aluminium, chromium, copper and gold were deposited using thermal 
evaporation process in a vacuum of 10'^ torr. The metals tungsten and molybdenum were sputter 
coated on to the silicon substrate. Prior to deposition, the metal surfaces were cleaned in an argon 
plasma to remove any possible oxide layer. Then to eliminate the run to run variations in film 
quality all the substrates were coated simultaneously in a pulsed cathodic arc system at a 
substrate bias of 80V. The energy of the deposited ion is defined by the substrate bias.[l-4]The 
thickness of the ta-C films grown were nearly 50 nm. Next the films were prepared for the 
electrical measurements. The electrical measurements were made using a sandwich configuration 
consisting of “back metal contact/ta-C film/top metal contact”. The top contact consisted of a 
two layer coating of nearly 30nm of gold and 60nm aluminium, deposited by a thermal 
evaporation process. The measuring area of the device was defined by using a contact mask with 
circular holes of 250 micron diameter. The electrical measurements (I- V) were carried out 
using Keithley multimeter with an in-built power source. The Raman measurements were 
carried out using a 515nm excitation, in a Renishaw micro Raman Spectrometer. 

RESULT AND DISCUSSION 


Shown in figure 2 are the forward and reverse, current - voltage characteristics of some of 
the ta-C films deposited simultaneously on different back contact metal substrates. It can be seen 
fi-om the figure that there is not much difference between the forward and reverse currents. The 
contacts seem to be ohmic in nature. However the measured currents are different. Shown in 
figure 3 is the variation of the measured forward current at 0.5 V applied voltage with the work 
function of the various back contact metals used as substrate. 



Figure 2 Current -Voltage plots of tetrahedral 
amorohous carbon ('ta-C') 
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Figure 3 Variation of the measured forward current (at 0.5 V applied voltage) of ta-C 
films, with the work function of the metals used as back contact on the substrate. 



Figure 3 shows that even though the ta-C films were deposited simultaneously on to substrates 
with different metals as back contact, the measured currents are not the same. However there 
seems to be no direct co-relation between the measured forward current at a given voltage and 
the work function of the back contact metal. But the figures 2 and 3 suggest that the properties 
of ta-C films, even if deposited simultaneously are influenced by the back contact metal or the 
substrate material. The variation in the current, could be due to numerous factors including 
possible oxide layer on the contact, inter-mixing of the carbon and metal atoms at the interface, 
different thermal gradients during depositions on different metal surfaces, change in stress during 
growth on different substrates and change in sp^/sp^ bonding ratio of the ta-C films. Thus in an 
effort to further understand the possible influence of the back contact metal on the material 
properties of ta-C films, Raman measurements were carried out. The Raman response and the 
peaks have been shown to be a good indicator of the structure and composition of the carbon 
based films [21,22 and references there in]. 

The Raman measurements on the ta-C films deposited on various back contact metal 
substrates show that the films are amorphous in nature. Shown in figure 4 is the possible relation 
between the work function of the back contact metal and the Raman G peak position. From the 
figure it is difficult to discern a trend or relation. However the fact that the G peak position has 
shifted with change in the back contact metal shows that the composition of the material is 
influenced. Ferrari et.al in their elegant three stage model[21] for the interpretation of the Raman 
spectra in the case of carbon films, suggest that the G peak position may either increase or 
decrease with change in sp^ bonding, depending on the percentage of sp^ bonds. The G peak 
position is more influenced by the sp^ phases. Further it does not depend on the stress in the case 
of as grown ta-C films. J.K.Shin et.al[22] have reported that the G peak position is shifted due to 
the stress in ta-C films. In the present experiment, the ta-C films were deposited simultaneously 
on all the back contact metal substrates. Yet, irrespective of whether the influence is due to 
clustering or stress, a shift in the Raman G peak was observed. Thus showing that the film 
property is influenced by the substrate or the back contact metal. 
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Figure 4 Shift in the Raman Gpeak of ta-C films with the 
Work function ('6') of the back contact metal. 

Further Rutherford Back Scattering experiments were carried out to study the effect at interfaces 
between the back contact metal and carbon film. The measurements show that in some cases the 
inter-mixing of the metal and carbon atoms could be up to 20nm. A detailed report on this will 
be presented else were. Recently Koserev et.al[23] have reported the effect of back contact on 
field emission from carbon films grown using very high fi*equency chemical vapour deposition at 
low temperature. They observed that there is no direct correlation between the contact metal 
work function and the emission current. However the back contact roughness had a substantial 
effect on the emission threshold field. Thus indicating that the back contacts could influence the 
film properties. Hence with increased use of carbon and nanostructured carbons films grown 
using energetic ion assisted low temperature or room temperature processes in diverse 
application, there is a need for more detailed study of the influence of back contacts. 

CONCLUSION 



We have carried out a study on the effect of different back contact metals on the electrical and 
structural properties of the tetrahedral amorphous carbon (ta-C). We find that even though the 
carbon films were deposited simultaneously on to different substrates, 

(i) There is a difference in the measured current for a given voltage or field, 

(ii) All the devices show ohmic behaviour 

(iii) The Raman Gpeak seems to shift for ta-C films deposited on different substrates or back 
contacts metals, indicating a change in the film composition or sp^/sp^ bonding ratio. 

(iv) However there seems to be no direct relation to the work function of the material. 

(v) RBS measurements show that the inter-mixing of the metal and carbon atoms could be upto 
20nm. 

Thus the study shows that even when there is no direct relation, choosing a back contact for 
carbon has to be done carefully. When using energetic ion assisted processes, even if the process 
is same, depending on the back contact metal, the properties of the films may vary. The back 
contact may be chosen based on the film growth process, film thickness requirement and 
application. 
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FIELD EMISSION SITE DENSITIES OF NANOSTRUCTURED CARBON 

J B Cui, J Robertson, WI Milne, 

Department of Engineering, Cambridge University, Cambridge CB2 IPZ, UK 
ABSTRACT 

The field emission properties of nanostructured carbon films deposited by cathodic 
vacuum arc in a He atmosphere have been studied by measuring the emission currents 
and the emission site density. The films have an onset field of ~3 V/pm. The emission 
site density is viewed on a phosphor anode and it increases rapidly with applied field. 
It is assumed that the emission occurs from surface regions with a range of field 
enhancement factors but with a constant work function. The field enhancement factor 
is found to have an exponential distribution. 

INTRODUCTION 

Electron field emission from various carbon films, such as chemical vapour 
deposited (CVD) diamond, CVD graphite, carbon nanotubes, amorphous carbon and 
nanostructured carbon is of great interest because it occurs from flat films without the 
need to form microtips [1-19]. Emission fi*om these materials can occur for applied 
fields of 10 volts per micrometer or less. The emission is however discontinuous, and 
occurs as the series of spots [20]. The emission site density is therefore an important 
parameter, particularly for displays. This paper describes field emission properties of 
nanostructured carbon films deposited at room temperature by cathodic arc. The 
emission I-V curve and the emission site density were both measured. The 
discontinuous nature of the emission indicates that emission occurs preferentially 
from different parts of the surface. We have found that the work function for these 
carbon films is quite large and varies firom 4.5 to 5.0 eV. We propose that the 
preferential emission therefore arises from a variation in the local field enhancement 
factor. The emission can be described by a distribution of field enhancement factors. 

EXPERIMENT 

The nanostructured carbon films were deposited at room temperature using a 
cathodic vacuum arc system. The base pressure of the deposition chamber was about 
5x10'^ mbar and the deposition pressure could be varied from 1x10'*^ to 1 mbar by 
introducing helium gas into the chamber. The He thermalises the carbon ions and 
atoms and allows them to form flillerene-like clusters [21], which are incorporated in 
the growing film. The thickness of the carbon film is between 10 and 100 nm. The 
films are deposited onto conductive Si substrates on which there is a 1.5 pm thick 
resistive ballast layer of photoresist. The function of the ballast layer is to limit the 
emission current from individual emission spots, and to allow the range of the 
emission sites to be seen, without saturating the phosphor screen [22]. Ballast resistors 
are frequently used in Spindt tip field emission devices to even out the current 
distribution and to prevent excessive currents [23]. 

The emission is measured in a parallel plate configuration. The anode-to- 
sample spacing was 50 or 100 pm by using PTFE spacers. An ITO (indium-tin-oxide) 
or phosphor coated glass is used as an anode to collect the emitted current. The 
emission spots are displayed on the anode and recorded by a CCD camera while the 
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Applied Field (V/pm) 

Fig. 1. Field emission I-V curve of 
carbon film on Si wafer with a ballast 
layer. Inset is the corresponding 
Fowler-Nordheim plot. 

emission I-V curve is measured. The 
pressure in the measurement chamber is 
maintained at 10'^ mbar during 
measurements by a turbo-molecular pump. 
It should be emphasised that no 
conditioning process was used for the field 
emission measurement, unlike is often 



Fig. 2. Field emission images at 
different applied fields: (a) 4, (b), 6, 
(c) 8, (d) 11, (e)15, and (f) 20 V/pm. 


needed for DLC films [15], because the 

emission of the nanostructured carbon samples is stable and repeatable. 


RESULTS AND DISCUSSION 

Fig 1 shows the measured emission current as a function of applied field. The 
detection limit of our system is ~1 pA. The current rises rapidly above 3 V/pm. The 
current then rises more slowly above 1 pA due to the effect of the ballast layer. The 
current limiting causes a downward curvature in a Fowler-Nordheim plot. 

Fig. 2 shows the emission image recorded on a CCD camera at increasing 
applied fields. The emission site density (ESD) was counted at each field after 
digitisation, and this is plotted against applied field in Fig. 3. 

The emission current density J (A/m^) is expected to obey the Fowler and 
Nordheim law 



] 


( 1 ) 


F is the applied electric field in V/m, p is the field enhancement factor and ([) is the 
potential barrier for the emission surface in eV. A and B are constants equal to 
1.56x10'^ and 6.83x10^, respectively. To a first approximation, p=/i/r, where h is the 
height of the emission tip and r the radius of curvature of the tip. 
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Applied field (V/um) 

Fig. 3 Field emission site density as Fig. 4. Emission site density versus 

a fimction of applied field. The solid field enhancement factor p. The solid 

line is a fit for eq (2). line is the fit by eq.(4). 

The variation of emission site density with applied field F in Fig. 3 can be fitted 
by the probability distribution 

N{F) = N,exp(,-^) (2) 

r 

b is a constant. This function is the curve plotted in Fig. 3. 

In principle, the ESD could depend on many factors. However, the functional 
form of eq (2) suggests a simple model. The emission depends on two parameters in 
(1), the barrier height (j) and the field enhancement factor p. There has been 
considerable effort to identify the value of the emission barrier in carbon systems, in 
part to answer the fundamental question of why emission occurs at relatively low 
fields [23], In the case of diamond, the fully hydrogenated surface has a negative 
electron affinity and the work function can be lower than 3.5 eV [25,26]. Diamond¬ 
like carbons are found to have work functions of 4.3 to 5 eV, and they are less 
sensitive to the surface termination than is diamond [14]. Nanotubes also have a work 
function of order 5 eV [8]. The work function of the films in this study was measured 
by Kelvin probe and it lies in the range 4.7±0.1 eV [27]. 

We therefore approximate that the local barrier (j) is constant, and attribute the 
discontinuous emission to a variation in the local field enhancement factors at the 
sites. Following Groning et al [8], if an emission site becomes visible at a certain 
value of current, then (1) implies 

Floe = pF = const (3) 


Thus, the distribution (2) can be expressed as an exponential distribution of P values 

N(P) = N,txv(-^) (4) 

Po 


W6.5.3 




where Po is a constant. This distribution is plotted in Fig. 4. 

Groning et al [8] used a similar analysis to describe the BSD in carbon 
nanotube films. In carbon nanotubes, if we assume that the tubes have a similar radius 
and length, then the p distribution arises from the effect of inter-tube screening. The 
presence of nearby nanotubes screens the electric field intensification at a tube tip [9], 
unless the tube separation d is about over twice the tube height h, d>2h. This is not 
true in typical nanotube mats, and this accounts for the observed p distribution. It is 
likely that a similar effect occurs in nanostructured carbon. The entire surface has a 
similar work function. There may be many regions with a large p. The screening 
effect of one on the other and fractal effects in the surface curvature are likely to lead 
to a Poisson distribution of p values as seen here. 

The total emission current, I, can be estimated by adding the current from all 
sites. If we assume that once on, a site emits a current given by eq (1), then 

O 

I = \j{p)JS.N(PUP = J y ■ S ■ exp(-^)rf/? (5) 

where the pmax is the maximum P that is observed experimentally, S is the emission 
area of one site. An effect of the distribution of P’s is that while each emission site 
will obey the Fowler-Nordheim (FN) equation, the total emission current from (5) 
does not. The FN plots for each emission site is a straight line with a slope of 
6.83x10’(|)’‘Vp. The effect of the P distribution is to produce a slight upward curvature 
of the FN plots. This contrasts with the downward curvature at high currents caused 
by current limiting by the ballast layer. 

A more detailed analysis of FN plots with a P distribution was given by 
Levine [28]. He described the case of emission from Spindt tips, and assumed a 
gaussian distribution of a ‘tip bluntness’ parameter B in the reduced FN equation 

J = yl.expC-^) (6) 


with 


A?(S) = Ar,exp(-^^^) (7) 

2<t 

The advantage of a gaussian distribution is that the integral (5) is now analytic. 
Qualitatively, p is proportional to 1/B, so our exponential distribution corresponds to 
the lower wing of the gaussian distribution of B. 

This work was supported by EPSRC. We thank K Teo for the site counting 
software and Samsung for the phosphor plates. 
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ABSTRACT 

The application of cathodic-arc-deposited films has been very slow due to the infamous 
macroparticle problem. We report about the application of the open Twist Filter as the key 
component to an advanced filtered cathodic arc system. Ultrathin tetrahedral amorphous carbon 
(ta-C) films have been deposited on 6 inch wafers. Film properties have been investigated with 
respect to application in the magnetic data storage industry. Films can be deposited in a 
reproducible manner where film thickness control relies on arc pulse counting once deposition 
rates have been calibrated. Films of 3 nm thickness have been deposited that passed acid and 
Battelle corrosion tests. Monte Carlo Simulation of energetic carbon deposition shows the 
formation of an intermixed transition layer of about 1 nm. The simulation indicates that because 
the displacement energy of carbon is not smaller than of magnetic materials, films thinner than 2 
nm are either not high in sp^ content or represent a carbidic phase, i.e. contain substrate material. 
The last finding is general and not limited to cathodic arc deposited ta-C films. 

INTRODUCTION 

Diamondlike films are characterized by an outstanding combination of advantageous 
properties: they can be very hard, tough, super-smooth, chemically inert, well adherent to the 
substrate, and compatible with lubricants. They can be deposited fast, efficiently, at low cost, and 
on room temperature substrates. The various deposition methods result in a variety of 
diamondlike films. Widely used is hydrogenated diamondlike carbon (DLC or a-C:H), nitrogen- 
doped amorphous carbon (a-C:N) or amorphous carbon nitride (CNx) [1-3], hydrogenated carbon 
nitride (CHxNy), non-hydrogenated amorphous carbon (a-C), silicon-doped amorphous carbon 
(a-C:Si) or silicon carbide (SiC) [4], and metal-doped amorphous carbon (a-C:Me) [5]. 
Amorphous carbon films (a-C) often have a very high percentage of tetrahedral (sp^) bonding 
and therefore they are referred to as tetrahedral amorphous carbon (ta-C). 

Ultrathin (< 5 nm) hard carbon films are being used as protective overcoats on hard disks 
and read-write heads. The tribological properties of the head-disk interface are not only 
mechanical but also chemical in nature: the overcoat is required to protect the magnetic layer 
against wear and corrosion [6, 7]. As the areal density (of information stored) increases at a 
breathtaking rate of about 100% per year [8], the “magnetic spacing” between the magnetic layer 
of the disk and read/write sensor of the head must decrease. The magnetic spacing includes 
magnetically dead layers, carbon overcoats, lubrication, pole tip recession, and the fly height. 
Thinner overcoats allow the head to be closer to the disk, and hence, the size of individual bits to 
be smaller. Areal densities of 70 Gbit/in^ have recently been demonstrated in the laboratory, and 
the industry is working toward 100 Gbits/in^. The magnetic spacing approaches the sub-lO-nm 
regime and overcoat thickness must shrink to 1-2 nm. Overcoats currently used are sputtered or 
ion-beam deposited diamondlike carbon films, typically doped with hydrogen or nitrogen. They 
cease to provide acceptable levels of corrosion protection and wear resistance for films thinner 
than 4 nm. 
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The challenge of ultrathin film synthesis is to make the films as thin as possible and still 
continuous, as opposed to an assembly of islands. There are large variations even within each 
class of materials, depending on the method and parameters of deposition. 

Tribological properties and fracture toughness of ultrathin amorphous carbon coatings 
(hydrogenated and non-hydrogenated) deposited by different deposition techniques have been 
compared. Films synthesized by filtered cathodic arc deposition were shown to exhibit good 
properties even at very small film thickness [9,10]. 

Non-hydrogenated tetrahedral amorphous carbon films, ta-C, can be synthesized by argon 
sputter deposition using a graphite target, by pulsed laser ablation of graphite, by mass-selected 
ion beam deposition of C^, or by cathodic arc plasma deposition. The latter can be performed in 
continuous or pulsed mode. Pulsed filtered cathodic arc plasma deposition has been identified as 
a promising technique [11]. The greatest challenge is the complete removal of “macroparticles” 
that are generated at the cathode spot. In this paper, we focus on pulsed filtered cathodic plasma 
deposition of ta-C films and report about the progress made towards the synthesis of high- 
quality, ultrathin films suitable for application in the magnetic storage industry. 

CATHODIC ARC CARBON PLASMA 

Generally, cathodic arc plasmas are fully ionized, often with multiply charged ions 
present [12]. Cathodic arc carbon plasma is in some respect an exception because the ion charge 
state is only 1+. However there are a few percent of 2+ at the beginning of each arc pulse [13]. 
The plasma ions move with supersonic velocity of about Mach number 5, corresponding to 
kinetic carbon ion energy of about 54 eV [14]. This recent result indicates that the carbon ion 
energy can be significantly higher than the about 20 eV that is usually quoted [15]. It is known 
that the ion energy is critical for the properties of ta-C films such as sp^ content, hardness. 
Young’s modulus, density, and stress (see, for instance, [16]). Veiy recent (still unpublished) 
results indicate that the ion energy can further be manipulated for instance with magnetic fields, 
and carbon ion energies exceeding 100 eV can be achieved without biasing the substrate. 

The formation of carbon plasma is unusual for those who are not familiar with cathodic 
arc plasmas. The arc current, typically 100 A or more, is concentrated at the cathode surface in 
micron-size cathode spots, i.e. cathode spots are locations of extreme current density. Because 
most of the voltage drop (~ 20 Volts) is in the cathode fall, the power is concentrated at cathode 
spots. Power densities can reach 10^^ wW, leading to explosive transition of solid cathode 
material to the dense plasma state. This process of often called “arc evaporation” but one should 
keep in mind that plasma, not neutral vapor, is the result of the powerful phase transition. The 
dense carbon plasma has a very high pressure, exceeding atmospheric pressure by orders of 
magnitude, and it expands in the vacuum ambient. 

Not only plasma is produced at cathode spots but also debris particles, usually referred to 
as “macroparticles.” For carbon, large chunks of graphite (fractions of millimeters) are sometime 
ejected from the cathode - it is believed that shock-heated gas inclusions of the graphite cathode 
contribute to these massive cathode losses. However, smaller macroparticles are much more 
frequent, and their distribution extends well down into the nanoparticle range [17]. The presence 
of macroparticles is not acceptable for ta-C films in magnetic storage applications. 

Macroparticles could lead to crashes of the head as well as to pinholes and defects that will cause 
ta-C films to fail in corrosion tests. 
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MACROPARTICLE FILTERS 

A common approach to macroparticle removal is based on the vast mass-to-charge 
difference of macroparticles and plasma particles; see reviews [18-21]. The plasma can be 
guided out of the line-of-sight from the cathode using curved magnetic fields, employing 
combined magnetic and electric mechanisms for electrons and ions, respectively. The motion of 
macroparticles is almost independent of the presence of fields; thus they move along straight 
trajectories, thereby being separated from the plasma. This concept was originally introduced by 
Aksenov and coworkers in the late 1970s [22]. 

In the literature, two basic constructions and filter philosophies have been described. 
They can be labeled as closed and open filters. The “classic” 90° filter duct [22] employs a duct, 
i.e. a closed tube, surrounded by a set of magnetic field coils. The interior wall of the duct is 
equipped with baffles designed to catch or reflect macroparticles. Graphite particles may suffer 
multiple reflections, and may fracture into several “sub-macroparticles” [21], Consequently, 
there is a significant likelihood that carbon macroparticles, or fractions of them, arrive at the 
substrate via multiple reflections. Additionally, small nanoparticles may be transported through 
momentum exchanged with ions (“ion wind”). There are a numerous closed filters derived from 
the classic 90° filter, including 45° filters [23], S-filters [24], segmented filters [25], filters of 
rectangular cross section [26,27], and out-of-plane double-bent filters [28,29]. 

In contrast to conventional closed filters, open filters address the issue of particle 
reflection by removing the particle from the filter and plasma volume via openings [30-32]. 
Figure 1 shows an S-shaped open filter that consists of a bent solenoid. It is obvious that most 
macroparticles can leave the plasma volume, and some are removed even if they hit a turn of the 
magnetic field coil. 



Figure 1 S-shaped open filter guiding carbon 
plasma from a cathodic arc plasma source 
(right) to the substrate region (left). Carbon 
macroparticles are hot and can therefore 
easily be identified by their bright traces. 
Open-shutter photograph, arc current 1000 
A, pulse length 1 ms. 



Arc and Coil Current, I ^ (A) 

arc ' •' 


Fig. 2. Output of the Twist Filter prototype 
as described by the filtered ion current and 
the system coefficient. Arc and filter-coil 
are electrically in series. 
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THE TWIST FILTER SYSTEM 

A new open filter design was presented [33] that is essentially a “twisted” S-shaped open 
solenoid, or “Twist Filter.” Twisting refers to a rotation of one bend of the S-filter with respect 
the other bend. 

The design of the system is not a marginal improvement but based on paradigms derived 
from physical and empirical laws: 

1. Plasma losses in filters scale exponentially with the filter path length [30]. Therefore, the filter 
must be short. 

2. Because the filter path is short, its inner radius must be small to prevent a line-of-sight 
between filter entrance and exit. 

3. The plasma source (specifically its cathode) must be small to match the size of the filter 
entrance, otherwise the plasma produced will not enter the filter. 

4. If the cathode is small, it needs to be replenished e.g. via a cathode feed mechanism. 

5. If the source and filter are small, heating constraints can be alleviated by operating in a pulsed 
mode. Pulsed mode could also be beneficial in addressing the “plasma wind” issue. 

6. In pulsed mode, the high arc current can be used to generate a strong magnetic filter field that 
is in perfect synchronization with the plasma production. 

7. Repetitively pulsed operation requires simple and very reliable arc initiation such as the 
“triggerless” mechanism [34]. This mechanism relies on the formation of plasma at a location 
where the cathode touches a conducting layer that is connected to the anode. 

8. The macroparticles that have left the plasma volume must be prevented from reaching the 
substrate. Therefore, the system needs to have a macroparticle “firewall”, i.e. a wall 
separating source and filter area from the clean substrate area. 

9. The system needs to have a designated region in which macroparticles are collected for 
removal on a regular maintenance schedule. This area is located under the plasma source and 
filter. 

10. The plasma exiting the filtered is highly focused but a uniform deposition over a relatively 
large area (e.g. wafer of 95 mm diameter) is required. Therefore, a plasma expansion zone and 
a plasma homogenizer are needed. 

11. All parts of the system (source, filter, homogenizer, power supply, firewall, etc) need to be 
considered as a unit with well-matched parameters. 

The Twist Filter system is a consequent realization of the design paradigms. The Twist 
Filter system consists of several matching components: the cathodic arc plasma source, the Twist 
Filter, the macroparticle “firewall,” a plasma expansion zone, a plasma homogenizer, and a 
substrate positioning mechanism. 

Arc plasma source, filter, and homogenizer are electrically in series and powered by a 
compact, rack-mounted pulse forming network (PFN) [35]. The cathode of the plasma source is 
a graphite rod of 6.25 mm diameter. The rod can be slowly and precisely advanced via a 
micrometer drive to compensate for the erosion at its front face. High arc current and small 
cathode area lead to uniform erosion of the cathode without spot steering or any other specific 
means of spot control. The anode is grounded while all other components are free of ground, 
thus their potentials are in reference to the anode. The anode itself is an open baffle structure 
made from copper; it serves as a pre-filter: A large fraction of macroparticles are already 
removed from the plasma when it enters the filter. The repetitively pulsed arcs are initiated by 
simply switching the high (open-circuit) supply voltage of 1 kV to anode and cathode; a 
conducting layer on the ceramic between anode and cathode lead to hot-spot and plasma 
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formation at the cathode. This “triggerless” mechanisms shows exceptional reliability [34]. The 
arc current is typically 1.5 kA with pulse duration of about 1 ms and a pulse repetition rate of 3 
p.p.s. The duration of arc pulses is given by the PFN while all other parameters can easily be 
adjusted. The base pressure of the vacuum system is about 1x10’^ Torr but pressure increases 
during deposition to the 10’^ Torr region, presumably due to outgassing caused by heating of the 
filter and other components. 

Due to the design of the Twist Filter [33], the likelihood of macroparticle transport is 
greatly reduced while the plasma transport is impressive compared to other filter designs. The 
filtered ion current may reach close to 4% of the arc current (Fig. 2). The ratio of filtered ion 
current to arc current can be named “system coefficient”. For comparison, most filtered arc 
systems have a system coefficient of about 1%. It is important to realize that one not only needs 
to reduce macroparticles to a minimum but also maximize the plasma output because only the 
ratio of filtered plasma to residual macroparticles is what really matters. 

The coil turns of the Twist-Filter have a flat cross-section promoting macroparticle 
reflection towards the outside of the filter volume, i.e., the coil represents a baffle structure (Fig. 
3). The Twist Filter has a strong magnetic field (0.25 mT/A) providing excellent plasma 
confinement. At high currents (> 1 kA), not only electrons but also carbon ions are magnetized. 
The fiinge field at the filter entrance is well suited for source-filter coupling. 

The plasma at the exit of the Twist Filter is highly focussed. The streaming plasma 
expands on its way to the substrate. With special means, a deposited film will have a Gaussian 
thickness distribution with the thickest area in the center. A magnetic multipole, also known as a 
magnetic bucket, can be used to flatten the plasma density distribution. Magnetic multipoles can 
be made from strong permanent magnets or by using a wire structure as shown in Fig. 4. The 
homogenizer is located in the center between the filter exit and the substrate location. 

PERFORMANCE OF THE TWIST FILTER SYSTEM 

The Twist Filter System operates with typically 1500 A arc current in 1 ms pulses, giving 
about 30 A of filtered carbon ion current during the pulse. As usual for pulsed systems, one has 
to distinguish between instantaneous and average values. The duty cycle is defined by 
s = ton/{ton toff)- For instance, when using 3 pulses per second, the duty cycle is 3x10’^ or 
0.3%, thus the averaged ion current is 90 mA. This is comparable to the output of conventional 
filtered cathodic arcs that operate in continuous mode. This ion flux corresponds to about 150 
pulses that are needed to deposit a 3 nm film on a 6 inch wafer. With 3 pulses per second, one 
would need a deposition time of about 50 s. Faster deposition is possible and has been 
demonstrated, but cooling of the filter becomes an issue that must be solved in a next generation 
system. 

Film thickness and graphite cathode rod usage are very reproducible and can be predicted 
simply by counting arc pulses, provided that cathode advancement is periodically performed and 
controlled (e.g. every 1000 pulses). The pulse number - thickness relationship is about linear 
although we found that the output per pulse increases slightly and reproducibly during a 
deposition run. We attribute this to the increasing cathode temperature. The film thickness was 
measured by ellipsometry and calibrated by AFM step height measurements. 

Film uniformity was a major issue since deviation from the targeted thickness are 
requested not to exceed 3% (however, one has to realize, that 3% of a nominal thickness of 3 nm 
is 0.09 nm, that is about half the average bond length between individual carbon atoms of ta-C!). 
For thicker films (> 10 nm) deposited with the Twist filter system, a uniformity of ±2% could be 
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achieved while ultrathin films showed somewhat larger non-uniformity. Since the plasma 
distribution should not depend on the pulse number, it is believed that the ellipsometric 
determination of film thickness for films under 5 nm is difficult, to say the least. To be complete 
we need to mention that the substrates were mounted on a rotating holder (20 rpm) and a typical 
pulse repetition rate was 3 p.p.s. 



Figure 3. Mounting of the alpha-version Twist 
Filter to the plasma source. Note the compact 
size compared to the often 1-m long filters of 
dc filtered cathodic arcs. 



Figure 4. A simple electromagnetic multipole 
or “bucket” used to flatten the plasma density 
distribution in the alpha-version of the Twist 
Filter System, As with the Twist Filter, the 
arc current itself (usually 1.5 kA, pulsed) 
were used to generate the magnetic field. The 
pen is for size comparison. 


PROPERTIES OF ta-C OBTAINED BY THE TWIST FILTER SYSTEM 
Corrosion resistance 

Corrosion resistance is the key property of ta-C films for 100 Gbit/in^. When a film 
thickness is approached that is better described by the number of atoms than nanometers, some 
properties such as hardness become very difficult to measure or even ill-defined. However, the 
requirement of corrosion protection of the magnetic layers remains. 

Preliminary measurements of ultrathin films obtained by using a prototype S-filter and 
Twist Filter have been reported elsewhere [36,37]. Two major steps were done recently: one was 
the development of an alpha-version Twist Filter system, and the other was its installation in a 
class 100 cleanroom at Read-Rite corporation. 

First corrosion tests indicate that corrosion protection can be achieved with 3 nm films 
(Fig.5), and one may speculate that even somewhat thinner film might serve for this purpose. In 
one experiment, 3 nm and 4 nm ta-C coatings were deposited on sets of read/write heads. 
Corrosion was tested using the standard Battelle test. The Battelle test consists of 48 hours 
exposure at 30®C, 65% relative humidity, in the presence of 8 ppb hydrogen sulfide, 8 ppb 
chlorine gas, and 80 ppb nitrous oxide). The heads coated with the Twist Filter System survived 
the corrosion test, indicating that the 3 nm overcoats are continuous. 
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Figure 5. Battelle corrosion test of 3-nm ta-C coated read/write heads. Optical micrographs of 
NiFe shields before (left columns) and after (right columns) the test. The two left columns show 
heads that were coated using a DC carbon vacuum arc with a closed filter; and the two right 
columns rows show heads coated with the open Twist Filter system. 

Surface analysis by atomic force microscopy (AFIVT) 

Films of ta-C were deposited on <100> Si wafers using a closed filter and the Twist Filter 
system. Ultrathin films usually have too few particles to be quantified by AFM, therefore, 
relatively thick films of 40 nm were used for this study. Figure 6 shows clearly that 
macroparticle reflection is practically eliminated in the Twist Filter system. 



Figure 6. AFM pictures of the surfaces coated with ta-C (10 pm x 10 pm, height scale 25 nm). 
Left: Film of 41 nm deposited with DC-arc and closed filter. Right: Film of 40 nm deposited 
with a prototype Twist Filter system in a laboratory (non-cleanroom) environment. 

Hardness and elastic modulus 

Hardness and elastic modulus of filtered arc ta-C films have often been measured (see, 
for instance, [38]). The values reported are among the highest for the various kinds of 
diamondlike carbon. Peak hardness is typically 60 GPa and Elastic modulus up to 400 GPa if the 
average carbon ion energy is of order 100 eV, obtained by biasing the substrate. For thick (> 100 
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nm) ta-C films, it is known that hardness and modulus of these films have a maximum about 10- 
20 nm below the surface. 

Nanoindentation of ultrathin films is difficult because the effect of the substrate increases 
with decreasing film thickness, and the indenter tip radius is much larger than the indentation 
depth. Other methods such as dispersion measurements of ultrasonic waves are being perfected 
for ultrathin films [39]. Young’s modulus measurements performed this way often give greater 
values than nanoindentation. 

To check the general quality of twist-filtered ta-C, relatively thick films of 100 nm have 
been deposited and measured by nanoindentation. The result is shown in Figure 7. Note that the 
high hardness was obtained without biasing the substrate: yet another indication that the ion 
energies are greater than the usually quoted 20 eV. 

Raman Spectroscopy 

Raman Spectroscopy is frequently used to “fingerprint” ta-C films by looking at the G 
and D peak intensities. We found that Raman spectroscopy can be used for control of deposition 
reproducibility, provided the deposition conditions were kept constant. Figure 8 shows Raman 
spectra where the targeted thickness was 3 nm and 4 nm for 3 samples each. After deposition 
calibration with AFM and ellipsometry, the thickness was targeted simply by counting the 
number of arc discharge pulses. This figure indicates that (i) ta-C films can be produced 
reproducibly, and (ii) Raman intensities represent a suitable signal for film control. These 
statements do not necessarily imply that long-term shifts do not occur and that the Raman 
intensity is simply proportional to thickness. 




Contact Depth (nm) Figure 8. Raman spectra of three samples 

Figure 7. Hardness measurement by each, with targeted thickness of 3 nm and 4 

nanoindentation; total ta-C film thickness nm. 

100 nm. 

Magnetically dead layer 

The slider pole (shield) material consists of NiFe (Fe 18-22%) and the magnetoresistive 
element (MRE) is sandwiched between two shields. The MRE is composed of numerous 
materials stacked in a multilayer with copper for contacts. The iron percentage in the writer pole 
is much higher than in the shields (typically 50%). The primary fimction of the overcoat is to 
protect the slider poles and the MRE against corrosion. When the overcoat is applied, the surface 
of the magnetic multilayer is disturbed and loses its magnetic properties. Therefore, a thin 
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“magnetically dead” layer appears (also referred to as “magnetic dead layer”). These layers (one 
on the disk and one on the head) add to the magnetic spacing and hence need to be accounted for 
when budgeting the spacing between disk and head. The dead layer is believed to be the result of 
the subplantation nature of the deposition process, interface roughening, and formation of 
silicides at the interface if a silicon interlayer is used. Note that the deposition process with the 
Twist Filter system does not use a silicon interlayer. 

To investigate the dead layer thickness, a layer of 20 nm NiFe (18% Fe) was coated on Si 
substrate. The saturated magnetic flux density Bs was measured before and after ta-C deposition 
using a B-H looper. From the loss of Bs one can calculate the approximate thickness of the dead 
layer. This technique was applied to ta-C films synthesized with the Twist Filter System, and the 
magnetically dead layer was found to be about 0.5 nm which is close to the resolution limit of 
the method. 

Hydrogen content 

The hydrogen content in the film was determined by Nuclear Resonance Analysis 
(NRA). The method is based on the nuclear reaction + ’H ^ + ‘^He + y where the '^N 

ions have an energy greater than the resonant energy of 6.385 MeV. After the ^^N ions penetrate 
the sample surface, they lose energy, and when they reach the resonant energy at some depth, y- 
rays are produced whose intensity is proportional to the hydrogen content at that depth. By 
measuring the y-ray yield as a fiinction of beam energy, the H concentration as a function of 
depth can be determined. 

A silicon specimen deposited with a Twist Filter ta-C film of about 10 nm thickness 
yielded an H-concentration of 9-11%. Although this value is much lower than hydrogenated 
diamondlike carbon (a-C:H), the value is surprisingly high for a process that uses graphite only. 
Although one may question the accuracy of the measurement, there is evidence that a pulsed 
vacuum arc process with a strong magnetic field in a high-vacuum environment does indeed 
produce significant amounts of hydrogen. Schneider et al. [40, 41] have shown that residual 
water vapor can be efficiently ionized when a magnetic field is present. The hydrogen content in 
alumina films deposited by filtered cathodic arcs was found to be about 8% [42]. Interestingly, 
cathodic arc ta-C films made several years ago at Berkeley Lab with a 90° filter at much lower 
magnetic field strength showed 1-3% hydrogen content. These (unpublished) measurements 
were made with Elastic Recoil Spectroscopy (ERS). The difference in the results could be 
associated with not only possibly different vacuum base pressures but also by the degree of 
ionization of the water vapor due to the higher magnetic field of the Twist Filter. 

MONTE CARLO SIMULATIONS 

Monte Carlo codes such as the well-known TRIM (transport of ions in matter [43]) are 
suitable for the determination of the mean projected range (penetration depth) and many other 
parameters of stopping of energetic particles in matter. TRIM was originally developed to 
calculate element profiles obtained by ion implantation. For the calculation of film growth one 
needs to use a dynamic version of TRIM, i.e. a version that updates the composition of the 
substrate by the incorporation of the arriving ions. In this work we use the dynamic TRIM 
version T-DYN 4.0 by Biersack [44]. One has to be careful when approaching the range of very 
low energy (very low energy in this context is less than 100 eV) because the interaction potential 
functions used in the simulation are optimized for much higher energies (usually keV to MeV). 
The actual interaction at very low energy is not very accurately described by the two-body 
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interaction functions used in the simulation. Molecular dynamics simulations (see e.g., [45]) may 
be a better approach but they are computationally intensive and still limited to a relatively small 
number of atoms. It is believed that T-DYN simulations give a correct qualitative and 
approximate quantitative description of films growth when using cathodic arc plasmas with ion 
energies greater than the displacement energy. 



simulation layer number simulation layer number 

(corresponds appr. to depth in Angstroms) (corresponds appr, to depth in Angstroms) 

Figure 9. Dynamic TRIM simulation of carbon film growth on Ni78Fe22 alloy, assuming a 
carbon ion energy of 53 eV; the left figure shows the situation when a nominally 1 nm thick ta-C 
film is deposited (nominal 1 nm of ta-C with 2.9 g/cm^); the right figure represents a 
continuation of the deposition to nominal 3 nm of ta-C film. The density in these figures refers to 
the atom number per volume of a simulation cell. Such a cell has a volume of about 10'^^ cm^. 

Figure 9 illustrates the growth of cathodic arc ta-C film on NiFe alloy. A carbon ion 
energy of 53 eV was chosen based on measurements by Yushkov at al. using a similar cathodic 
arc system [14]. At the beginning of the deposition process, carbon ions penetrate the magnetic 
alloy with an average range of 0.5 nm (1 nm = 10 A). With increasing carbon dose (i.e. 
deposition time or arc pulse number), the Ni and Fe concentrations decrease while the carbon 
concentration increases. At about 2 nm (nominal) film thickness one can actually speak of a film 
because the carbon concentration approaches 100%. An intermixed layer between the carbon and 
the metal alloy remains and it will not be changed when film growth continues because the mean 
projected range is less than the film depth. The intermixed layer is believed to have a beneficial 
effect for the adhesion of the growing ta-C film. On the other hand, this intermixed layer 
contributes to the magnetic spacing since one can assume that it is magnetically dead, and thus it 
must not be too thick. The mean projected range of 0.5 nm can be associated with a magnetically 
dead adhesion layer, in good agreement with experimental data for the thickness of the 
magnetically dead layer (see above). Note that in all of the here described experiments, no 



silicon interlayer was used. Such an interlayer is conventionally applied to enhance adhesion of 
the carbon overcoat. The fact that a thin magnetically dead layer of ~ 0.5 nm exists in our 
experiments is acceptable since the need for a silicon interlayer is eliminated. 

DISCUSSION AND OUTLOOK 

An interesting question is what will happen when the film thickness is further reduced in 
order to reach and go beyond the 100 Gbit/in^. Dynamic Monte Carlo simulations indicate that 
thinner films (e.g. a nominal 1 nm) deposited with ions having an energy of about 50 eV are not 
films made exclusively from the arriving ion species but they consist of the ion species 
intermixed with the substrate material (Fig, 8, left). It is likely that the carbon atoms in this layer 
will form C-C bonds as well as C-metal bonds (carbidic bonds). One cannot exclude that a 
carbidic layer may serve as the protective layer, as opposed to the ta-C film, perhaps at least for 
certain environments. The formation and thickness of a carbidic layer depends critically on the 
ratio of the incident carbon ion energy to the displacement energy of the substrate material. 
Displacement and intermixing will occur when the carbon ion energy exceeds the displacement 
energy. The minimum displacement energies for Cr, Fe, Co, Ni are 28 eV, 17 eV, 22 eV, 23 eV, 
respectively [46], that is, about the same value as usually assumed for the kinetic energy of 
cathodic arc carbon ions [15]. We have used higher energies based on recent measurements for 
pulsed arcs [14]. Future energy measurements should be done at systems actually used for 
carbon deposition on magnetic layers. That is particularly important since cathodic-arc ion 
energies are not only material-specific but can be manipulated by the arc discharge conditions. 

If the kinetic energy of carbon ions is less than the displacement energy, one can assume 
that a very thin carbon overcoat can be obtained that has not an intermixed layer. However, such 
a carbon film is likely to be graphitic because the (subplantation) growth conditions for an sp- 
rich phase are not fulfilled (the minimum displacement energy for graphite and diamond is 25 
and 35 eV, respectively). It is likely that such film is neither continuous, nor tough, nor adherent. 

Summarizing, it has been shown that 3 nm films can be deposited by advanced filtered 
cathodic arc deposition. It can be argued that ta-C overcoats have a principal physical limit at 
about 2 nm: thinner films will either not exhibit the ta-C characteristic sp-rich phase or consist 
of both carbon and the base metal. In the latter case, one may speculate about protection of the 
magnetic layer by a carbidic phase. These conclusions are based on energy arguments and 
therefore not limited to cathodic arc deposited films. 
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A MODEL TO INTERPRET THE RAMAN SPECTRA OF DISORDERED, 
AMORPHOUS AND NANOSTRUCTURED CARBONS 

Andrea Carlo Ferrari 

Department of Engineering, University of Cambridge, Cambridge, CB2 IPZ, UK 

ABSTRACT 

Raman spectroscopy is a very popular, non-destructive tool for the structural 
characterisation of carbons. Raman scattering from carbons is always a resonant process, in 
which those configurations whose band gaps match the excitation energy are preferentially 
excited. The Raman spectra of carbons do not follow the vibration density of states, but 
consist of three basic features, the G and D peaks around 1600 and 1350 cm*^ and an extra T 
peak, for UV excitation, at -980-1060 cm'. The Raman spectra at any wavelength depend 
on 1) clustering of the sp^ phase, 2) bond length and bond angle disorder, 3) presence of sp^ 
rings or chains, and 4) the sp^/sp^ ratio. It will be shown how the basic features of the 
Raman spectra vary by rationalising them within a three-stage model of order of carbons. It 
is shown how the three-stage model can account for the vast range of experimental data 
available for Raman experiments at any excitation wavelength. This model can also account 
for apparently contradictory trends reported in literature, since the clustering of the sp^ phase 
and the sp^ to sp^ conversion are separately treated. 

INTRODUCTION 

Carbon is unique in the way that simple changes in its local bonding can give rise 
materials as diverse as diamond, graphite, fiillerenes, carbon nanotubes, and disordered, 
nano-structured and amorphous carbons. These materials have a remarkable range of 
mechanical, electronic and electrochemical properties and many possible applications [1,2]. 
It is thus very useful to develop fast, reliable, non-destructive techniques to probe the key 
parameters which control their physical behaviour. 

We are particularly interested in amorphous carbons. We define diamond-like carbon 
(DLC) as an amorphous carbon (a-C) or an hydrogenated amorphous carbon (a-C;H) with a 
significant fraction of sp^ bonds. A-C:H often has a rather small C-C sp^ content. DLC’s with 
highest sp^ content (80-90%) are called tetrahedral amorphous carbon (ta-C) and its 
hydrogenated analogue ta-C:H. The key parameters of interest in such materials are: 1) the 
sp^ content; 2) the clustering of the sp^ phase; 3) the orientation or anisotropy of the sp^ 
phase; 4) any cross sectional structure; 5) the H content. The sp^ content alone mainly 
controls the elastic constants, but films with the same sp^ and H content but different sp^ 
clustering, sp^ orientation or cross-sectional nano-structure can have different optical, 
electronic and mechanical properties. 

Raman spectroscopy is a popular, non-destructive tool for structural characterisation 
of carbons [3-12]. It is traditionally carried out at the commonly available wavelengths in the 
blue-green spectral region (488-514.5 nm), but multi-wavelength Raman (MW Raman) 
studies are becoming increasingly used. Indeed, Raman scattering from carbons is always a 
resonant process, in which configurations whose band gaps match the excitation energy are 
preferentially excited. Any mixture of sp^, sp^ and sp’ carbon atoms always has a gap 
between 0 and 5.5 eV, and this energy range matches that of IR-vis-UV Raman systems. 
This implies that understanding the resonant Raman process in carbon systems will give a 
powerful, fast means for their structural and electronic characterisation. For example, MW 
Raman has recently been used to distinguish the metallic and semiconducting forms of single 
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wall carbon nanotubes [10,11]. It has also been used to investigate the origin of the peaks at 
~1150 cm’’^ and -1450 cm’’ in nano-crystalline diamond [13]. 

The Raman spectra of all carbons show several common features in the 800-2000 cm’ 
’ region, the so-called G and D peaks, which lie at around 1560, 1360 cm’’ for visible 
excitation, and the T peak, seen for UV excitation at around 1060 cm’’. The G and D peaks 
are due to sp^ sites only. The G peak is due to the bond stretching of all pairs of sp atoms in 
both rings and chains [7]. The D peak is due to the breathing modes of sp^ atoms in rings. 
The T peak is due to the C-C sp^ vibrations and appears only in UV excitation. 

Although Raman spectroscopy of carbons has continued for 30 years, there have been 
significant advances in our understanding recently. Firstly, C-C sp^ vibrations were directly 
detected using UV Raman spectroscopy at 244nm [14-16]. The second major advance is the 
understanding of the origin of the D peak. Pocsik et al. [17] and others [18,19] proposed 
empirically that the D peak arises as a resonant Raman coupling to the phonon of wave 
vector q when it equals the wave vector k of the electronic transition excited by the incident 
phonon. We called this a k=q “quasi selection rule”, since it qualitatively explains the 
observed trends, but the physical mechanism behind the resonance was not fiilly understood 
[7]. Recently, Thomsen and Reich [20] showed how the D peak arises from a double 
resonant Raman process. For a particular excitation energy E, an electron-hole pair is created 
at the k point matching the energy gap between the conduction and valence band. The 
electron is then scattered across the zone by a phonon 0 )(q), this being the phonon for which 
the double resonance occurs. The electron is then scattered back elastically by lattice defects 
or disorder and recombines with the hole, conserving k in the process. It can be seen that this 
double resonance occurs when [20, 12]: 

k^Viq ( 1 ) 

rather than the k=q originally heuristically proposed [17,18,7]. This, in contrast to what 
stated in ref. [20], does not affect our conclusions on the nature of the D peak and on which 
optical branch contributes to the peak [7]. It generalises the concept of La in case of graphite 
to being an inter-defect distance. 

For disordered carbons, one can map the energy levels and vibration modes of carbon 
clusters onto those of graphite [7]: 

1/La <=» k and 1/La <J=> q (2) 

where U is the cluster size or in plane correlation length. (2) is the basis to explain the origin 
and dispersion of the D peak in disordered and amorphous carbons and to derive the real 
space motions (breathing modes) of the phonons giving rise to this band [7,21,22]. We could 
thus propose a three-stage model to relate the visible Raman spectra of disordered and 
amorphous carbons to their local bonding [7]. 

Mapelli et al.[21,22] showed that the breathing motions of clusters of increasing size 
could be mapped on the upper optical branch of the graphite dispersion relations from K to 
(K-M)/2, with q=(K-M)/2=7i/(3a)~ 1.05/a corresponding to coronene. In graphitic clusters. 


the K states have minimum band energies of roughly [1,7]; 


^ 2y ^ a 


(3) 


where M is the number of aromatic rings in the cluster and La is the cluster diameter. For 
example, coronene is composed of 7 rings, and from (3) we can estimate its optical gap as 
6/V7eV. This corresponds to the gap of graphite at k=2/V^a-0.44/a [12]. Thus eq. (1) 
links breathing modes of clusters, and thus Lg, with k and q. This implies that, for all modes 
satisfying the double resonance condition, the breathing modes on the upper optical branch 
are enhanced due to their high polarizability. This allows a unified interpretation of the origin 
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of the D peak in amorphous carbons and polycyclic aromatic hydrocarbons, due to the 
mapping of the electronic and vibrational states of carbon clusters onto those of graphite. 

We show that the peak dispersions in a-C, ta-C, ta-C:H, diamond-like a-C:H and 
polymeric a-C:H can be considered as canonical cases in the ternary phase diagram of the 
disordered C:H system [7,1]. We propose a general explanation of the trends in peak 
positions and intensities, and extend the previous 3-stage model [7] to spectra excited at 
many wavelengths [12]. A main conclusion is that the spectra and their dispersion are 
characteristic of each type of carbon, while their single wavelength Raman spectrum may be 
indistinguishable. We then show how a simpler 2-wavelength (visible-UV) study can provide 
most of the information on the fraction and order of sp^ sites in amorphous carbons. 



Raman Shift (cm ’) 



Raman shift(cm'’) 


Fig 1: Multi-wavelength Raman spectra of (A) ta-C, (B) ta-C:H, (C) sputtered a-C and 
(D) polymeric a-C:H. The peaks’ trends and labels are indicated. Two extra peaks at 
-400 and 800 cm‘^ are seen in the sputtered a-C; these are typical of low sp^ a-C and are 
not discussed here. 


EXPERIMENTAL 

Unpolarised Raman spectra were acquired at X-229, 244, 325, 351, 458, 514.5, 532, 
633,785 nm (5.41 -1.58 eV) using a variety of spectrometers. The power on the sample was 
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Fig.2: A,B,C) Dispersion of G peak, I(D)/I(G) and D peak vs. excitation wavelength for a 
series of template samples; (D1,D2) I(T)/I(G) and T peak position vs. sp^ fraction for non 
hydrogenated carbon films. Note that data on a series of annealed ta-C:H, on diamond-like a- 
C:H and on miero crystalline graphite are also shown. 600 is the onset of major H effusion 
and sp^ to sp^ conversion in ta-C:H [23,24] 

kept well below ImW. Sample damage is always an issue in Raman measurements, but it is 
particularly serious for UV excitation. For H containing samples, in order to be sure that the 
signal we measured is a genuine feature of a-C:H samples, we performed measurements with 
samples rotating at a very high speed (>3000 rpm) with a random XY movement 
superimposed. We have analysed a variety of carbon samples. As we focus on general trends, 
we discuss only selected cases. Fig 1 shows the multi-wavelength Raman spectra of ta-C, ta- 
C:H, a-C and polymeric a-C:H samples [12]. 
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The spectra in general show three features, around 1560, 1360 (for visible excitation) 
and 1060 cm'^ (detected only in UV excitation), which are labelled as the G, D and T peaks, 
respectively. The G and D jpeaks are due to sp^ sites only. The G peak is due to the bond 
stretching of all pairs of sp* atoms in both rings and chains [7]. The D peak is due to the 
breathing modes of rings. The T peak is due to C-C sp^ vibrations and appears only for UV 
excitation. The trends in the D, G and T peaks are indicated in Fig 2. 

For visible excitation, the sp^ sites have such a high cross-section that they dominate 
the spectra, the sp^ sites are invisible and the spectrum responds only to the configuration or 
order of the sp^ sites. As the excitation energy rises, two effects occur, resonance causes the 
excitation of those sp^ configurations with a wider gap, and then in the deep UV the modes 
of a states of C-C bonds are seen. 

TRENDS IN RAMAN PARAMETERS 

Three stage model 

The trends in the Raman parameters for different laser excitation can be rationalised by 
extending the three-stage model that we proposed to explain the trends in visible Raman 
spectra [7]. This model considers an amorphisation trajectory, consisting of three stages from 
graphite to ta-C (or diamond): 

1) graphite—>nanocrystalline graphite (nc-G) 

2) nanocrystalline graphite—> sp^ a-C 

3) a-C-^ta-C (-> 100 sp^ ta-C, defected diamond), 

Broadly, stage 1 corresponds to the reduction of the in-plane correlation length La within an 
ordered graphite layer. Stage 2 is the introduction of topological disorder into the graphite 
layer. Stage 3 is the conversion of sp^ sites to sp^ sites and the consequent change of sp^ 
configuration from rings to chains. 

The Raman spectra depend on 

1) clustering of the sp^ phase 

2) bond length and bond angle disorder 

3) presence of sp^ rings or chains 

4) the sp^/sp^ ratio 

We note that any features above -1360 cm'^ cannot be due to C-C sp^ vibrations, being this 
the band limit for C-C sp^ vibrations [7]. Thus, it is clear that the presence of G peaks in Fig 
1 means that sp^ vibrations still dominate even in the UV Raman excitation. In the following 
sections we will discuss the G, D and T peaks, extending the 3-stage model to multi¬ 
wavelength excitation. 

The G peak 

Fig 2(A) shows the variation of the position of the G peak with excitation wavelength 
and energy. The G peak does not disperse in graphite itself, nanocrystalline (nc)-graphite or 
glassy carbon [25, 29-31]. The G peak only disperses in more disordered carbon, where the 
dispersion is proportional to the degree of disorder. This is an important finding, by which 
the physical behaviour of the G peak in disordered graphite is radically different from 
amorphous carbons, even though the G peak positions might accidentally be the same at 
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some excitation energy. The G peak in graphite cannot disperse because it is the Raman- 
active phonon mode of the crystal. In nc-graphite, the G peak shifts slightly upwards at fixed 
excitation energy due to phonon confinement, but it cannot disperse with varying excitation 
energy, still being a density of states feature. The G peak dispersion occurs only in more 
disordered carbon, because now there are a range of configurations with different local band 
gaps and different phonon modes. The dispersion arises from a resonant selection of sp 
configurations or clusters with wider n band gaps, and correspondingly higher vibration 
fi-equencies. The G peak dispersion separates the materials into two types. In materials with 
only sp^ rings, the G peak dispersion saturates at a maximum of-1600 cm’\ the G position 
in nc-graphite. In contrast, in those materials also containing sp^ chains, particularly ta-C and 
ta-C:H, the G peak continues to rise past 1600 cm’’ and can reach 1690 cm'’ at 229 nm 




Fig 3: (A) Amorphisation trajectory, showing the schematic variation of G peak position for 
four typical wavelengths; (B) Amorphisation trajectory, showing the possibility of hysteresis 
in stages 2 and 3 for two typical wavelengths (514.5 and 244 nm). The regions span by 
hysteresis at 514.5 nm and 244 nm are evidenced by lines. Note the different shape of the 
hysteresis region for UV excitation: an inversion of the trends happens, with the highest shift 
Vis->UV for samples having the least ordered sp^ phase. 

excitation in ta-C. This high G peak position can only be due to short, strained C=C bonded 
chains, if one notes that the C=C stretching vibration in ethylene is at -1630 cm'’. 

This range of behaviours of the G peak can be understood within the three-stage 
model of Raman spectra [7]. This plots the G mode against an amophorisation trajectory. 
The model is extended to show the variation of G position with excitation wavelength, as 
shown in Fig. 3 (A) for four typical wavelengths. In ref [7] we pointed out that following the 
reverse, ordering trajectory, from ta-C to graphite (by high temperature deposition, annealing 
after deposition, or low-dose ion implantation) there is hysteresis [7]. This means that there 
can be sp^ clustering or % electron delocalisation without a corresponding sp ^sp 
conversion. For visible excitation, sp^ clustering and ordering will always raise the G peak in 
stages 2 and 3. In contrast, in UV excitation, increasing clustering lowers the G position, as 
noted above. This is shown schematically in Fig 3(B). Comparing visible to UV excitation, 
there is an inversion of the trends. This is another remarkable result, since it allows for a 
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distinction of samples which, although having different structures, may accidentally show 
very similar Raman spectra at a certain wavelength. 

The D peak and IfPl/KG) 

The D peak arises from the breathing motion of sp^ rings. I(D)/I(G) is highest for IR 
excitation, and it decreases strongly at higher excitation energy. Although there is no D peak 
in the UV Raman for nc-graphite, Fig 1 suggest that there is some residual intensity in the D 
region in UV Raman in the more disordered carbons, those with stage 2 disorder. 

Fig 2(B,C) plot the I(D)/I(G) intensity ratio and the D peak position as a function of 
excitation wavelength. In contrast to the G peak dispersion, the I(D)/I(G) ratio and the D 
peak have maximum dispersion for micro and nano-crystalline graphite, and the dispersion 
decreases for increasing disorder, i.e. the dispersion is proportional to order. 



Fig 4: (A) Amorphisation trajectory, showing the schematic variation of I(D)/I(G) for four 
typical wavelengths. Note that for increasing excitation energy the maximum of I(D)/I(G) 
corresponding to the transition between stage 1 and 2 shifts to higher disorder, i.e. lower Lg. 
Note also that I(D)/I(G)>0 even at UV excitation. (B) amorphisation trajectory for I(D)/I(G), 
showing the possibility of hysteresis. 

The origin and dispersion of the D peak in disordered graphite arises from the double 
resonance mechanism corresponding to the k=0.5q condition of eq (1) [17-20,7]. In 
particular, symmetric breathing modes have the highest modulation of the polarizability and 
thus the hij^est Raman cross-section for k=0.5q [7]. Furthermore, there is a simultaneous 
mapping of the vibrational modes and electron energy levels of aromatic clusters onto those 
of graphite, according to the same k=0.5q condition. Aromatic clusters act as part of a 
graphite superlattice, both electronically and vibrationally [7]. Longer excitation wavelengths 
excite larger clusters with lower band gaps and lower frequency breathing modes. This is 
confirmed by calculations of Raman intensities of polycyclic aromatic hydrocarbons of 
increasing size, which exhibit two main bands corresponding to the G and D peaks in 
graphite [21,22]. As disorder increases, the I(D)/I(G) ratio disperses less. This means that the 
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D peak disappears for UV excitation in disordered and nanocrystalline graphite, but it is still 
present for amorphous carbons. In effect, for large disorder, as in sputtered a-C of Fig. 1(C), 
the D peak behaves like a non-dispersive vibrational density of states feature for the 
breathing modes of all ring-like sp^ configurations. The presence of a residual D peak in UV 
Raman spectra of a-C’s is a new finding, which can affect our deriving sp^ content from the 
T peak, as discussed later. 

Ideally, for an excitation energy Hex, from (3) we expect clusters of size Lo=l/Eex to 
give the largest contribution. Thus, for the highest Eex, a-C with the smallest aromatic 
clusters will have the highest I(D)/I(G) with respect to nc-graphite. On the other hand the 
I(D)/I(G) ratio is bigger for bigger clusters, as shown by ab-initio calculations of Raman 
intensity [22], thus explaining the over-all decrease in I(D)/I(G) intensity for increasing 
excitation energy. Furthermore, very disordered amorphous carbons have a specific size 
distribution of clusters, and cannot span all the breathing mode frequencies of clusters of 
rings of arbitrary size, unlike in defected graphite, where all the upper optical branch is 
spanned by the double resonance condition for varying excitation energies. We therefore 
expect an almost constant I(D)/I(G) and D position for a-C. This is indeed seen 
experimentally, in Figs 2(B,C). In ta-C, there is no D peak at any wavelength, due to a 
complete absence of rings. These trends in I(D)/I(G) can be summarised by extending the 
three-stage model to many wavelengths, as in Fig 4(A). Note that the maximum of I(D)/I(G) 
versus La shifts to smaller La for increasing Eex, as seen in Fig 4(A). Fig 4(B) shows the 
effect of hysteresis. 



The first UV Raman studies [14,15] found a new peak at -1060 cm'' labelled T. This 
peak, seen only in UV excitation, is due to a resonant enhancement of the a states, and it 
directly probes the sp^ bonding. This peak corresponds to the peak in the CC sp^ vibration 
density of states (VDOS) of ta-C in simulations [32,33] and EELS data [34]. Gilkes et al. 
[16] gave some empirical relations between the I(T)/I(G) ratio, the T peak position and the 
sp^ content, Fig 2^). Fig 5 compares the 244 nm UV Raman spectra of ta-C, ta-C:H, 
diamond-like a-C:H and polymeric a-C:H, with the peak fits adopted in this paper, to show 
the differences in their spectra in the T and D region. 

The 244nm UV Raman spectra is a favoured means to derive the sp^ content of 
amorphous carbons. This requires an understanding of how the spectrum develops with sp^ 
content. For example, the variation of I(T)/I(G) with the sp^ content is quite non-linear for 60 
to 90% sp^ contents. Fig 2(D1). The spectrum possesses the large G peak. If this is 
subtracted, this leaves the T peak, which arises from a peak in the sp^ VDOS. As the sp^ 
content falls, the sp^ VDOS peak at 1060 cm"' shifts upwards to that of a sp^ network at 1400 
cm"' [34]. A shifting T feature is also seen in the UV Raman spectra of ta-C:N with 
increasing nitrogen content [35]. Alternatively, the changes could be represented as a 
reduction of the T peak at 1060 cm'' and the rise of a peak around 1400 cm'', a D-like peak. 
This is consistent with the discussion in the previous section. There we noted that a small D 
peak can survive in UV in sp^ a-C, where it becomes like a VDOS feature of sp^ rings. Thus, 
as the sp^ content of ta-C rises, the T peak intensity (corresponding to the CC sp^ VDOS) is 
reduced, with a corresponding increase of a D peak. We use this model here. 

A complication is that the D peak intensity depends not only on the sp^ fraction, but 
also on its order. If the sp^ sites have graphitic order, the D peak is absent in UV, if the sp^ 
sites are in chains the D peak is absent, only if the sp^ sites are in disordered rings does a 
residual D peak survive in UV. 



Raman Shift (cm‘^) 

Fig 5: UV Raman spectra of polymeric a-C:H, ta-C:H and ta-C with the peak fits. The fitted 
peaks are correspondingly labelled. Note that for polymeric a-C;H a clear dip at ~1500 cm‘^ 
exists between the D peak at the G peak. For ta-C:H (or diamond-like a-C:H) the residual D 
peak fills the dip around 1500 cm‘\ 

This can then explain the range of I(T)/I(G) values seen for high sp^ content ta-C. This 
could be attributed to the sensitivity of the T peak to small changes of sp^ content at high sp^ 
content. More likely, a slightly different amount of sp^ clustering can fill in the dip around 
1400 cm‘^ so smearing the T peak intensity (clearly seen in the ta-C spectrum of Fig. 5). This 
could be overcome in principle by introducing an extra D peak in the fitting, even in samples 
with low sp^ content, but a physically meaningful fit is difficult in these cases as this implies 
using two peaks to fit a broad feature with no clear modulations. Thus, the empirical 
relations of Gilkes et al. [16], obtained with a simple 2 peak fit (1 T peak and 1 G peak) that 
allows an up-shift of the T peak, are useful benchmarks. 

The increase of sp^ content and clustering both tend to reduce T peak intensity 
relative to the G peak. However, the T peak disappears only for large sp^ contents. Thus, the 
effect of clustering is to reduce tiie direct correlation between T intensity and sp^ content. 
Nevertheless, we can still distinguish high sp^ contents from low sp^, unlike in visible Raman 
spectra. Indeed, a T peak around 1060 cm'* and an I(T)/I(G) ratio of about ~0.4-0.42 in H- 
free samples is a sufficient condition to estimate an sp^ content of -80%. An I(T)/I(G) ratio 
of 0.3-0.4 still indicates a sp^ content of 60-80%, but sp^ clustering makes it difficult to give 
a precise figure. Finally, I(T)/I(G)<0.2 indicates a sp^ content lower than 20-30%. Thus the 
presence of a T peak is a powerful qualitative means to cut through the hysteresis. Indeed, a 
sample with high sp^ fraction and large hysteresis will show a T peak (even if smaller than a 
similar sp^ content sample, but with limited clustering of the sp^ phase). On the other hand, a 
sample with low sp^ fraction but with the same I(D)/I(G) in visible excitation will not show 
any T peak in the UV. 

The analysis of T peaks extends to hydrogenated samples. Figs 1(B) shows that the T 
peak in ta-C;H or a-C:H is around -980 cm'\ lower than in ta-C. This is consistent with the 
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simulations of the C-C sp^ VDOS in ta-C:H [36]. The presence of the residual D peak must 
be taken into account when fitting. As a first approximation, we use three Lorentzians to fit 
the spectra (Fig. 5). For hydrogenated samples, EELS gives the total amount of sp^ bonded C 
atoms, in both C-C and C-H sp^ bonds, but the T peak is sensitive only to C-C sp bonds. 
Indeed, comparing the UV Raman spectra of ta-C:H and polymeric a-C:H (Figs 1(B) and 
1(D)), it is clear that most C sp^ atoms are bonded to H in polymeric a-C:H, due to the 
absence of a clear T peak, whilst in ta-C:H there is a sizeable amount of C-C sp bonds. 
Empirically, I(T)/I(G)~0.1-0.2 in (t)a-C:H indicates an overall sp^ content of-70%. Further 
work is needed for more detailed conclusions. Clearly, as sp^ clustering also contributes of a 
D peak, this can make things more difficult. 

A final question for the I(T)/I(G) ratio in UV Raman is the cross-sectional uniformity 
of the sample. The samples here discussed are extremely uniform in the z direction [37]. 
However, it is possible to have quite layered ta-C films, with surface layers thicker than the 
penetration depth of UV light (-10-15 nm) [37]. In that case, UV Raman provides 
information on the outer part of the sample. On the other hand, this surface sensitivity can be 
exploited to investigate the changes induced by surface treatments. 

CONCLUSIONS 

We have presented the dispersion of Raman peaks with varying excitation energy for 
a comprehensive series of amorphous carbons. We showed how most trends can be classified 
and explained by extending the three-stage model developed to explain the visible Raman 
spectra of disordered and amorphous carbons. 

We showed how amorphous carbons can have a D peak even in UV excitation, in 
contrast to disordered graphite. We discussed the origin of the trends of the T peak with sp 
content for hydrogenated and hydrogen free samples. We showed how its blue-shift is due to 
the appearance of a residual D peak, due to the vibrations of all ring-like structures, and not 
to a change in the sp^ VDOS, as sometimes suggested. 

We also stress how the clustering of the sp^ phase is the major parameter controlling 
the Raman spectra at any wavelength. Probing the same sample with visible and UV 
excitation allows us to derive the amount and clustering of sp^ sites, at least qualitatively. 
This is due to the inversion of the trend of the G peak, resulting in a shift from visible to IW, 
which is larger for less sp^ clustering. The appearance of the T peak gives a direct indication 
of the presence of sp^ bonds. This means that a two wavelength study (eg at 514 nm and 244 
nm) can provide a fast and powerful characterisation tool for amorphous and disordered 
carbons since the peaks’ dispersion is a fingerprint which is specific to each different carbon 
system. 
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ABSTRACT 

Grazing incidence x-ray reflectivity has been employed to investigate ultra-thin films of 
tetrahedral amorphous carbon (ta-C) grown with an S-bend filtered cathodic vacuum arc. The 
results indicate that x-ray reflectivity can be used as a metrological tool for thickness 
measurements on films as thin as 0.5 nm, which is lower than the range required for carbon 
overcoats for magnetic hard disks and sliders if they are to reach storage densities of 100 
Gbits/in^. The density of the films was derived from the best-fit to simulated reflectivity profiles 
from models for the structural parameters. In such thin films, the x-rays are reflected mainly at 
the film substrate interface, rather than the outer surface, so that the film density is derived from 
analysis of the oscillations of the post-critical angle reflectivity. 

INTRODUCTION 

Hard amorphous diamond-like carbon (DLC) coatings exhibit mechanical, thermal and 
optical properties close to those of diamond. They can be deposited over a wide range of 
thickness by different deposition processes, on a variety of substrates at or near room 
temperature. This versatility, combined with high hardness, good wear and corrosion resistance 
properties has resulted in their extensive use as ultra-thin overcoats for magnetic media. 

In the past, electron energy loss spectroscopy (EELS) has been used to obtain the sp^ 
content (from the size of the 7i* peak in the carbon K edge absorption spectrum), and the mass 
density (deduced from the valence plasmon energy in the low energy loss spectrum). However, 
this analysis is dependent on choice of an electron effective mass and there has been extensive 
argument in the literature as to the correct value [1-3]. Grazing incidence x-ray reflectivity 
measurements permit the near surface mass density to be determined independently of the 
plasmon energy [4]. We have recently shown that the combination of electron energy loss 
spectroscopy and grazing incidence reflectivity resulted in the identification of a unique effective 
mass for all amorphous carbons and diamond to be used to convert the plasmon energy in mass 
density [5]. The correct general relation between density and coordination for carbons could then 
be determined [5]. 

In Ref [5] we also showed, from the grazing incidence x-ray reflectivity data, that 
layering was not intrinsic to DLC films, but a function of deposition conditions. Most of the data 
were fi-om films typically 20-100nm thick. As the thickness of films for application in magnetic 
recording media is typically only a few nanometers, we have examined the limits to the 
sensitivity of the x-ray technique for thickness and density measurement. In this paper we show 
that the technique is capable of being used as a metrological tool for nanometer thick DLC films. 
In such thin films, the x-rays are reflected mainly at the film substrate interface, rather than the 
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outer surface, so that the film density is derived from analysis of the oscillations of the post- 
critical angle reflectivity. 

SAMPLE PREPARATION 

The ta-C films were deposited using a Filtered Cathodic Vacuum Arc (FCVA) with an 
integrated off plane double bend (S-Bend) magnetic filter. The deposition chamber was 
evacuated to 1x10'® Torr using a turbo molecular pump. Ta-C films with particle area coverage 
of less than 0.01% and uniform cross section are consistently deposited using this system [5,6]. 
A series of films was grown for increasing deposition times of 6,10 and 20 seconds defocusing 
the beam in order to achieve a small deposition rate and so to produce ultra-thin samples in a 
more controlled way. Another sample was grown for 15 seconds, but in this case the plasma was 
not stable and thus the effective deposition time was lower. 

EXPERIMENTAL TECHNIQUE 

Specular x-ray reflectivity measurements were made with a Bede GXRl reflectometer 
using CuKp radiation (X= 1.3926 A). In all cases, the forward diffuse scatter was measured by 
recording a coupled 0-20 (specimen-detector) scan with the specimen offset by -O.T from the 
specular condition. The intensity in this scan was subtracted form the measured specular scatter 
to obtain the true specular scatter. These data were automatically fitted, with little constraint on 
the available parameters, to the scatter simulated from model structures using the Bede MFS- 
MERCURY code [7]. The program uses a genetic algorithm to avoid trapping in local minima in 
searching for the least absolute logarithm of the difference between experiment and the 
simulation. The simulation is based on the fractal model developed by Sinha et al. [8] and 
extended by Wormington et al. [9]. 

RESULTS 

Even for the shortest deposition time, a distinct difference could be detected between the 
reflectivity profiles from the bare silicon substrate and those wafers on which carbon films had 
been deposited. Fig. 1 shows the reflectivity curves multiplied by the fourth power of the 
incidence angle. This method of data presentation enhances the visibility of low contrast fringes. 
For a perfectly smooth surface and in the absence of noise, beyond about twice the critical angle, 
such a plot is parallel to the x axis. As the deposition time increases, there is a displacement of 
the broad fringe towards smaller angle, consistent with increasing thickness of the ta-C film. For 
the longest deposition time, a second fringe becomes visible as the period decreases. There is no 
doubt that a film is present following only 6 seconds deposition. 

The critical angle is defined by the spike in the plot (at about 700 arc seconds) and from 
its position the near surface density can be determined. Within the accuracy of this measurement, 
there is no significant variation in the critical angle between the samples. 

Fits between the simulation from a model structure consisting of a single carbon layer 
and the observed specular reflectivity are shown for samples deposited in 6, 10 and 20 seconds in 
Figs 2(A,B,C). Fig 2(D) shows the silicon substrate. Best-fit parameters are listed in Table 1. 
Figure 3 shows the carbon thickness as a function of deposition time. We note that the intercept 
at t=0 is 1.7nm, suggesting that this corresponds to the thickness of native oxide film. The 
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thickness of the film deposited for 15 seconds is low due to instability of the plasma during a 
significant part of the deposition time. 



Specimen angle (arc seconds) 

Fig 1: Specular intensity multiplied by the fourth power of the incidence angle for films with 



0 2000 4000 6000 0 2500 5000 7500 


Specimen angle (arc second) Specimen angle (arc seconds) 

Fig 2: Experimental (points) and best-fit simulations (lines) to ta-C films deposited for (A) 6 
seconds, (B) 10 seconds, (C) 20 seconds and (D) Si substrate. 
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In order to fit the specular reflectivity of the bare substrate, it proved essential to include 
the presence of a native oxide film within the simulation model. Figure 2(D) shows the best fit 
between experiment and simulation and here the silicon oxide thickness was determined to be 
1.75nm, with 0.48nm effective roughness. The effective roughness arises principally from the 
density gradient through the oxide layer; specular reflectivity measurements cannot distinguish 
between compositional grading and true roughness, as there is no component of the scattering 
vector in the plane of the sample. However, an equally good statistical fit could be found for a 
number of oxide thickness and densities. Within the dynamic range of the laboratory 
experiments, it is impossible to define the oxide properties more tightly. 

Table 1 

Layer parameters (thickness, t, interface width, a, and density, p) derived from best-fit 
simulations. (Silicon substrate density 2.33 g/cm^) 


Dep. time (s) 

(7(Si) nm 

t(ta-C) nm 

o(ta-C) nm 

p(ta-C) g/cm^ 






6 

0.05 

2.22 

0.8 

3.2 

10 

0.05 

2.64 

0.94 

3.12 

15 

0.05 

2.70 

0.72 

2.74 

20 

0.05 

3.51 

0.66 

2.72 



Fig. 3: Film thickness versus carbon deposition time. 

The fit shown in Fig 2(D) corresponds to a film of thickness consistent, within the 
measurement precision, with the extrapolated value from Fig 3. The success of fitting a single 
layer to the data for the ta-C films suggests that the density of the silicon oxide is increased 
during the initial deposition stages of the ta-C film, probably by intermixing of C ions. Indeed, 
given the initial HF cleaning of the substrate, even if the deposition were not performed 
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immediately afterwards, we do not expect a pure Si02 interface, but a mixture of Si, C and 
oxygen, as shown by cross sectional EELS measurements of the interface [10]. 

DISCUSSION 

As is evident from Fig. 3, measurement of a film of 2 nm thickness is quite within the 
capability of the technique. Measurement of the thickness of films, typically 2-4nm, used for 
magnetic recording coatings is thus feasible. While the statistical precision on the best-fit 
parameter is sub-Angstrom, it is difficult to be confident in the thickness measurement to better 
than O.lnm. At this level, errors in alignment, resulting in slipping off the specular ridge, and 
incomplete subtraction of the forward diffuse scatter can result in different best-fits being 
returned. 

Unlike the case of thicker films [5], for the ultra-thin carbon films the critical angle is not 
strongly influenced by the film density. This is because the evanescent wave reaches the silicon 
substrate below the critical angle and the substrate density determines the critical angle. Forward 
simulations of thin films of differing density confirm the insensitivity. Only for ta-C films on 
silicon over about 20nm thickness can the critical angle be used reliably to measure the near¬ 
surface density. Although the density influences the fiinge contrast, the film interface width also 
influences the contrast. On the other hand, the film density does affect the position of the fiinge 
maximum. Despite the ability to measure quantitatively the precision of the fit as the two 
parameters vary, a degree of uncertainty remains in the determination of the film density for 
these ultra-thin layers. X-ray reflectivity is not composition-specific and we have already noted 
that success of fitting a single layer to the data for the ta-C films suggests that the density of the 
silicon oxide is increased during the initial deposition stages of the ta-C film, probably by 
intermixing of C ions. In any case our data show that a density of ~3 g/cm^ can be attained even 
for such ultra-thin ta-C films, which suggests that the high corrosion resistance can be 
maintained down to the nm scale, together with a sufficiently high Young’s Modulus of at least 
300 GPa [12]. Note as well that the structure of the ultra-thin S-bend FCVA films resembles that 
of the thicker S-bend films, with a scaling of the bulk layer thickness, but not of the surface ond 
interface layers (which are in the sub-nanometer range both in thick and thin films). 

CONCLUSION 

Grazing incidence reflectivity does provide a non-destructive metrological tool for the 
measurement of the thickness of nanometer thick diamond-like carbon films The X-ray 
reflectivity technique for film thickness measurement is directly traceable to international 
standards of length [11]. Measurement of the density, on the other hand is more difficult and less 
reliable for these ultra-thin carbon films. It can only be deduced by careful fitting of a number of 
interacting parameters in model structures of the films and the density values derived should be 
interpreted cautiously. 
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ABSTRACT 

Carbon films of thickness down to 2 nanometers are necessary to achieve a storage 
density of 100 Gbit/in^ in magnetic hard disks. Reliable methods to measure the properties of 
these ultrathin films still have to be developed. We show for the first time that combining 
Surface Brillouin Scattering (SBS) and X-ray reflectivity measurements the elastic constants of 
such films can be obtained. Tetrahedral amorphous carbon films were deposited on silicon, by an 
S bend filtered cathodic vacuum arc, which provides a continuous coverage on large areas free of 
macroparticles. Films of thickness down to 2 nm and density of ~3 g/cm^ were produced and 
characterized. The dispersion relations of surface acoustic waves are measured by SBS for films 
of different thickness and for the bare substrate. Waves can be described by a continuum elastic 
model. Fitting of the dispersion relations, computed for given film properties, to the measured 
dispersion relations allows the derivation of the elastic constants. For a 8 nm thick film we find a 
Young’s modulus E around 400 GPa, with a shear modulus G lying in the 130 - 210 GPa 
interval. For a 4.5 nm thick film, E is around 240 GPa, with G lying in the 70- 130 GPa interval. 
Results for even thinner films become highly sensitive to the precision of the substrate 
properties, and indicate that the above values are lower bounds. We thus show that we can grow 
and characterize nanometer size tetrahedral amorphous carbon films, which maintain their 
density and mechanical properties down to the nm range. 

INTRODUCTION 

The storage density of magnetic hard disks is steadily increasing [1,2], Technological 
developments are required to maintain the increasing trend. Namely, the distance between the 
recording head and the magnetic material has to be decreased, and this requires a reduction of the 
thickness of the protective coatings of the disk and the head. Carbon coatings are presently the 
standard choice: they provide protection against corrosion, grafting sites for the lubricant 
molecules and mechanical protection [1,2]. The continuity of the film is a crucial requisite. The 
achievement of a storage density of 100 Gbit/in^ requires a reduction of coating thickness down 
to 2-5 nanometers. The characterization of such thin films is still an open question. The elastic 
constants provide useful information: beside the direct characterization of the mechanical 
behavior, they give indirect indications on the quality and the continuity of the film. Although a 
film of few nanometers on a softer substrate cannot provide a strong mechanical protection [2], 
measurement of its elastic moduli provides however significant indications on film quality, 
including the fraction of sp^ bonding. 

The stifthess of an amorphous, and therefore mechanically isotropic, film is fully 
characterized by two independent parameters, which are typically taken among Young’s 
modulus E, shear modulus G, bulk modulus B, Poisson’s ratio v or among the elements Cjj of the 
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elastic tensor. Any two of them determine all the others. Their measurement for ultra-thin films 
is arduous. Indentation directly supplies the hardness, and is commonly adopted to measure also 
the elastic constants [3-5]. However for film thicknesses below ~1 |im the requisite of 
indentation depth significantly smaller than film thickness is met with difficulties, and, especially 
for hard films on softer substrates, the behaviour of the substrate can affect the results. For 
thicknesses of a few nanometers indentation is no longer viable. The elastic properties must be 
probed by other methods, namely exploiting acoustic waves. 

Brillouin scattering, i.e. the scattering of an electromagnetic wave (a photon) by an 
acoustic wave (a long wavelength acoustic phonon) provides a convenient, contact less way to 
measure the spectrum of acoustic waves. Both bulk acoustic waves and surface acoustic waves 
(SAWs) can be measured. Brillouin scattering relies on thermally activated phonons, meaning 
that the acoustic amplitudes are small and that measurements are time consuming. However the 
exchanged wavevector is fully determined by the scattering geometry: surface phonons can be 
probed at wavelengths down to a quarter of a micron. Such acoustic wavelengths are 
significantly shorter than those probed by any other measurement technique. Since the acoustic 
velocities can be accurately computed as functions of the elastic moduli and the mass density, 
their measurement provides an access to the elastic properties. Brillouin scattering has proved 
able to measure the elastic properties of materials, exploiting either bulk acoustic waves [6] or 
Surface Brillouin Scattering (SBS), i.e. scattering by SAWs [7-12]. In particular in the case of 
layered structures, namely of a single isotropic layer on an anisotropic substrate, the elastic 
constants of films have been measured, for film thicknesses ranging from hundreds to tens of 
nanometers [10-12]. The measurement of film properties of thickness below 10 nm remained a 
challenge, which has been faced in this work. 

EXPERIMENT 

The tetrahedral amorphous carbon (ta-C) films were deposited using an S-Bend Filtered 
Cathodic Vacuum Arc (FCVA) with an integrated off plane double bend (S-Bend) magnetic 
filter. The deposition chamber was evacuated to 1 O'* torr using a turbomolecular pump. ta-C 
films with particle area coverage of less than 0.01% and uniform cross section are consistently 
deposited with this system [13,14]. A series of films was grown for increasing deposition times 
defocusing the beam in order to achieve a small deposition rate and so to produce ultra-thin 
samples in a more controlled way. Thickness density and layering of these ultra-thin samples 
were derived by X-Ray reflectivity [15], Table I. Note that the structure of the ultra-thin S-bend 
FCVA films resembles that of thicker S-bend films [14], with a scaling of the bulk layer 
thickness, but not of the surface and interface layers (which are in the sub-nanometer range both 
in thick and thin films). Four samples are considered here: a bare silicon substrate, with a thin 
layer of native oxide due to exposition to air, and three carbon films. 

SAW velocities of all the samples were measured by SBS: the specimen is illuminated by 
laser light and the spectrum of the scattered light is analyzed. Beside the strong peak of the 
elastically reflected light at frequency Q, the spectrum contains the doublet at frequencies n±0), 
shifted by the SAW frequency co. The SAW wavevector qy is selected by the scattering geometry 
(in backscattering, at incidence angle 0, qy = 2 {IkI'K) sin 6, where X is the laser wavelength) and 
the SAW velocity v = oV qy is directly obtained. Measurements were performed with SAW 
propagation along the [100] direction on the (001) face of the Si substrate, at room temperature, 
in backscattering, with incidence angle 0 from 30° to 70° (see Fig.l). The incident light is p- 
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Table I: Samples’ properties 


Specimen 

Film nature 

Film density 
(g/cm^) 

Film thickness 
(nm) 

A 

SiOx. 

~ 

~2 

B 

ta-C 

2.8 

8 

C 

ta-C 

2.8 

4.5 

D 

ta-C 

3.2 

2.2 


polarised; the scattered light is collected without polarisation analysis, and analysed by a tandem 
3+3 pass high contrast interferometer of the Sandercock type. The light source was an Argon ion 
laser operating at = 514.5 nm. The incident power on the specimen was around 100 mW, 
focused into a spot of the order of 10^ jim^; irradiation did not induce film modifications 

RESULTS 

Due to the low film thickness a single SAW is present, the Rayleigh wave modified by 
the presence of the film (Modified Rayleigh Wave, MRW). Its velocity can be computed [16] as 
function of the elastic constants and mass density of both the film and the substrate, of film 
thickness and on the wavevector q||. It is thus possible to solve the inverse problem, i.e. the 
derivation of the elastic constants from measured SAW velocities [17]. The elastic constants and 
mass density of the anisotropic Si substrate are known (Cii=166 GPa, Ci2=63.9 GPa, C44=79.6 
GPa, p=2.33 g/cm^ [20]), as well as the SAW wavevector and the film thickness and density. 
Thus the acoustic velocities remain functions of the unknown elastic constants of the film. It is 

140 I , , , I 


120 



frequency [GHz] 

Figure 1. Portions of Brillouin spectra at 60° incidence showing the peak due to modified 
Rayleigh wave, measured under identical conditions on specimens A (circles) and B (squares). 
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known [11] that in this kind of films the properties can have a gradient in proximity of the outer 
surface and the inner interface but, to avoid exceeding complexities, the films are modeled as a 
single homogeneous equivalent film, with a sharp interface with the substrate. 

It has been shown [18] that among the various elastic moduli that can represent the 
stiffness of an isotropic material the (E,G) pair is the most appropriate for the solution of the 
inverse problem. The velocities Vc(E,G) are computed for each value of qy (i.e. for each incidence 
angle) at the nodes of a rectangular mesh. The couple (E ,G)fiim is obtained by a least squares fit 
of the computed velocities Vc to the measured ones Vm : 




v'(£,G)-vl 


= min, 


where Oe' are the variances of the corresponding Vm' due to the various uncertainties connected to 
the measurement (geometrical imperfections [19], statistical errors). The (E,G) couple which 
minimizes R is the most probable solution of the inverse problem, and the regions corresponding 
to any fixed confidence level are also obtained. 

It must be remembered that not all the (E,G) plane is physically meaningful. In this plane 
the v=const lines are straight lines through the origin, and the v=0.5 and v=0 line delimit the 
triangle which is fully meaningful. The v=0.5 line is the limit for thermodynamic stability. When 
approaching or crossing this limit, the computed SAW velocities remain finite and continuous, 
but the bulk modulus B diverges. This means that if the confidence region falls close to the 
stability limit even a small region in the (E,G) plane, i.e. a good determination of both E and G, 
still corresponds to a wide interval of B, which remains poorly determined. At the same time a 
physical plausibility limit can be imposed, considering only the part of the confidence region 
which corresponds to values of B below a pre-determined value. In this work the diamond value 
B = 445 GPa is taken a physically plausible upper limit. On the other side the v=0 line does not 
mark a thermodynamic instability but, since negative values of Poisson’s ratio can at most be 
found in extremely rare and peculiar cases, the v=0 line is taken as a physically plausible limit. 
Figure 2 shows the confidence regions found for specimen B. The confidence regions cross the 
physically acceptable region, meaning that v and B remain essentially undetermined, while 
reasonably well defined intervals are found for E and G: E = 350 -s- 420 GPa and G = 130-^-210 
GPa. For specimen C the intervals are E = 220 -j- 260 GPa and G = 70 130 GPa, v and B 

remaining also undetermined. This is in agreement with the outcome of a sensitivity analysis 
study [18] which showed that E and G can be determined much better than v and B. The 
confidence regions must be seen as the real outcome of the measurements. Further resolution 
within the confidence regions has not a real significance. The obtained values of the elastic 
constants allow to fit the measured dispersion relations, as shown in Fig. 3. Figure 3 also 
explains the difficulty in obtaining the film elastic constants for specimens A and D, whose 
measured velocities are lower than those of a bare silicon substrate of nominal properties [20]. 
The fit for specimen A is in fact bad, and a better fit would require negligible film elastic 
constants and an unreasonably high mass density of silicon oxide. Also specimen D (carbon) 
seems to be acoustically slower, i.e. more compliant, than silicon. These findings suggest that in 
reality the actual properties of the silicon substrate are slightly different from the accepted values 
for pure silicon [20]. The stiffness of the substrate is slightly overestimated, implying that the 
film stiffness is underestimated. Due to the very small film thickness a very small overestimation 
of substrate stiffness is sufficient to lead to a significant underestimation of film stiffness. 
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Figure 2. 90%, 95% and 99% confidence regions in the (E,G) plane for specimen B 


DISCUSSION AND CONCLUSIONS 


It has been shown that films only a very few nanometers thick exhibit dispersion relations of the 
modified Rayleigh wave that are measurably different. The analysis of these dispersion relations 
allows to measure the elastic constants of ta-C films, which have a significant stiffiiess also in 
films of 8 and 4 nanometres thick. For thinner films the analysis shows that a very precise 
characterization of the substrate is needed. The results for the thinnest films indicate that the 
values of the elastic constants found for the other films must be viewed as lower bounds. 


5200- 

515o| 

5100- 
5050 
5000^ 




4950 


4900 


4850 




I 


4800- 


I 1 




0.02 


0.025 


0.005 0.01 0.015 

wavevector [1/nm] 

Figure 3. Measured velocities for the four specimens; dispersion relations computed with the 
film elastic moduli obtained fi'om the best fit procedure, and accepted values of silicon properties 
[20]. The limit at null wavevector is the Rayleigh velocity of a bare silicon substrate. 
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ABSTRACT 

Here, we report successful measurements by surface Brillouin scattering (SBS) and scan¬ 
ning acoustic microscopy (SAM) of the elastic properties of small specimens of amorphous car¬ 
bon obtained from Ceo under high pressure and temperature. The superhard phases of amor¬ 
phous carbon were synthesized from Ceo at pressure 13-13.5 GPa and temperature 800-900 °C. 
Two types of acoustic waves have been detected by SBS in superhard samples: surface 
Rayleigh wave and bulk longitudinal wave. The longitudinal velocity (vl) in the hardest sample 
is slightly lower than longitudinal wave velocity in diamond in [110] direction. Simultaneous 
measurements of the Rayleigh and longitudinal wave velocities make it possible to determine 
shear and bulk elastic moduli of the specimens. Obtained elastic properties for amorphous car¬ 
bon synthesized under pressure 13.5 GPa and temperature 900°C are close to those for diamond, 
indicating that bonds among amorphous carbon network are diamond bonding dominated. 


INTRODUCTION 

Recent interest in new superhard materials triggered by the discovery of the fullerene mole¬ 
cule Ceo has led to a series of extensive experimental studies of amorphous and nanocrystalline 
carbon phases and their properties in both bulk [1] and deposited as a thin film [2-4] states. 
Heating at relatively low pressures (P<8 GPa) has revealed one-dimensional (1-D)- and two- 
dimensional (2-D)-polymerization [5] of Ceo and subsequent collapse of the fullerene structure 
into graphite-like disordered carbon [6]. Heating the fullerite up to 1000-1300 K under the pres¬ 
sure 3 to 8 GPa leads to a formation of disordered phases with carbon atoms predominantly in 
sp^ states. Heating Ceo at P>8 GPa results in formation of three-dimensional (3-D) polymerized 
amorphous phases of Ceo, with large number of sp^ atomic sites [7] and nanocrystalline compos¬ 
ites (nanoceramics) of diamond and graphite [8], fueling the most recent debates on the exis¬ 
tence of ultrahard fullerene-based phases with hardness higher than diamond [9]. The structure 
of all these phases contain large amount of 4-fold sp^ atomic states. The existence of ultrahard 
fullerene phase with hardness higher than diamond was recently discussed [7, 9]. Such phases 
can be obtained only in extremely small size. 

Here, we report successful measurements by surface Brillouin scattering and scanning 
acoustic microscopy of the elastic properties of two small bulk specimens of amorphous carbon 
synthesized from Cso under high pressure and temperature. The results of these measurements 
are of importance in understanding the problem of phase transition of Ceo under high pressure 
and temperature and particularly the issue of existing ultra and superhard phases. 
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It has been shown that under high pressure and temperature Ceo crystals transform through a 
series of intermediate polymeric, amorphous and nanocrystalline carbon phases. Heating at rela¬ 
tively low pressures (P < 8 GPa) results in 1-D and 2-D polymerization of Ceo [5, 10] and sub¬ 
sequent collapse of the fullerene structure into graphite-like disordered carbon [6, 10]. The 3-D 
polymerized phases of Ceo [7], amorphous phases with a large amount of sp^ atomic sites [11], 
and nanocrystalline diamond and graphite [7] are formed upon heating at these pressures. The 
formation of covalent bonds makes the new phases very stable, Hirai et al [12] reported amor¬ 
phous diamond prepared from Ceo hy shock compression. Based on the indirect scratching ob¬ 
servations [13] and measurements made by time-resolved acoustic microscopy [14], Blank etal. 
[9] postulated that superhard and ultrahard phases could be synthesized from Ceo- However, 
their experimental results have not been independently confirmed. Further, there might exist 
some discrepancy in their measured values of elastic constants [7] as fullerite materials obtained 
under high pressure are not homogeneous and consist of several phases with different elastic 
properties. The dimensions of the different phases vary from tens to hundreds of microns. Thus, 
Brillouin spectroscopy and acoustic microscopy, which provide high lateral (1 - 30 |i) and axial 
(1 - 100 |i) resolution in elastic properties measurements, are valuable tools for characterizing 
such specimens. 

The first experimental SBS study of the fullerene product resulting from laser irradiation of 
a Ceo single crystal [15] revealed that high laser intensities must be used to detect Brillouin scat¬ 
tering. Sound velocities measured in that experiment (280-700 m/s) are substantially lower than 
the value reported in literature for solid Ceo- The shift of the Brillouin doublets observed by 
Manfredini et al [15] was in the energy range typical for slow polymer or carbon gels. Polymer¬ 
ized phases obtained under high T-P are much stiffer. One would therefore expect normal laser 
intensity to produce SBS spectra from hard fullerene materials. To our knowledge Brillouin 
scattering studies of bulk hard phases synthesized from Ceo have not been conducted yet. 


EXPERIMENTAL DETAILS 
Specimens 

Two bulk amorphous carbon (a-C) samples, employed in this study, were synthesized from Ceo 
fullerite powder at 13 to 13.5 GPa, 800±100°C (sample A) and 900±100°C (sample B) at the 
Institute for High Pressure Physics, Moscow. Fullerite powder was produced at the Russian Sci¬ 
entific Center “Kurchatov Institute”. 

Brillouin light scattering 

Brillouin light scattering is generally referred to as inelastic scattering of an incident optical 
wave field by thennally excited elastic waves in a sample [16]. The phonons moving in thermal 
equilibrium with very small amplitudes can be viewed as a moving diffraction grating by an in¬ 
cident light wave. Mechanism of the light scattering by moving diffraction gating can be ex¬ 
plained by the two concepts of Bragg’s reflection and Doppler shift. Brillouin light scattering 
can be viewed as a Bragg’s reflection of the incident wave by the diffraction grating created by 
thermal phonons [17]. 
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For the backscattering geometry, the surface acoustic modes which cause the diffraction of 
the incident light have wave vector q given by 

At: sin 6 

X is the wavelength of the incident laser light, and q is the projection on the surface of the 
scattering wave vector. The moving corrugating surface scatters the incident light with a 
Doppler shift, giving scattered photons with shifted frequencies. The frequency shift bf in the 
light scattering is related to the surface wave velocity Vsaw by equation 

2sin^ 

At room temperature and above, the Brillouin scattering efficiency or intensity for scattering 
from the surface of an opaque materials by dynamic rippling of the surface can be represented 
as [17] 

T 

J((0) = A—\mg^^{q,Q)) 

CO 

where ® is the angular frequency shift of the light; T is the absolute temperature; factor A de¬ 
pends on the medium (density and permittivity), scattering geometry, polarization and incident 
photon frequency; g 33 ( 5 ^,( 0 ), Fourier coefficient of the elastodynamic Green's function. A com¬ 
prehensive description of how g 33 (^,0)) is calculated for a multilayered anisotropic medium is 
given in [17]. 

Elasto-optic interaction or scattering of light by bulk sound waves result from fluctuations in 
the dielectric constant caused by the phonons moving in thermal equilibrium. The interaction 
arises from changes in the refi-active index produced by the strain generated by sound waves; 
the change in refractive index is related to the strain through the elastooptic constants p”", 
which determine the degree of interaction between the light and the material [16]. In backscat¬ 
tering, sound velocity (V) can be expressed as a function of the frequency shift and refraction 
index n by the following formula 


v-M. 

2n 

Brillouin light scattering technique is ideally suited for studying the elasticity of bulk mate¬ 
rials and, especially, thin films [18,19]. It has proven to be a very effective technique for inves¬ 
tigating the near-surface elastic properties of opaque bulk materials. 


Acoustic Microscopy 

Acoustic microscopy is a relatively new technique that has been developed for non¬ 
destructive characterization of the mechanical microstructure of solid materials with a resolution 
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of 1 jam [20]. A schematic diagram of an acoustic microscope working in the reflection mode is 
presented in Fig. 1. In conventional acoustic microscopy, a monochromatic sound wave is fo¬ 
cused onto a specimen by means of an acoustic lens. The same lens is used to record the signal 
reflected back from the sample. A liquid couplant, usually water, is placed between the lens and 
the sample. The spherical lens, i.e. the lens with a spherical cavity, focuses sound onto a spot of 
size comparable to the sound wavelength in the fluid. The fringes, appearing in the acoustic im¬ 
ages around cracks and other discontinuities, are Rayleigh wave fringes; they are seen on defo- 
cused images as a result of the interference between waves reflected normal to the specimen 
surface and waves associated with surface Rayleigh waves [20]. 


V(z) 

Tramdiixer^^^^~^^ 



Figure 1. Schematic geometry of the defocused acoustic lens. BE is the trajectory of specular 
wave, and ADFC is the trajectory of leaky Rayleigh surface acoustic wave (SAW). In the ray 
model the leaky Rayleigh wave is excited by ray AD, striking the surface at the angle Or = 
Vv/Wr. Here Vw is the velocity of the longitudinal wave in coupling liquid and Yr is the veloc¬ 
ity of Rayleigh wave. 


RESULTS AND DISCUSSION 

Surface scattering from the Rayleigh waves (incident angle = 60°) gives the velocity of 6.5 
km/s for the top face of the sample A and 10.1 km/s for the top face of sample B. The top face is 
a surface where pressure has been applied. The velocity of surface wave along sample surface B 
is 8% lower than that for [100] diamond. Bulk scattering from the bulk longitudinal wave (LW) 
can be observed for sample B. Refractive index for the sample is not known. Assuming it to be 
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close to that for Ceo (n=2.52) [15], the longitudinal velocity in sample B is then equal to 17.5 
km/s. The longitudinal velocity (vl) in the sample B (17.5 km/s) is higher than that in cBN (15.8 
km/s) or in ta-C films (15.5 km/s) and is slightly lower than longitudinal wave velocity (18.6 
km/s) in diamond in [110] direction. 

An acoustic image of sample A made by acoustic microscope (Leitz ELSAM) is shown in 
Fig. 2. The image was taken from the side surface of sample A. The fringe width in the cross 
section of the fibers can be used to determine the Raleigh velocity. The fringe distance is simply 
half a wavelength of the Rayleigh wave. This gives the Rayleigh wave velocity of 8.0 ± 2.1 
km/s. We note that, though the error in the measured Rayleigh wave velocity by SAM is higher 
than that determined by SBS, the SAM measurements have revealed strong anisotropy in the 
elastic properties of sample A. 



(a) (b) 

Figure 2, (a) Acoustic image of sample A at 400 MHz, and at a defocus z = -20 pm, field of 
view 700 pm x 700 pm. (b) Optical image of the same sample field of view 700 pm x 700 pm. 


CONCLUSIONS 

1. Elastic properties of the superhard phases of amorphous carbon synthesized from Ceo at 
pressure 13-13.5 GPa and temperature 900+100°C have been obtained by surface Bril- 
louin spectroscopy. 

2. The longitudinal velocity in the sample B is higher than that in cBN or in ta-C films and 
is slightly lower than longitudinal wave velocity in diamond in [110] direction. 

3. Measured elastic properties for amorphous carbon obtained under pressure 13 - 13.5 
GPa and temperature 900±100”C are close to those for diamond. 
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4. The SBS and SAM techniques have potential value in characterizing extremely small 
size specimens such as hard amorphous carbon phases. 
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Abstract 

In this paper, we have studied medium-range order structures in amorphous 
diamond-like carbon films with fluctuation microscopy. Medium-range order structures 
are quantified by a specific form of a general four-body correlation. We name this 
function as a pair-pair alignment correlation fiinction. By analyzing specie dark-field 
images taken over different areas as a fimction of momentum transfer in reciprocal space, 
we measured the pair-pair alignment correlation function for both thernially annealed 
samples and unannealed samples. We have found that thermal annealing introduces 
medium-range order in amorphous diamond-like carbon films, causing more pairs of 
atoms to be aligned. These results agree with density-functional simulations. Larger-scale 
simulations will be needed to fully understand our experimental results. 

Introduction 

Hydrogen-free amorphous diamond-like carbon films have stimulated great 
interest because of their useful properties, such as high hardness, chemical inertness, 
thermal stability, wide optical gap, and negative electron affinity[l]. Consequently, they 
may have various potential applications in mechanical and optical coatings, MEMS 
systems, chemical sensors and electronic devices. Amoiphous diamond-like carbon films 
often contains significant amounts of four-fold or sp^ bonded carbon, in contrast to 
amorphous carbon films prepared by evaporation or sputtering which consist mostly of 
three-fold or sp^ bonded carbon. The ratio and the structure configurations of these three¬ 
fold and four-fold carbon atoms certainly decide the properties of these amorphous 
diamond-carbon films. Although the ratio of three-fold and four-fold carbon has been 
studied with Raman spectroscopy and electron-loss-energy spectroscopy, very little has 
been understood regarding key questions such as how the three-fold and the four-fold 
carbon atoms are integrated in the film, and what structures those three-fold carbon atoms 
take [2]. These questions cannot be simply answered by normal diffraction technique 
because they involve structures beyond short-range order. 

Theory 

Through the history of studying amorphous materials, the radial distribution 
function (RDF) has played an important role. While it is eq^uivalent to an atomic pair 
correlation function, its importance relies on the fact that this function can be directly 
measured from diffi-action experiments. The RDF gives good quantitative descriptions of 
short-range order (2 - 5 A). However, it is almost impossible to interpret the third and the 
fourth peaks in the RDF. This is because the number of atoms filling a shell of r increases 
significantly as r increases. At a very large r, the RDF is approaching to the average 
number density of atoms. Therefore, the RDF is an ensemble average of the short-range 
order structures (2 - 5 A) of the whole sample. It can not provide information on local 
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structure changes at length scales larger than 5 A, i.e., the medium-range order structures 

[3]. 


For studies of medium-range order structures in the region from 1 nm to 5 nm, 
either imaging with a resolution of the same order of magnitude or micro-diffraction with 
a beam size of nanometers is needed. Only transmission electron microscopy (TEM) and 
scanning transmission electron microscopy (STEM) can provide this kind of resolution. 
In TEM or STEM experiments, it is straightforward to measure the fluctuation of 
intensities in an image, in addition to diffraction patterns. While a diffraction pattern 
yields two-body correlation functions, this variance function of k yields information 
about correlations beyond the two-body correlation. 

In TEM imaging mode, what is projected on the detector is actually the wave 
front of the electron wave that just leaves the sample. Therefore, under coherent 
illumination, the intensity of each pixel in a dark-field TEM image is contributed only by 
a small column of atoms from the sample [4]. Fluctuation microscopy utilizes a 
phenomenon called the speckle. Although speckle has been found in all types of coherent 
imaging for many years [5], this microscopy technique is relatively new [6]. Speckle 
patterns are generated by interference under coherent scattering conditions. Since the 
intensity in a pixel in a speckle image is actually contributed by a small column of atoms, 
fluctuations in local structures are reflected in fluctuations in the speckle intensity, as 
shown in figure 1. 


Counting; 



Figure 1 An illustration of the pair-pair alignment function. It counts all atom pairs with 
the same end vector. These pairs can have varied distances. 

The length scale of the sampling column is directly determined by the resolution 
within the resolution limit of a particular electron microscope. By tuning the resolution, 
the volume of the sampling column under investigation can be tuned also. Therefore, 
fluctuation microscopy with varied resolutions will be of great interest in future. With 
varied resolution, we can study structure changes at different length scales. Hence the 
scaling behavior of that particular sample can also be studied. 

We have for the first time developed a theory to quantify the medium-range order 
structure [7]. A summary of this theory is the following. A pair-pair alignment function is 
defined as: 


G2,2(r^)= lG4(ri,r2,r^)dridr2 
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where G 4 (ri, r 2 , r’) is a four-body correlation function with r’ = ra - ri, ri, r 2 , and 
give the position of the second, the third and the fourth atom respectively. Therefore, this 
new function G 2 , 2 ( r’) is the number density of an end vector generated by all possible 
three-body or four-body configurations. This end vector is a summation of two vectors 
from a three-body configuration or a four-body configuration. The number distribution of 
this end vector directly yields information regarding three-body configurations and four- 
body configurations, which contain correlations beyond the two-body correlations 
revealed by standard diffraction patterns. The meaning of the above function is shown in 
figure 1. 

It is then easy to prove that G 4 (ri, r 2 , r’) is actually directly related to the Fourier 
transform of the intensity fluctuation in speckle images: 

'^max Ay Ay 

§2,2 (r)r j ksin(kr)DW(k)(< I > - < I > )dk (2) 

^min 


where g 2 , 2 (r’) =r’ G 2 , 2 (r’)- This is the function measured in practice. It is a measure of 
how many pairs of atoms are aligned in a certain volume. 

Experimental details 

We use DigitalMicrograph™ to control a JEOL-4000EX microscope in our 
experiments. A DigitalMicrograph script was written to control the whole experiment. 
Once an area on the sample is chosen, the script prompts inputs of necessary parameters 
in the beginning of a session. Then it scans the electron beam through reciprocal space in 
an interval decided by the operator and takes a dark-field image with each momentum 
transfer value. Then each dark-field image is saved in a designated folder on the 
computer attached to the microscope. The same process is typically repeated for several 
different areas to gain good statistics. Typically a few hundred images are taken in a 
single experiment. 

Another script has been composed to analyze these images. This script opens 
images in a designated folder on the computer. With each image, it removes distortion 
caused by modulation transfer in the CCD camera, whose modulation transfer function is 
pre-measured. Then the script does a Wiener filtering and a frequency filtering. Finally it 
yields a measured value of the fluctuation of intensity. With the momentum transfer value 
associated with each image, the intensity fluctuation as a function of the momentum 
transfer value is eventually obtained. Finally, a Fourier transform is performed on this 
function to yield the pair-pair alignment function in real space. 


Results 

We have studied effects of thermal annealing on the medium-range order in 
amorphous diamond-like carbon films. Amorphous diamond-like carbon films were 
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fabricated on a silicon wafer by pulsed-laser deposition using a KrF laser and a graphite 
target. They are hydrogen free and contain about 70% four-fold (sp^) carbon with the rest 
being three-fold (sp^) carbon. These films were divided into two groups. One group was 
processed by thermal annealing while the other stayed in the as-grown state. TEM 
samples were made from the films by core-drilling and chemical etching. The film 
thickness under TEM observations is about 30 nm. 

Interestingly, thermal annealing caused great property changes in those films. For 
example, before annealing, the film was under great stress, up to 7 GPa. But after 
annealing, the stress was released to below 1 MPa. Stress relaxation measurements [8] 
also showed that the percentage of three fold carbon atoms was increased from 30% to 
about 37%. Therefore, thermal annealing causes structure changes. Our goal is to 
understand those changes. 

The radial distribution is measured from diffraction patterns. The results are given in 
figure 2. Figure 2 shows that the annealed and unannealed films have the same short 
range order structures, although their properties are dramatically different. This verifies 
our point that short-range order is not enough to give a complete description of 
amorphous structures. 



Figure 2. Measured reduced distribution functions show that thermal annealing does not 
change short-range order while causing great properties changes. 


Our results on the intensity fluctuation are plotted as a function of k in figure 3. This 
variance function of k is directly related to a pair-pair correlation function that defines 
medium-range order at nanometer scale. From the intensity fluctuation function, we can 
measure the pair-pair alignment function with Fourier transform. Our results are given in 
figure 4. 

There are pronounced differences for annealed and unannealed films, which 
indicates that there are medium-range order structure changes in these carbon films due 
to thermal annealing. 
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Figure 3. Plots of the variance as a function of k for amorphous diamond-like carbon films 
with or without annealing. The solid curve corresponds to the annealed sample and the 
dotted line is for the unannealed sample. The medium range order, indicated by the peaks, 
is increased after thermal annealing. 



Figure 4. The measured pair-pair alignment function. The solid curve corresponds to the 
annealed sample and the dotted line is for the unannealed sample. More pairs of atoms 
are aligned after thermal annealing 


For example, the first peak is positioned at around 0.46 A. From the radial 
distribution function, we already know that the average bond length is about 1.51 A. 
Noticing that r’ is the magnitude of an end vector generated by two pairs of atoms, we 
can infer that this peak comes from two identical pairs of atoms that are closely parallel 
from simple geometrical considerations. The len^h of each pair is the bond length, as 
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illustrated in figure 1. The magnitude of this end vector, i.e. the position of this peak, 
directly measures how these two identical pairs of atoms are aligiied statistically. The 
nearer the position is to the origin point, the more parallel these pairs are. On the other 
hand, the height of each peak is proportional to the number density of the corresponding 
configuration. The annealed sample has a higher peak than the unannealed one at the 
same position, which means thermal annealing aligns more pairs. This agrees with 
electronic property measurements and density functional simulations. 

Discussions 

It is interesting to notice that thermal annealing increases the medium-range order 
in amorphous diamond-like carbon films. The increased medium-range order is 
correlated to the released stress [8]. This process can be explained well by 
thermodynamics. Growing films is a non-equilibrium process. During the growth, the 
system usually does not have time to relax into a minimized free energy state if the 
growth rate is too high or the substrate temperature is too low. Therefore, the resulted 
film is highly stressed. Thermal annealing provides the system a channel to relax into a 
smaller free energy state. Therefore, after thermal annealing, more pairs of atoms are 
aligned and the stress is released correspondingly. 

Conclusions 

We applied fluctuation microscopy technique to study medium-range order in 
amorphous tetrahedral semiconductor materials. It is shown that this technique is very 
sensitive to local structure changes in the medium range order and promises solutions to 
open questions that cannot be answered by current techniques. With this technique, we 
found that thermal annealing introduces medium-range order in amorphous diamond-like 
carbon films. A thermodynamic model is suggested to explain those results. Future 
studies will be focused on modeling and systematic exploration of annealing effects. 
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ABSTRACT 

A Distributed Electron Cyclotron Resonance plasma reactor powered by a microwave 
generator operating at 2.45 GHz was used to deposit ta-C:H (Diamond-Like Carbon, DLC) 
thin films at RT. A graphite sputtering target immersed in an argon plasma was used as 
carbon source. The Ar plasma density was about 5xl0'^cm'^. Single crystal <100> Si 
substrates were RF biased to a negative voltage of -80 V. Atomic force microscopy (AFM), 
X-ray photoelectron spectroscopy (XPS), nuclear reaction analysis (NRA) using the 
resonance at 6.385 MeV of the reaction: ^^N + *H —► '^C + "^He + y, elastic recoil detection 
analysis (ERDA) and Rutherford backscattering (RBS) were used to investigate the early 
phase of the growth. The morphology of the films grown at low pressure (0.3 mTorr) is 
shown to be dominated by stress-mediated nucleation leading to formation of basket-like 
clusters of circular hillocks 20 nm high surrounded by a planar, mostly sp^ bonded film ~8 nm 
thick. With increasing plasma pressure the spatial frequency of the hillocks becomes random 
and the growth is dominated by the Stranski-Krastanov mode. The XPS data taken at 
decreasing emergence angles show that the structure of the hillocks is dominated by sp^ 
bonded carbon. The XPS argon signal disappears at 10° emergence angle indicating that 
integration of argon occurs mainly within the sp^ bonded regions. The NRA and ERDA 
analysis show that the amount of integrated hy^ogen decreases with increasing substrate 
current density. RBS data indicate that increasing bias enhances argon integration. 

INTRODUCTION 

In the plasma deposition process where a negatively biased substrate is immersed in a carbon- 
rich plasma, the nucleation and growth are controlled by the flux and energy of the incoming 
species (charged and neutral). The results of the competition between integration of the 
incoming species and sputtering erosion depends on the precursor gas, ion energy and dose 
rate. Addition of argon to a carbon rich precursor such as acetylene is known to reduce the 
growth rate but momentum transfer being a forward-peaking process, argon bombardment 
may lead to a densification of the film and stress generation. Stress may in turn lead to 
transformation of sp^ sites to sp^ sites. Despite considerable experimental study over the last 
decade [1-6 and ref therein] the effects of energy deposition on the morphology and physical 
properties of the DLC films are incompletely understood. The goal of the present work is to 
shed some more light on the impact of the energy deposition processes on the microstructure 
of the DLC thin films. The assumption here is that the binary collision theory may provide 
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some guidance as it enables assessment of the average energy density Ed deposited in binary 
collision cascades. Most of the experiments were performed using a constant substrate bias of 
-80 V corresponding to a maximum Ed value of ~14 eV/atom. The preliminary results 
reported below highlight the impact of the dose-rate effects on the materials structure. 

EXPERIMENTAL DETAILS 

Diamond-like amorphous carbon (DLC) thin films were deposited on single crystal <100> Si 
substrates using a plasma source operating in a Distributed Electron Cyclotron Resonance 
(DECR) configuration. The microwave power operating at a frequency of 2.45 GHz was 
applied to several antennae located in the vicinity of the cylindrical reactor walls that are 
equipped with magnetic racetracks designed to provide an appropriate confinement of fast 
electrons. At sufficiently low pressure (lO'^mTorr) the plasma diffuses under the influence of 
the density gradients and a uniformly distributed, cold, high density (~5xl0’®/cm^) diffusion 
plasma is obtained across the reactor volume. The plasma chamber was equipped with a water 
cooled graphite sputtering target located in the top part of the reactor and biased by a pulsed 
DC power supply producing negative voltage of tuneable amplitude. The graphite target and 
substrate to be coated were located at the opposite extremities of the reactor facing each other 
and immersed in the argon plasma. The substrate holder was water-cooled enabling the 
deposition temperature to be kept below 70°C for deposition time of a few minutes. The 
substrate bias of - 80 V was kept constant using a RF power supply operating at 13.5 MHz. 
The DLC films were analysed by atomic force microscopy (AFM), X-ray photoelectron 
spectroscopy (XPS), nuclear reaction analysis (NRA) using the resonance at 6.385 MeV of 
the reaction: + ^H —»• ^^C + ^He + y rays, elastic recoil detection analysis (ERDA) and 

Rutherford backscattering (RBS). The XPS analysis was performed using AlKo (1486.6eV) 
X-ray radiation from a VG Microtech XR2E2 dual anode (aluminium/magnesium) X-ray 
source that was operated at 300 W power. XPS analysis was carried out using a VG 
Microtech VGIOOAX electron energy analyser. Angle resolved XPS spectra were obtained 
by rotating the sample holder with respect to the X-ray source and the input lens of the 
VGIOOAX analyser. Spectra were obtained for angles of emergence of photoelectrons from 
the surface of 90°, 70°, 50°, 30° and 10°. Data was acquired using VG Microtech VGX800 
software and quantified using VG Microtech Presents software. XPS survey spectra were 
acquired using pass energy of 100 eV while high resolution spectra were acquired using a 
pass energy of 20 eV. No charge compensation has been used during acquisition. 

RESULTS AND DISCUSSION 

TABLE I and FIG. 1 summarise the results of SRIM-2000 simulations performed for 80 eV 
Ar^ ions in carbon, assuming the displacement energy for carbon atom to be of 15 eV. The 
average energy density Ed was estimated assuming a cylindrical geometry for an individual 
collision cascade. The radius of the cylinder was assumed to be of (R+or) where R and or 
are radial projected range and straggling, respectively. The length of the cylinder was 
assumed to be of 2.5 ol where olIs the longiUidinal straggling of the Ar distribution. For the 
sake of simplicity the total ion energy was taken into account in the assessment of Ed. Yet, the 
maximum calculated Ed values are lower than the displacement threshold. The maximum Ed 
values are seen to correspond to the Ar^ ion energy of 80 eV. We note that for the 80 eV 
ion the Ed value is almost an order of magnitude lower than for Ar^ ion of the same energy. 
Most of the experiments reported in this work were performed using the substrate bias of Us= 
-80V. The corresponding sputtering yield values shown in TABLE I indicate that 
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Ar PRESSURE [mTorr] 


FIG.l: Deposited energy density and 
sputtering rate for Ar^ ions measured 
experimentally and calculated using 
SRIM-2000 



Ar FLOW [seem] 


FIG.2: Substrate cunent density (Is) and 
graphite target current density (It) plotted 
as a function of the argon pressure 


TABLE I 



IT 


0^ 

Ar’" 

Experiment 

Y [atoms C / ion] 

0.010 

0.044 

0.014 

<0.001 

0.02 

RjAl 

19 

7 

6 

7 



the combined sputtering effects due to the various ion species present in the plasma are 
expected to alter the morphology of the films [7]. Although no detailed diagnosis of the 
plasma has been performed at this stage the presence of hydrogen has been observed and is 
attributed to the desorption occurring at the reactor walls. The results of NRA and ERDA 
analysis (not shown) consistently indicate that while about 30 at.% hydrogen is observed in 
the film deposited using floating potential, the content is reduced by ion bombardment to 3-4 
at.% in the films deposited using the substrate bias of -80 V. Given the significant deposition 
time (~30 min) the thermally activated, hydrogen ion induced surface erosion known to occur 
at process temperatures of T>400K may contribute to the total sputtering yield of Y=0.02 
determined experimentally. The sputtering effects due to and Ar^ ions are expected to be of 
a similar order of magnitude because the population of carbon ions within the plasma is 
estimated to be about 1% of the Ar^ ion population. 

FIG.2 shows the substrate and graphite target current densities (Is and It, respectively) plotted 
as a function of the argon plasma pressure. Secondary electron emission is not taken into 
account in the assessment of the current density. It is assumed to be negligible for the ion 
energies used [8]. The current density values Is and It are close to one another and decrease 
with increasing argon pressure, reflecting the relative density of the charged and neutral 
species within the plasma. Consequently the substrate current density may be varied by 
changing the plasma pressure. In the experiments reported in this work the DLC films were 
grown during 30 min using variable current density Is. The deposition parameters are shown 
in Table II. We note that the results of RBS analysis (spectra not shown) indicate that when 
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Pressure 

[mTorr] 

Dose rate 
[10^^ ions/cm^s] 

Total dose 
[10^^ ionsW] 

FIG. 3 a 

0.1 

13 

2.3 

FIG. 3 b 

0.2 

9.4 

1.5 

FIG. 3 c 

0.9 

6.2 

1.1 
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FIG.3 : AFM images of the films deposited using constant energy of 80 eV and variable 
dose-rate of 1.3xl0'^ (a), 9.4xl0’^ (b) and 6.2xl0'^ (c) [Ar^ ionsWs] 

the substrate bias is increased from 0 V to -80 V, the residual argon content increases from 
zero to about 6 at.%. More than 99% of the argon atoms reaching the growing film is re- 
sputtered and/or disrobed during the growth. 

The relationship between the dose, dose rate and the surface topography and microstructure 
of the film was investigated using AFM and XPS techniques. The AFM images corresponding 
to three different Is values are shown in FIG,3. 

The AFM image corresponding to the highest dose rate (FIG.3a) reveals that most of the DLC 
surface is flat. It also reveals the presence of a variety of self-organised, basket-like clusters of 
densely packed circular hillocks. The clusters are distributed randomly and separated from 
one another by a distance of several tenths of microns. The hillocks within the cluster are of 
various sizes reaching 20 nm in height. The auto-correlated, basket-like networking is 
believed to result from a strain-mediated nucleation and growth processes, Khachaturyan [9] 
discussed the corresponding mechanism. Unlike the conventional thermodynamic theory of 
phase transformations, Khachaturyan’s approach includes stress energy contributions to the 
free energy of the system. The growing nucleus is seen as generating a stress field where the 
surface energy and the nucleation probability are enhanced. The latter effect leads to a 
directional ordering and mutual arrangement of the nuclei and eventually results in the 
formation of a partially ordered, "basket-like" pattern of hillocks where the stress energy of 
the whole structure is reduced. 

The initial stress field required for the stress mediated nucleation to occur is tentatively 
attributed to high dose-rate effects enabling neighbouring binary collision cascades to overlap, 
creating high deposited energy density (~30 eV/atom) regions and leading to a significant 
redistribution of atomic bonds. The effects of cascade overlap have been investigated in the 
keV energy range and shown to lead to a non-linear enhancement in both damage creation and 
sputtering [9]. Taking into account the average space frequency of the basket-like patterns of 
-IxlO'"^ /pm^ observed for the dose rate of 1.3xl0’^ ions/cm^s, an ion flux of 10^® ions/cm^s 
represents a threshold value beyond which the 80 eV Ar ions cascade overlap effects become 
observable. At lower dose rates the effects are expected to vanish. 

When the dose rate is reduced to 9.4xl0’^ [ions/cm^s] the AFM image becomes dominated by 
a random network of individual hillocks (FIG.3b). The film appears to grows in the Stranski- 
Krastanow mode. Although the basket-like clusters are still observed, their spatial frequency 
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is significantly lower. The average density of hillocks in FIG. 3b is an order of magnitude 
lower than within a cluster (FIG.3a). 

When the ion dose rate is further reduced to 6x10*^ [ions/cm^s] the surface erosion is also 
significantly reduced and the topography of the surface changes significantly (FIG.3c). The 
hillocks are now present all over the surface. They reach 50 nm in height and a significant 
degree of overlap is observed (FIG.3c). The average density of hillocks in FIG. 3b and 3c is 
similar, but they are different in size. Figures 3b and 3c are interpreted as corresponding to a 
similar nucleation dynamics and different stages of growth. Although the integrated ion dose 
is smaller for FIG. 3c, the corresponding average layer thickness is higher. 

The samples shown in FIG. 3b and 3c were analysed using the XPS technique. The Ar/C 
signal ratio has been investigated as a function of the emergence angle. The results are 
summarised in FIG.4. The straight lines have been added to underline the trends. With 
decreasing angle of emergence the argon peak falls off faster than the overall carbon peak. 
Argon is not seen at the glancing angle indicating that the argon rich layer is buried 
underneath the surface. The difference in glancing angle at which the Ar signal disappears is 
attributed to the difference in depth Ax at which the argon reach layer is buried. Since a 
constant energy of 80 eV is used in this experiment, the values of Ax are believed to depend 
on the film density. A simple calculation shows that Ax(FIG.3c)/Ax(FIG.3b)=^0,5, The 
relationship between the projected range for 80 eV Ar^ and DLC density extracted from 
SRIM (FIG.5) indicates that the corresponding change in density is of about 1.2 g/cm^ 
According to [5,6] an increase in density of 0.5 g/cm^ corresponds to an increase in the sp^- 
hybridised fraction of 25%. Consequently the sample shown in FIG.3c is expected to contain 
a significantly higher sp^ fraction than the sample shown in FIG. 3b. The XPS analysis 
confirms the expectations. Implanted or subimplanted argon atoms have been shown to probe 
the residual stress in ultrathin films since intrinsic stress induces a change in the binding 
energy of P\x2p electrons. The change, measurable by the XPS technique, is linearly 
proportional to the stress [11]. XPS analysis shows a 0.3 eV difference in the binding energy 
of Kr2p electrons between the two samples shown in FIG. 3b and 3c with the latter showing 
the higher stress. The carbon hybridisation ratio corresponding to the film shown in FIG.3c 
has been analysed by peak fitting of the Cl s feature in the XPS spectra (not shown). 
Following a detailed consideration of the prior work the Cl s feature was fitted using four 
components that include sp^ and sp^ hybridisation and two chemical states associated with 
oxygen. 



FIG.4: XPS Ar/C signal ratio for the 
samples shown in FIG. 3b and 3c. 


FIG.5: 80 eV Ar'*' ion range plotted as a 
function of carbon density [SRIM 2000] 
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The hybridisation analysis shows that the sp^ ratio increases as the angle of emergence 
decreases thereby indicating that sp^ carbon is outermost within the film structure. This result 
strongly suggests that sp^ rich hillocks reside in a sp^ rich “ocean”. The fact that the XPS 
argon signal disappears at 10° emergence angle may also indicate that integration of argon 
occurs mainly within the sp^ bonded regions. Assuming that the hillocks seen in FIG.3a are 
also sp^ rich we tentatively conclude that the resistance to the surface etching by ion 
bombardment depends on hybridisation. Further study is required to confirm these 
preliminary conclusions. 

CONCLUSIONS 

We have provided experimental evidence that the surface topography and microstructure of 
the plasma deposited ta-C:H thins films strongly depend on the substrate current density. We 
have demonstrated that for ta-C:H films grown on a single crystal Si substrate the high dose 
rate effects may lead to a stress-mediated nucleation. Finally, we have shown that integration 
of argon within ta-C:H is enhanced by Ar^ ion energy and occurs mainly within the sp^ 
hybridised carbon fi'action. 
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ABSTRACT 

Amorphous carbon nitride films a-CNx, deposited in our laboratory by a radical sputter 
method, show high photosensitivity Pg, where Pg is the ratio of photoconductivity CTp and 
dark-electrical conductivity A-CNx made a layer-by-layer method, LLa-CNx, has the 
highest photosensitivity in our various preparation conditions. The photoconductivity in a- 
CNx and LLa-CNx shows dependence on photon energy in the range 2 eV to 6.2 eV. The 
constant photocurrent method (CPM), photothermal deflection spectroscopy (PDS) and 
optical transmittance spectra are used to obtain the infonnation in the optical energy band 
gap and defect states. A-CNx LLa-CNx ^^e good photoconductors especially at energy 
higher than 3 eV. Therefore it is not difficult to obtain CPM spectra in the high photon 
energy region. CPM spectra are obtained by dc- and ac- measurements. The value of the 
absorption coefficient a spectra obtained by dc-CPM is larger than that of ac-CPM, which 
increases with increasing frequency of the measurement. In this paper, CPM data is used to 
discuss a model of density of states (DOS) of a-CNx by comparison with PDS and optical 
transmittance spectra. 

INTRODUCTION 

CPM is an effective method to study the near band gap energy region for 
photoconductive materials such as hydrogenated amorphous silicon a-Si:H and fullerene Cgo 
[1-3]. Amorphous carbon nitride films a-CNx shows good photoconductive properties and 
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very high dark resistivity [4-5]. A-CNx is interesting for applications to low dielectric 
constant materials and light emitting devices [5-7]. CPM is one of the method to study 
electronic properties near the optical band energy gap Eo- To the best of our knowledge, 
CPM has never investigated in carbon related materials except fullerene. CPM results are 
discussed in this paper with a model of density of states of a-CNx, PDS and UV-VIS optical 
transmission data. 

EXPERIMENTAL 

We have prepared a-CNx using a graphite target of purity 99.999% by a nitrogen radical 
sputtering method. The layer-by-layer method, which is a cyclic process of a-CNx deposition 
by a nitrogen radical sputtering and surface treatment of thin a-CNx by atomic hydrogens, is 
used to get higher photoconductivc LLa-CNx films [4-5]. In this process, sputter gas N 2 of 
purity 99.999% is used to create nitrogen radicals and molecular hydrogen of 99.99999% 
is used to produce atomic hydrogen for etching the surface. We have controlled the layer-by- 
layer system by a microcomputer to keep the process of sputtering and etching time at 
constant. Conditions for sputtering are rf 13.56 MHz with power of 85 W, N 2 sputtering gas 
of 0.12 Torr and the substrate temperature at 300 Celsius. For the etching of a-CNx, atomic 
hydrogen is derived by the glow discharge of H 2 of 0.50 Torr at the same rf conditions to 
prepare nitrogen radicals. Table. 1 shows gas-injection and -evacuation times and several 
physical properties of LLa-CNy. The difference of preparation conditions 
between LLa-CNx #103 and #116 are the number of the layer-by-layer process. Samples 
with same properties and a different thickness are prepared to fit for each experimental 
conditions. LLa-CNx #103 is prepared for CPM and optical transmittance, and LLa-CNx 
#l 16 is for PDS. The reason to use the thin film LLa-CNx #116 is to get the wide range of 
absorption coefficient a by PDS, from infrared to visible range. 

Electrodes of 60 pm gap with 6 mm in width are prepared for CPM measurement by the 
vacuum evaporation of A1 on LLa-CNx- A pyroelectric detector, Hamamatsu Photonics 
P2613, is used to obtain light intensity F. Monochromatic light from a Xe lamp and a Nikon 
G250 monochromator with grating of 600 mm ' are used as a light source. Keithley 6512 
picoammeter is used to monitor the photocurrent until it becomes constant. The value of the 
photo intensity F is measured using a pyroelectric detector. For ac-CPM, constant 
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Table.l Conditions to prepare LLa-CNx and their several physical properties. 


Preparation conditions & properties 

LLa-CNx#103 
[CPM, Optical T.] 

LLa-CNx#116 

[PDS] 

rf power 

85 W 

substrate temperature Tg 

300 Celsius 

(a) N 2 gas pressure & sputter time 

0.12 Torr, 300 s 

(b) 1 St evacuating time 

30 s 

(c) H 2 gas pressure & etching time 

0.50 Torr, 40 s 

(d) 2nd evacuating time 

30 s 

Number for the layer-by-layer process 

81 

8 

refractive index 

1.83 


film thickness [nm] 

1100 


Tauc gap [eV] 

1.67 


N/C ratio 

0.64 


defect density [cm*^] 

3.44X1018 



photocurrent Ip is transformed to voltage signal using Hamamatsu photonics C2719 amplifier, 
and we read the value on a lock-in-amplifier. 


RESULTS AND DISCUSSION 


The measurements of PDS and UV-VIS optical transmittance are the same as before [4, 
6]. The absorption coefficient a is obtained as the inverse of the incident photon number, 1/F, 
under a constant photocurrent, Ip, by using conventional CPM assumptions [1-3, 9]. Fig.l 
shows dc-CPM spectra of LLa-CNx measured at constant photocurrent 50 fA, 80 fA, 1 

pA and 15 pA, with the applied voltage of 32 V DC. Characteristics of LLa-CNx are 
high resistivity and high photoconductivity. In the case of IpA constant, it is possible to 
measure dc-CPM only from 4.2 eV to 4.7 eV. To sustain a constant photocurrenrt for wide 
range photon energy is not easy. It is also difficult to use a small photon number for CPM, 
which is limited by the sensitivity of a pyroelectric detector. Therefore it is needed to correct 
these spectra using correction factor ‘a’ as shown fig.2. In the correction, the data at 1 pA is 
took as a standard of photocurrent, and we multiply for each photocurrent; for example a=15 
for Ip=15 pA. The obtained spectrum seems to be good under the assumption that the 
incident photon number is proportion to constant photocurrent Ip. 
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Figure. 1 dc-CPM spectra 
[LLa-CNx#103] 

(F [cm^s]; photon number) 



photon energy (eV) 


Figure.2 The correction of 
dc-CPM spectra [LLa-CNx#103] 
(F [cm^s]: photon number) 


Ac-CPM measurements at different chopping frequency are also obtained by the same 
method. Fig.3 compares these measurements with dc-CPM of fig.2. The value of absorption 
coefficient a obtained from dc-CPM spectra is larger than that of ac-CPM, which increase 
with chopping frequency of the CPM measurement. In a-Si:H and C^g solids, ac-CPM, 
measured at lower chopping frequency, are close to dc-CPM, But in LLa-CNx case, ac-CPM, 
at higher chopping frequency are close to dc-CPM. These difference may be dependent on 
the properties of localized electronic states. The origin of this difference has to be further 
investigated. 



photon energy (eV) 

Figure.3 

Comparison with ac- and 
dc-CPM spectra. 

(F [cm^s]: photon number) 



Figure.4 

The dependence of CPM data, a/F, in LLa-CNx 
#103 at a fixed photon energy on chopping 
frequency.(F [cm^s]: photon number) 
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Figure.5 

The value of absorption coefficient ot from 
dc-CPM spectra are compared with that for 
PDS and optical transmittance spectra. 


Figure.6 

A model of the electronic state 
density of a-CNx [4]. 


Fig.4 shows the dependence of CPM data, a/F, for LLa-CNx #103 at a fixed photon 
energy on chopping frequency. The largest a/F value is that of dc-CPM. The minima of a/F 
for every photon energy are elose to 0.5 Hz. 

The value of absorption coeffieient a from dc-CPM are compared with PDS and optical 
transmittance spectra in fig.5. In this figure, the increase of absorption coefficient a at 3.7 eV 
is similar to photoconductivity spectra of LLa-CNx filths [4]- 

The increase of excitation of electrons at about 3.7 eV in fig.5 can be attributed as shown 
fig.6 to a transition between a nitrogen lone pair band to a a* anti-bonding conduction band 
(Elp.oO or that from a n bonding valance band to a n* anti-bonding conduction band (E„.„,) 
[4,10,11]. CPM data describes well the good photoconductive properties at photon energy 
hv>3.7 eV. 


CONCLUSION 

Dc- and ac-CPM are obtained for LLa-CNx for first time. The frequency dependence of 
ac-CPM measurements needs to be further investigated. CPM spectra are showing the good 
photoconductive properties of LLa-CNx- CPM data were discussed with a model of density 
states together with PDS and UV-VIS optical transmittance spectra. 
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ABSTRACT 

A distributed electron cyclotron resonance (DECR) plasma reactor powered by a 
microwave generator operating at 2.45 GHz (800 W) was used to deposit (t)a-C:H thin films 
at RT on <100> Si substrates RF biased within the range 25<jVo|<600 V. C 2 H 2 was used as 
precursor. The plasma pressure was varied within the range 0.1<P<1.5 mtorr. The films were 
analysed using spectroscopic ellipsometry (SE) and Fourier transform infrared (FTER) 
spectroscopy. The hydrogen content Nh and the density of the films were determined from 
nuclear reaction analysis (NRA) using the resonance at 6.385 MeV of the reaction; *^N + *H 
^ *^C + ^e + y. Positron annihilation spectroscopy was used to detect the porosity. The 
evolutions of Nh as a function of the substrate ion current density n+ and as a function of Vo 
show that the hydrogen incorporation results from the competition between chemisorption and 
deposited energy density related effects. The increase of the hydrogen incorporation leads to a 
decrease in the film density and a lower deposition rate. The porosity of the films deposited at 
low pressure (~0.1 mTorr) with Vo= -80 V has been detected. The comparison between 
results of SRIM-2000 simulations and the evolution of Nh as a function of Vo shows that the 
porosity and the hydrogen content are not correlated. The absorption of oxygen and nitrogen 
for the low density films has been detected from the observation of the 3250-4000 cm'* infra¬ 
red (IR) band. 


INTRODUCTION 

Hydrogen is known to be a fundamental constituent of the plasma deposited amorphous 
hydrogenated carbon (t)a-C:H films. The hydrogen content Nh is usually close to 35 % and 
can reach -62 % [1]. Studies have shown that Nh decreases when Vo increases [2]. Although 
the hydrogen incorporation mechanisms have been extensively studied, there are not fully 
understood. The goal of the present work is to shed more light on those mechanisms. The film 
structure and some of the physical properties such as the film hardness and the density are 
known to depend closely on the hydrogen content [3] and on the nature of the C-H bonds [4]. 
Little is known about the film porosity. In this study, the correlation between the film density, 
the deposition rate, the hydrogen content and the porosity is studied. 
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EXPERIMENTAL DETAILS 


The (t)a-C:H films were grown at RT on <100> Si substrates using a DECK plasma 
reactor. The microwave power operating at a frequency of 2.45 GHz was applied to 12 
antennas located in the vicinity of the cylindrical reactor wails equipped with magnetic 
racetracks providing the 87.5 mT isomagnetic surface necessary for the resonance. The 
racetracks were designed to confine fast electrons. The experiments were performed using a 
microwave power of 800 W. The desired plasma pressure was obtained using a variable gas 
flow and measured using a MKS Baratron. C 2 H 2 was used as the precursor gas and the plasma 
pressure was varied from 0.1 to 1,5 mTorr. The substrate holder was water cooled enabling 
deposition in the vicinity of RT. The negative bias Vo applied to the substrate holder was 
regulated within the range between 25 and 600 V using a power supply operating at 13.56 
MHz. The accelerating voltage was kept constant during deposition by an automatic 
modulation of the RF power. The hydrogen content was determined from nuclear reaction 
analysis (NRA) using the resonance at 6.385 MeV of the reaction: + ^H + '‘He + y. 

The effect of the hydrogen outdiffiision occurring during the bombardment with nitrogen ions 
has been taken into account. The films thickness was determined from spectroscopic 
ellipsometry (SE) combined with NRA data. The SE data were recorded using a phase 
modulated variable angle spectroscopic ellipsometer manufactured by Instruments S.A./Jobin- 
Yvon-Spex. They were recorded in the 1.5-4.5 eV spectral range in steps of 0.05 eV at an 
incidence angle of 70°. Reference optical properties for Si and Si02 were used. The (t)a-C:H 
layer was modelled using the Tauc-Lorentz dispersion model [5]. FTIR spectroscopy was 
performed using a Bio-Rad FTS-40 ARC spectrometer in the transmission mode using a 
resolution of 4 cm\ The evolution of the 3250-4000 cm'‘ band intensity and the evolution of 
the shape of the CH stretching band (2800-3100 cm'‘) as a function of Vo for films deposited 
at 0.1 and 0.3 mTorr were investigated to obtain qualitative informations concerning the films 
structure. In order to access the films porosity positron annihilation experiments were 
performed with a slow positron beam. 


RESULTS and DISCUSSION 
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Figure 1. Hydrogen content and substrate Figure 2. Hydrogen content as a function of 

current density n+ as a function of the gas the substrate current density (Vo= -150 V). 

flow and pressure (Vo= -150 V). 
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Figure 3. Hydrogen depth profile for a film 
grown at 0.5 mTorr with Vo= -250 V. 
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Figure 4. Hydrogen content as a function of 
the substrate bias for several pressures. The 
dot line has been added to underline the trend. 


Figure 1 shows the evolution of Nh and of the substrate current density n+ as a function of 
the pressure, for a substrate bias of Vo= -150 V. Nh is extracted from the NRA depth profiles. 
The n+ value is deduced from the RF generator power delivered for a specific bias. The 
secondary electron emission is assumed to be negligible within the energy range investigated 
[6]. The n+ value is representative of the amount of the predominant ions in the C 2 H 2 plasma 
which are known to be (C 2 Hx)’^ ions [2]. However a variable production of H"*^ and (C 4 Hx)'^ ions 
as a function of the pressure is also expected to contribute to n+. Figure 1 shows that Nh is 
inversely proportional to n+. 

The correlation between Nh and n+ is further demonstrated in figure 2 where Nh is plotted as a 
function of n+. Two hydrogen incorporation regimes can be distinguished depending on the up¬ 
value. At the current densities higher than the threshold value T~1.9xl0’^ cm'^ s’’ the hydrogen 
desorption rate is almost in dynamic equilibrium with the adsorption and subplantation rates. 
When the ion flux n+ is reduced below the threshold value the hydrogen adsorption is 
significantly enhanced and the hydrogen content increases. Interestingly, when linearly 
extrapolated to n+=0 the hydrogen content reaches ~70 %, a value close to the maximum 
content of 62 % reported in the literature [1]. The hydrogen incorporation mechanisms are 
considered to be related to the subplantation, the passivation of dangling bonds and to the 
exothermic hydrogenation of double bonds [7]. Experimental evidence of the role of dangling 
bonds is demonstrated in FIG. 3 showing the NRA depth profile of a film grown on Si substrate 
at 0.5 mTorr using Vo= -250 V. The hydrogen content almost doubles at the interface (t)a- 
C:H/Si where both carbon and silicon dangling bonds contribute to hydrogen adsorption during 
the initial phase of the growth. The hydrogen chemisoption was also observed for films 
deposited in the same reactor using Ar plasma and a graphite sputtering target. Films deposited 
at the floating potential have been shown to incorporate between 12 and 39 at.% of hydrogen 
depending on die amount of hydrogen desorbed from the reactor walls [8]. 

The hydrogen desorption process is significantly enhanced by the energy deposited in atomic 
collisions. The ion flux threshold value of 1.9x1cm'^ s'* above which the desorption is 
reduced (FIG.2) is interpreted as corresponding to a complete coverage of the substrate surface 
by the individual ion impact zones. We note that according to SRIM-2000 simulations [9] the 
average energy density in an individual binary collision cascade induced by a 80 eV C*' ion is 
close to 7 eV/atom, This value is much higher than the hydrogen displacement energy 
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Figure 5. Films density as a function of the 
hydrogen content. 


Figure 6. Density as a function of the 
substrate bias for several pressures. 


(~2.5 eV) and higher than the hydrogen surface binding energy (<4.5 eV). It is also 
underestimated since the cascades created by the two carbon atoms from a (C 2 Hx) ion overlap. 
The amount of hydrogen remaining within the material depends on the outcome of the 
competition between the chemisorption, subplantation and desorption. Consequently it is 
expected to be strongly dependant on the ion energy. Figure 4 shows the evolution of Nh as a 
function of Vo for several P values. At low pressure (0.1 mTorr) Nh ~32 % and remains 
constant within the investigated bias range. At higher pressures Nh first decreases with 
increasing bias, indicating that ion bombardment related effects (sputtering, outdiffusion) 
dominate over hydrogen incorporation. Then it remains constant, indicating that a dynamic 
equilibrium is reached between hydrogen incorporation and loss. 

When the D values corresponding to films deposited at various pressure and substrate bias are 
plotted as a function of Nh a general trend emerges (figure not shown): the deposition rate 
decreases when the hydrogen content increases. The low deposition rate D (D~100 A/min) 
observed at low pressure (0.1 mTorr) is attributed to the predominance of the passivation of 
dangling bonds by hydrogen radicals. At higher pressure (> 0.5 mTorr) the growth rate is 
significantly higher (300<D<500 A/min ) because of a higher hydrogen desorption rate. At 0.9 
mTorr the substrate current density is about the same as at 0.1 mTorr (figure 1). Yet, the 
deposition rate observed at 0.9 mTorr is higher than at 0.1 mTorr. The effect is attributed to a 
lower hydrogen incorporation rate at 0.9 mTorr. This is consistent with the observation of a 
relatively high concentration of hydrogen radicals within the plasma at low pressure [10] where 
the electron temperature is higher [2]. It is not possible to reach the deposition rate > 50 
nm/min when incorporating more that —23 % of hydrogen. The lowest Nh value obtained using 
C 2 H 2 as precursor is close to 20%. This limit is believed to be correlated to the amount of 
hydrogen within the reactor. 

The film microstructure and physical properties depend closely on the hydrogen content. Figure 
5 shows the film density p as a flmction of Nh. The denser films are those which exhibit the 
lowest Nh values. Figure 6 shows the evolution of p as a function of Vo for several plasma 
pressures. For the films deposited at P>0.1 mTorr p first increases with |Vo|, reaches a 
maximum and then decreases. The increase in the density is known to correspond to an increase 
in the hybridisation ratio [2-3]. The maximum density is reached when the carbon atoms 
carried by (C 2 Hx)'^ ions undergo a subplantation process with an energy of - 150 eV. This 
energy corresponds to highest sp^ hybridisation [13]. 
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Figure 7. 3250-4000 cm'^ IR band intensity as a 
function of the substrate bias for two plasma 
pressures. 
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Figure 8. S parameter as a function of the 
positron beam energy for a film deposited 
at P=0,1 mTorr and with Vo= -80 V. 


To shed more light on the hydrogen incorporation the films were analysed using FTIR 
spectroscopy. Figure 7 shows the evolution of the 3250-4000 cm‘^ IR band intensity Iqh as a 
function of Vo for films deposited at 0.1 and 0.3 mTorr. This band is known to contain OH, NH 
and NH 2 sub-bands [11]. The peak related to the H 2 vibration mode near 4135 cm*^ was not 
detectable in the present experimental conditions. The observed decrease in the intensity of the 
stretching band can not be unambiguously correlated to a decrease in the amount of hydrogen 
bound to the carbon network. Such plots should be taken with caution since the signal detected 
depends on the optical film properties which vary as a function of the process parameters. For 
|Vo|<200 V loH is greater at 0.1 mTorr than at 0.3 mTorr. According to [4,12] this result 
indicates that the oxygen and nitrogen absorption is greater for the lower density films than for 
denser films. The difference in density between films deposited at 0.1 and 0.3 mTorr (FIG.6) is 
qualitatively visible in the different shape of the CH stretching bands (not shown). Whatever 
the pressure used, the C(sp^)H 2 and C(sp^)H modes seem to increase linearly with bias while 
the relative intensity of the Csp^Hs mode decreases. 

One of the consequences of the ion energy transfer via elastic collisions is the production of 
vacancies. Positron Doppler broadening spectroscopy has been used to access the film 
porosity. The low momentum parameter S corresponding to the energy window 511 [- 
0.71 ;+0.71] keV centred at the positron annihilation peak is very sensitive to the presence of 
voids acting as positron trapping sites. The parameter S increases when open volumes are 
present in the material. To investigate the depth dependence of S, the S(E) curve was recorded 
as a function of the positron beam energy E within the range from 0.5 to 20 keV. The S(E) 
curve corresponding to a film deposited at low pressure (~0.1 mTorr) with Vo= -80 V is 
shown in FIG. 8. The constant S value corresponding to the a-C:H layer (S =0.4344) suggests 
that the film is homogeneous with respect to the porosity. The high S value indicates that the 
positron effective diffusion length is relatively short. The corresponding positron trapping rate 
is attributed to the presence of open volumes in the structure. We note that the size of the 
pores is small enough to make them undetectable by TEM. SRIM-2000 simulations show that 
the number of vacancies per ion increases almost linearly from ~0,3 to ~7.7 when the ion 
energy increases from 25 to 300 eV. However as shown in figure 4, Nh remains constant 
when the substrate bias is increased above |Voi>150 V. Consequently the porosity and the 
hydrogen content are not correlated. 
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CONCLUSIONS 

• We have provided experimental evidence that the hydrogen incorporation within DECR 
plasma deposited (t)a-C:H films results from the competition between chemisorption, 
subplantation and ion bombardment enhanced desorption. 

• We have demonstrated that the increase in the hydrogen incorporation leads to a decrease 
in the film density and deposition rate. 

• We have shown that plasma deposited (t)a-C:H films are porous. The porosity and the 
hydrogen content are not correlated. 

• We have confirmed earlier observations that absorption of oxygen and nitrogen increases 
when the density of the films decreases. 
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ABSTRACT 

We have tried to prepare amorphous carbon oxynitrides (a-CN^Oy) films by the oxygen 
radical treatment (ORT) of amorphous carbon nitrides (a-CNx) and also by the layer-by-layer 
method. Properties of a-CNxOy films were studied with X-ray photoelectron spectroscopy 
(XPS), photothermal deflection spectroscopy (PDS), ultraviolet-visible (UV-VIS) optical 
transmittance spectra, Raman spectra and electron spin resonance (ESR). Oxygen radical 
affects to a-CNx by etching, termination of defects and oxidation. A-CNxOy films are 
interesting for the application to luminescent materials and also to low dielectric constant 
materials. 


INTRODUCTION 

The amorphous phase of carbon nitride (a-CNx) made by a nitrogen radical sputter method 
shows high photosensitivity and high resistively [1-3]. A-CNx has attractive properties as a low 
dielectric constant material for ultra large-scale integration ULSI [4-6]. The hydrogen plasma 
treatment on a-CNx is a very effective method to refine electronic properties. The hydrogen- 
plasma, i.e. atomic hydrogen, etches a-CNx, decreasing dangling bonds density but hydrogen is 
not included into a-CNx not like the hydrogen termination in a-Si:H [2]. A cycle process of the 
deposition of thin a-CNx film and the hydrogen-plasma treatment, which is called the layer-by- 
layer (LL) process, has been used to make LLa-CNx films to refine a-CNx. It has been reported 
that LLa-CNx has higher photosensitivity and smaller dielectric constant than a-CNx and shows 
photoluminescence, including ultraviolet light to 3.5 eV [6~7]. 

In this paper, we are interested to study the effect of oxygen radicals to a-CNx, especially to 
prepare amorphous carbon oxynitrides (a-CNxOy) films. Properties of a-CNxOy films are 
studied using X-ray photoelectron spectroscopy (XPS), photothermal deflection spectroscopy 
(PDS), ultraviolet-visible (UV-VIS) transmittance spectra and Raman spectra. Preliminary 
study on preparation of the layer-by-layer a-CNxOy, i.e. LLa-CNxOy is also presented. 


EXPERIMENTALS 

The radio frequency (rf) magnetron sputtering apparatus is used for a nitrogen radical 
sputtering of a graphite target with a sputter gas of nitrogen molecules to prepare a-CNx films. 

At first, we have tried to prepare a-CNxOy films by using nitrogen and oxygen gases together 
as a sputter gas, but no film growth has been observed, because the etching properties of plasma 
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made by a mixed O 2 -N 2 gas is stronger than the growth rate. 

Therefore, we have tried to prepare a-CN^Oy by the oxygen radical treatment (ORT) using 
oxygen plasma on surface of a-CNx, which is deposited by a nitrogen radical sputter of carbon 
target. A-CN^ films made by a nitrogen radical sputter of carbon target contain a larger 
amount of nitrogen N/C ~ 0.5 - 0.86 compared witli the other methods such as ECR and filtered 
cathodic arc method [8-10]. The nitrogen molecule gas of purity 99.999 % or oxygen gas of 
99.999 % was used with gas pressure of 0.12 Torr. Rf of 13.56 MHz was used with power of 
85 W. Substrates of Coming 7059 were used with substrate temperature, T^, of room 
temperature (RT), 80, 200, 300 and 400 °C. Graphite target of 3 inches in diameter was used 
witli a of samarium-cobalt (Sm-Co) magnets to hold magnetic field for magnetron condition. 
Time to prepare a-CN^ by a nitrogen radical sputter were 8 hr for Ts=RT, 6.5 hr for Ts=80 °C, 6 
hr for Ts=200 and 300 °C, and 9.5 hr for Ts=400 °C. ORT were done for 30 min except a 
sample at Ts=80 °C for 15 min. 

Properties of films are studied by XPS with SHIM ADZU ESCA-850, UV-VIS transmittance 
spectra witli HITACHI U-4000S, Raman spectroscopy with RENISHAHW RAMANSCOPE- 
2000, electron spin resonance (ESR) with JEOL JES-FEIX, and PDS. 


EXPERIMENTAL RESULTS 

Composition of carbon, nitrogen and oxygen in a-CN^Oy films were studied with XPS of Cis, 
Nis and Oi^. In XPS of Cis, the increase nearly at 290 eV was observed after ORT, 
corresponding witli the increase of carbon-oxygen bonds. This result is also confirmed for XPS 
of Ois- Figure 1 shows composition ratios of C, N and O before and after ORT at the surface of 
samples, which were obtained with the integrated intensities of each XPS. 
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Figure 1. Dependence of composition ratio for C, N and 0/[C+N+0] on substrate temperature Tj. 
Before ORT (white plots) is the ratio of a-CN^, after ORT (black plots) is the ratio of a-CN^Oy. 
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Oxygen for a-CN^ before ORT is understood as incorporated by water and/or oxygen in air when 
samples were exposed to air before ORT, because oxygen for a-CNx before ORT is not observed 
inside the sample. Generally, carbon contents decrease for samples made at every Tg with ORT. 
Nitrogen contents, roughly speaking, don't depend on ORT. Oxygen contents increase with 
ORT. A-CNx prepared at 400 °C was etched away after ORT. 

Figure 2 shows the UV-VIS optical transmittance spectra before and after ORT. Generally 
transmittance increases after ORT and absorption edge shifts to smaller wavelength. 

Figure 3 shows the change of film thickness, d, before and after the ORT, which were 
obtained from the interference pattern of optical transmittance spectra with a method shown in 
reference [6]. The film thickness increased or decreased depending especially on the substrate 
and treatment temperature. As pointed at figure 1, a-CNx made at 400 °C is etched out after 
ORT. 

Figure 4 shows the dependence of refractive indices, n, for samples on Tg, which are also 
obtained from the interference pattern of UV-VIS optical transmittance spectra [6]. In every 
sample, the refractive indices decreased with ORT. 

Figure 5 shows Tauc optical energy gap, Eo, obtained by Tauc plot of absorption coefficients 
obtained from UV-VIS transmittance spectra [II]. In every condition, £„ increased after ORT. 

Urbach tails were clearly observed in samples before and after ORT in PDS spectra, for 
samples prepared at 300 °C. Urbach energies Eu before and after ORT were 142 and 137 meV 
respectively. The change of Urbach energy E^, is showing the sharpen conduction band edge by 
ORT. 

If the rules of peak position shift in Argon laser Raman spectra observed for DEC could 
apply to a-CNx [12,13], sp^ bonds could say increase or decrease after the ORT depending on the 
preparation conditions. 



Figure 2. UV-VIS transmittance spectra of a-CNx and a-CNxOy prepared and treated at 300 °C. 
By those spectra, film thickness, refractive indices and optical energy gap were obtained. Before 
ORT is a-CNx spectrum, after ORT is a-CNxOy spectrum. 
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Defect densities, N^, obtained by ESR, also increased or decreased depending on the 
preparation conditions; for examples, Ns= 4.9x10’^ cm decreased to 4.73x10'* cm after ORT 
for a-CNx prepared at 35 °C and Ns= 1.46x10’* cm'^ to 3.12x10'* cm'^ after ORT for a-CN,, 
prepared at 300 °C. The change of by ORT was not so large, because only the surface 
region of a sample was affected by tlie ORT, where the oxygen content in the sample was 
controlled by diffusion of oxygen in samples [14]. To observe tlie effect of ORT more clearly, 
LLa-CN^Oy were prepared and used for ESR experiment. of LLa-CNxOy prepared at 35 and 
300 °C arc 4.02x10'* and 8.38x10'’' cm■^ respectively. These values of are smaller than a-CN^. 
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Figure 4. Refractive index n of a-CN^ and a-CNxOy depend on substrate temperature. White 
squares arc for a-CN^ (before ORT) and Black squares are for a-CN^Oy (after ORT). 
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Figure 5. Tauc optical energy gap Eg of a-CN^ and a-CNxOy depend on substrate temperature Tj, 
White squares are for a-CNx (before ORT) and black squares are for a-CNxOy (after ORT), 


DISCUSSION 

From above experimental results on the increase of oxygen and carbon-oxygen chemical 
bonds and on the increase or decrease of film thickness and defect densities, both of oxidation, 
i.e. inclusion of oxygen into a-CNx, and etching of a-CNx occurred in the ORT. At a condition 
of the decrease the film thickness, etching effect was stronger than oxidation, and so defect 
density increase by cutting bonds. When film thickness increased with ORT, the defect 
termination by oxygen atoms was stronger that to create defect by etching. Raman spectra were 
affected by ORT by changing chemical bonds. The reason to increase the band gap energy is 
mainly explained the shift of tlie band gap edge states to high or deep energy with the bonding 
and termination by oxygen. 

Total content of nitrogen and oxygen x+y in a-CNxOy is about 1, which is larger than 
maximum value of x=0.86 for a-CNx made by a nitrogen radical sputter method at present [3]. 
This result is a very attractive point of ORT, especially to get lower dielectric constant materials 
[4-6], An oxygen atom has two chemical bonds, therefore forming less dense materials 
especially near the surface region, because carbon has 3 or 4 bonds and nitrogen has 3 bonds 
usually. 

Another interesting point of a-CNxOy is the increase of ultraviolet range between 3 to 3.5 eV 
in photoluminescence (PL) spectra excited by helium-cadmium laser [14]. The reason of the 
increase of PL at ultraviolet range can be explained by the inerease of band gap, the decrease of 
defect states and the increase of radiative centers by OPT. 


CONCLUSIONS 

Amorphous carbon oxynitride a-CNxOy films were prepared by oxygen radical treatment on 
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amorphous carbon nitride a-CN, films made by a nitrogen radical sputter method. Oxygen has 
mainly three effects on a-CN^; oxidation, i.e. inclusion of oxygen into a-CN^, etching of a-CN^ 
and tcnnination of defect states in a-CN^. A-CN,,Oy films are attractive for applications as 
luminescent materials especially from blue to ultraviolet range up to 3.5 eV and also as low 
dielectric materials. 
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ABSTRACT 

Nanofabrication on a hydrogen-terminated diamond surface is performed using an atomic 
force microscope (AFM) anodization. Locally insulated areas less than 30 nm are successfully 
obtained. Side-gated field effect transistors (FETs) are fabricated using the local anodization, and 
they operate successfully. Single hole transistors composed of one side-gated FET and two 
tunneling junctions are also fabricated and operate at liquid nitrogen temperature (77 K). 

INTRODUCTION 

Recently, nanofabrication technology using a scanning probe microscope (SPM) has 
attracted special interest [1-4]. The fabrication of several nanoscale devices has been reported 
based on this technique, including nanoscale FETs and single electron transistors (SETs), which 
have been fabrieated by the loeal anodization of Si, Ti and compound semiconductors [5-8]. 

Hydrogen termination (H-termination) of diamond surfaces is important because it can 
stabilize the surface structure. Furthermore, H-terminated diamond is also attractive for electrical 
applications because it induees p-type surface conduction even in undoped diamond [9-11]. 
Recently, our group has demonstrated the fabrication and the operation of field-effect transistors 
(FETs) using a surface conductive layer, and has obtained high transconductance [12,13]. The 
thickness of this surface conductive layer was estimated to be less than 10 nm, and the surface 
hole density to be cm‘^ [11]. On the other hand, an oxygen-terminated (0-terminated) 

diamond surface is insulating. This means that diamond has an advantage over other 
semiconductor materials in the fabrication of a surface nanostructure using a SPM-based 
processing technology. 

Since undoped diamond is basically an insulating material, we can conclude that 
H-terminated diamond has a semieonductor-on-insulator structure. In the case of Si, special 
techniques such as separation by implanted oxygen (SIMOX) etc. are needed to fabrieate the 
electrically isolated thin conducting layer. In diamond, an electrically isolated surface conductive 
layer is easily obtained by eliminating the surface H-termination. Recently, local anodization on 
H-terminated diamond surface was performed using a metal (Au, Rh, etc.) coated conductive 
atomic force microscope (AFM) cantilever by applying voltage bias to the sample surface 
[14-17]. Up to the present, local insulation (30-60 nm in line width) has been successfully 
achieved using AFM. The nm scale separation of H-terminated surface and O-terminated surface 
will produce new types of nanoscale surface quantum devices such as single eharge tunneling 
devices etc.. In the present study, the fabrication and operation of side-gated diamond 
metal-insulator-semiconductor pETs (MISFETs) are demonstrated using anodized surface as a 
gate insulator. Using the locally anodized double tunneling barrier and aforementioned 
side-gated FET structure, fabrication and operation of single hole transistor is also demonstrated. 
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Figure 1. Schematic of AFM nanofabrication on the hydrogen-terminated diamond film 
surface. 

EXPERIMENTAL 

For sample preparation, microwave-plasma-assisted chemical vapor deposition (CVD) with 
a CH 4 /H 2 gaseous source is used. Undoped homoepitaxial diamond thin films are fabricated on 
high-pressure, high-temperature (HPHT) synthetic (001) diamond single-crystal substrates. After 
the deposition, undoped diamond films are exposed to hydrogen plasma to perform hydrogen 
termination. A scanning probe microscope system (Seiko Instruments: SPI3800N) and Au or 
W 2 C-coated conductive AFM probes made of Si are used to perform surface anodization (figure 
1). In the device fabrication process, electron beam lithography is used for the ohmic gold 
electrode fabrication, and channel isolation was carried out by Ar ion irradiation before the AFM 
anodization. 

RESULTS AND DISCUSSION 

Figure 2(a) shows an AFM topographic image of the modified diamond surface after line 
scanning under 5 V sample bias applied in air. In this case, surface protrusion is observed in the 

(b) 


0 1jim 

0 (nm) 4.3 0.03 (nA) 1.07 

Figure 2. (a) Topographic images of diamond film surface after AFM modification (bias: 5 V, 

scan speed: 100 nm/s), (b) Current image under the application of 2 V sample bias 
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(b) After anodization Voltage (V) 

Figure 3. Current-voltage characteristics of H-terminated diamond suraface across the 
anodized region. 

AFM-anodized area of 60 nm line width. In figure 2(b), the current image simultaneously 
obtained with topographic measurement is shown. During the current measurement, 2 V bias 
which is below the anodizing voltage is applied to the sample surface. In this figure, one can see 
that local insulation is successfully achieved. The insulated line width is about 60 nm. 
Current-voltage characteristics are measured across the anodized line at room temperature. 
Before the anodization, the current-voltage relation is almost ohmic (figure 3(a)). After making 
the anodized line (line width 60 nm), the current is suppressed at low -1 V <V<1 V (figure 3(b)). 
At a higher bias range (|V|>1 V), the current starts flowing through the insulated line by 
Fowler-Nordheim (F-N) tunneling and/or thermionic emission. Consequently, one can say that 
anodized region can be used as the potential barrier to the hole existing in surface conductive 
layer. 

Figure 4 shows the schematic and the Ids-Vds characteristics of side-gated diamond FET 
fabricated by AFM local anodization. Source-drain channel is separated from the gate surface 
conductive area by anodized region. Current saturation is observed in the statistic characteristics, 

Gate voltage Vgg (V) 



Figure 4. Schematic and statistic characteristics of side-gated FET (gate length: 1 pm) using 
local anodization by AFM. 
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Figure 5. AFM image and Vgs-Ids characteristic of diamond single hole transistor fabricated by 
AFM nano anodization. 

and channel current is well modified by the field effect. Threshold gate voltage is 0 V, though 
slight short channel effect occurs at higher drain bias. Channel is depleted even at 0 V gate bias. 
This is attributed to the surface carrier trap existing at the anodized region. 

Based on these results, single hole transistor is fabricated using AFM-anodized area as a gate 
insulator and tunneling barriers. Figure 5 shows the AFM image and measured characteristic of 
the fabricated single hole transistor. A conductive island (100 X 120 nm^) is separated from 
source and drain by the anodized tunneling barriers (40 nm in width). In the Vgs-Ids 
characteristic under -100 mV drain bias condition measured at liquid nitrogen temperature (77 
K), clear current oscillation is observed. This oscillation can be attributed to the coulomb 
blockade oscillation. However, the area of the island deduced from the period of this oscillation 
(AVgs -0.4 V) is in the order of nm. This value is smaller than aforementioned island area. If we 
consider the carrier depletion in the island, many smaller conductive regions appears in the 
isolated island. Subpe^s besides the main oscillation peaks in the current oscillation also 
suggests this multiple island model. 

CONCLUSIONS 

Local insulation on H-terminated diamond surface conductive layer was performed using 
AFM-based nano anodization. Based on this technology, the operation of 1 pm side-gated 
diamond MISFETs is performed using anodized surface as a gate insulator. This FET operates in 
enhanced mode and field-effect modulation of channel current is successfully achieved by the 
side-gated MIS structure. Using the locally anodized double tunneling barrier and side-gated 
FET structure, fabrication and operation of single hole transistors are also demonstrated for the 
first time. In the Vgs-Ids characteristic, coulomb blockade oscillation is observed even at liquid 
nitrogen temperature (77 K). 
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ABSTRACT 

Nanocrystalline diamonds with several hundred nm in diameter have been prepared in a 
13.56 MHz low pressure inductively coupled CH 4 /H 2 or CH 4 /CO/H 2 plasma. The bonding 
structures were investigated by Raman spectroscopy and electron energy loss spectroscopy 
(EELS). Visible (514 nm) and UV (325, 244 nm) excited Raman spectra with CO additive exhibit 
peaks at “^1150 cm'* assigned to sp3 bonding and at 1332 cm'* due to zone center optical phonon 
mode of diamond, respectively. It indicates that the UV excitations are possibly sufficient to 
excite the a state of both sp2- and sp3-bonded carbon. The high resolution EELS (HREELS) 
spectra with CO additive show peaks at -^1100 cm * assigned to C-C stretching vibration of sp3 
bonding and at “^700 cm'* corresponding to the bending vibration of sp3 bonding. It is 
qualitatively agreement with the Raman spectra. Furthermore the EELS spectrum without CO 
additive exhibits two peaks at 284 eV and at 292 eV corresponding to tc * states and o * states, 
respectively, and is similar to that of graphite rather than that of sp^-rich amorphous carbon. The 
EELS spectrum with CO additive, on the other hand, shows a peak at 292 eV due to a * states 
and is similar to that of diamond. A slight peak appears at >-^285 eV corresponding to tt * states. It 
consequently implies that the particles almost consist of sp^ bondings and that the small amount of 
sp^ bondings are considered to exist in grain boundaries. The EESL spectra are consistent with the 
results of Raman scattering and HREELS. 

INTRODUCTION 

Amorphous and nanostructured carbon materials have attracted considerable attention 
in the last twenty years since the chemical vapor deposition of diamond was developed, followed 
by fullerenes and carbon nanotubes. From applied perspectives, they are being extensively 
studied for electron-emitting elements, cold-cathode sources, and ultrahard tribological coatings, 
etc. From fundamental perspectives, on the other hand, the structure of these materials contains 
both three-fold coordinated (sp^-bonded) and four-fold coordinated (sp^-bonded) carbon atoms. 
The phonon density of state (PDOS) and the fraction of sp^ bondings were quantitatively 
measured by Raman spectroscopy*’^ and electron energy loss spectroscopy (EELS).^ 

Nanocrystalline diamond films also have drawn remarkable attention"* because they 
have a low coefficient of friction and low electron emission threshold voltage. The small grain 
size (approximately 5-100 nm) gives films with valuable tribology and field-emission properties,^ 
being compared with those of conventional polycrystalline diamond films. We have tried to 
prepare diamond films in a 13.56 MHz low pressure inductively coupled plasma (ICP).^ The 
resultant deposits were found to be nanocrystalline diamond and diamond-like carbon (DLC) 
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films as characterized by scanning electron microscopy (SEM), transmission electron microscopy 
(TEM). The CO additive to a CH 4 /H 2 plasma brought about the morphological change from a 
platelet deposit to a particle one. The diameter of particles were 200-500 nm. The vibrational 
studies of the nanocrystalline diamond were performed with Raman spectroscopy^ and high 
resolution EELS (HREELS).^ The qualitative analysis of the bonding structures has been carried 
out. 

EELS in TEM has been demonstrated as powerful techniques for performing 
microanalysis and studying the electronic structure of materials. The energy loss near edge 
structure (ELNES) is sensitive to the crystal structure. The C-K edge of diamond and graphite are 
typical example. For trigonal sp^-bonded carbon, the spectrum within the first 30 eV of the edge 
can be separated into two broad features, corresponding to the tz * states between 282 and 288 eV 
and the a * states between 290 and 320 eV, whilst for tetrahedral sp^-bonded carbon only the a * 
peak is observed between 289 and 320 eV.^ Bruley’s two-window technique by integrating 
intensities of the tc * and a * peaks has demonstrated the quantitative analysis of the sp^ content 
in the samples.^ In this paper, we first review the previous Raman and HREELS results, then 
report the high resolution TEM (HRTEM) observations and the EELS measurements of the 
nanocrystalline diamond. 

EXPERIMENT 

The detailed description of the low pressure ICP system and the deposition procedure 
was previously reported elsewhere.^ The nanocrystalline diamond and DLC were grown in an ICP 
at 1 kW, 900 °C of the substrate (silicon wafer) temperature, 2 hours of the deposition duration, in 
a CH4/H2 or CH4/CO/H2 plasma at 45 to 50 mTorr. 

The procedures of the Raman measurements with three different excitation wavelength 
(514, 325, 244 nm) and the HREELS measurements were described previously.’’^ The EELS 
measurements were carried out by using a Hitachi HF-3000 dedicated HRTEM fitted with a 
GATAN-GIF parallel acquisition electron energy loss spectrometer (PEELS) operating at 300 keV. 
The microscope vacuum was less than 1.2 X 10 ^ Pa. The typical energy resolution of the 
instrument was approximately 0.7 eV. To acquire EELS, the typical CCD readout times were 5 
sec. 

RESULTS AND DISCUSSION 

As we have reported previously,^ the CO additive to a CH 4 /H 2 plasma brought about the 
morphological change from a platelet deposit to a particle one. The diameter of particles were 
200-500 nm. Besides, the number of encountered particles was increased with increasing CO 
concentration. Figure 1 shows the 514 nm excited Raman spectra with different [CO]. The Raman 
spectrum without CO additive [Fig. 1(a)] exhibits two peaks at -^1355 cm'’ (D peak) and at 
1580 cm’’ {G peak) assigned to sp’ bonding. New peaks appear at ^^1150 cm'’ and at ^1480 
cm'’ with CO additive [Fig. 1(b)]. The former peak is derived from sp^ bonding’® although it was 
recently proposed” that the peak is attributed to sp^ bonding of ?ra« 5 '-polyacetylene oligomer. 
Both D and G peaks become relatively small compared with those of Fig. 1(a). With increasing 
[CO] as shown in Fig. 1 (c), the intensity of the peak at ^1150 cm'’ 
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Figure 1.514 nm excited Raman spectra 
with different gas mixture: (a) [CH 4 ]/[C 0 ] 
=4.5/0 seem, (b) [CH 4 ]/[CO]= 4 . 5 / 1.0 seem, 
and (c) [CH 4 ]/[CO]= 4 . 5/10 seem, respectively. 


Figure 2. Raman spectra of Sample C ([CH 4 ] 
/[CO]=4.5/10 seem) with different excitation 
wavelength: (a) 514 nm, (b) 325 nm, and (c) 
244 nm, respectively. 


becomes strong, while the G peak turns into a shoulder and the D peak becomes small. Figure 2 
shows a sequence of Raman spectra of [CO]=10 seem with different excitation wavelength. 
Compared with the spectrum of 514 nm excitation, the 325 nm excited Raman spectrum exhibits a 
clear peak at 1332 cm"’ and the remarkable enhancement of the peak at 1580 cm'\ while the 
peak at ^1150 cm'^ turns into a shoulder. In 244 nm excited Raman spectrum, the peak at 1332 
cm'^ is only enhanced whereas the peak at —1580 cm‘^ is weakened. Neither peak nor shoulder 
can be recognized at 1150 cm'\ The 514 nm excited Raman spectra do not exhibit a clear 

diamond peak at 1332 cm*\ though the peak due to sp^-bonded carbon network appears at 1150 

cm‘\ This is explained by the resonance enhancement in the Raman cross section in the 
sp^-bonded carbon network.^^ The enhancement of the peaks at both 1332 cm'’^ and 1580 cm'^ 
in the 325 nm excitation suggests that the resonance enhancement of Raman cross section due to 
sp^-bonded carbon still remains and that the 0 - 0 * transition in both sp^- and sp^-bonded carbon 
is possibly induced. The remarkable enhancement of the peak at 1332 cm'^ and the diminution of 
the peak at —1580 cm'* in the 244 nm excitation reveals that the resonance Raman effect due to 
sp^-bonded carbon is suppressed and that the a - cr * transition in both sp - and sp -bonded 
carbon is probably dominant.*’^ 
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Figure 3. HREELS spectra with various 
[CH4]/[C0]: (a) [CH4]/[CO]=3.0/0, (b) [CH4] 

/[CO]=4.5/8.0, and (c) [CH4]/[CO]=4.5/10, in 
seem, respectively. The elastic peak for (c), 
reduced by a factor of 25, is shown in 
comparison. 

Figure 3 presents the HREELS spectra with different [CO]. In Fig. 3(a) without CO 
additive, the spectrum has a faint peak at "^1500 cm’’ derived from C=C stretching mode of 
three-fold bonded carbon atoms. The whole spectrum is similar to that of a single crystal 
graphite (0001) surface.’'* With CO additive as shown in Fig. 3(b), one can see apeak at '^llOO 
cm’, which is assignable to C-C stretching mode of four-fold bonded carbon atoms.The peak at 
"-1500 cm"’ disappeared. With increasing [CO] as shown in Fig. 3(c), the intensity of the peak at 
'—1100 cm ’ became strong. In addition, a shoulder centered at '—TOO cm"’ appeared. These 
features of the vibrational DOS are consistent with the theoretical results for random network 
models of t-aC. 

Figure 4 shows the HRTEM image of platelet deposit without CO additive. Fig.4(b) 
corresponds to the high magnification image of the bottom left-hand side of Fig. 4(a). The lattice 
image is clearly shown in Fig. 4(b). The interplanar spacing is 0.203 nm, which is agreement with 
the (/value of graphite (110). The EELS spectrum corresponding to Fig. 4(a) is shown in Figure 5. 
It exhibits two peaks at 284 eV and at 292 eV corresponding to tt * states and cr * states, 
respectively, and is similar to that of graphite rather than that of sp^-rich amorphous carbon.^ In 
case of anisotropic materials like this platelet deposit, it is difficult to estimate accurately the 
fraction of sp^/sp^ by using Bruley’s two-window technique. In graphite the n * transition requires 
a transfer of momentum parallel to the c-axis, while the momentum transfer of the o * transition is 
perpendicular to the c-axis.’^ 

Figure 6 shows the HRTEM image of a part of particle deposit with [CO]=10 seem. 
Fig.6(b) corresponds to the high magnification image of the bottom left-hand side of Fig. 6(a). 
The careful observation reveals that the particle consists of small particles of approximately 
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Figure 4(a). HRTEM image of the deposit Figure 4(b), The high magnification image 
with [CH 4 ]/[CO]= 4 . 5/0 in seem. of the bottom left-hand side of Fig. 4(a). 



Figure 5. EELS spectrum corresponding 
to Fig. 4(a) 


interplanar spacing is 0.206 nm, which is agreement with the d value of diamond (111). The 
EELS spectrum corresponding to Fig, 6 (a) is shown in Figure 6 . It shows a peak at 292 eV due to 
a * states and is similar to that of diamond rather than sp^-rich tetrahedral amorphous carbon.^ A 
slight peak appears at —285 eV corresponding to tc * states. The small amount of sp^ bondings 
are considered to exist in grain boundaries between small grains of several ten nm in diameter. 

CONCLUSIONS 

The bonding structures of nanocrystalline diamonds prepared in a 13.56 MHz low 
pressure inductively coupled CH 4 /H 2 or CH 4 /CO/H 2 plasma were investigated by Raman 
spectroscopy, HREELS, and EELS. The EELS spectrum without CO additive exhibits two peaks 
at 284 eV and at 292 eV corresponding to 7 t * states and a * states, respectively, and is similar to 
that of graphite rather than that of sp^-rich amorphous carbon. The EELS spectrum with CO 
additive, on the other hand, shows a peak at 292 eV due to a * states and is similar to that of 
diamond. It consequently implies that the particles almost consist of sp^ bondings and that the 
small amount of sp^ bondings are considered to exist in grain boundaries. The EESL spectra are 
consistent with the results of Raman scattering and HREELS. 
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Figure 6(a). HRTEM image of the deposit 
with [CH4]/[CO]=4.5/10 in seem. 



Figure 6(b). The high magnification image 
of the bottom left-hand side of Fig. 6(a). 


Figure 7. EELS spectrum corresponding 
to Fig. 6(a) 
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ABSTRACT 

A density-functional based tight binding method was used to study elementary steps in the 
growth of ultrananocrystalline (UNCD) diamond. It was shown previously that C 2 dimers are the 
dominant growth species in hydrogen-poor argon plasmas. Recent experimental evidence shows 
that nitrogen addition to the plasma profoundly changes the morphology of the UNCD film. CN 
species are believed to play a major role. Reactions of C 2 and CN molecules with reconstructed 
diamond (100) surfaces were studied. A single CN prefers an end-on attachment to a surface 
atom on the unhydrided (100) surface with its C end down. It is shown how further C 2 addition 
to the surface leads to CN-mediated diamond growth and how the CN species remain on top of 
the growing diamond layer. 

INTRODUCTION 

Diamond film growth from argon/methane plasmas produces ultrananocrystalline diamond 
(UNCD) with an average size of 3-10 nm.^ Nitrogen addition to the plasma in the amount of 1% 
to 20% strongly influences growth and renucleation rates as well as the composition of the 
resulting films. These films have a range of unique mechanical and electronic properties, which 
are associated with small crystallite size and large number of grain boundaries. 

The renucleation rate in UNCD growth is several orders of magnitude higher than that in the 
conventional diamond synthesis from hydrogen/methane plasmas. Examination of plasma 
emission spectra detected a Swan band produced by carbon dimers.^ This led to studies of 
diamond CTowth mechanisms on (100) and (110) surfaces using carbon dimers as 
precursors In contrast, hydrogen abstraction and surface reactions with hydrocarbons such 
as methyl radicals play a central role in the established mechanisms of conventional 
microcrystalline diamond growth.® On the basis of quantum chemical modeling of C 2 reactions 
with the unhydrided and hydrogen-covered diamond surfaces, it was proposed that reconstructed 
hydrogen-free surface sites can act as chemically active nucleation sites after dicarbon 
insertion.^’^ Strongly exothermic reactions leading to diamond growth on unhydrided and 
monohydrided diamond surface were calculated as well. Subsequently, a grov^h mechanism on 
the (110) surface based on C 2 n chain formation and coalescence was investigated using a density- 
functional-based tight-binding method (DFTB).^ 

In view of the strong modification of the growth process by nitrogen addition to the plasma, 
it is interesting to investigate the nitrogen role in the growth process. One of the common plasma 
species in this case is the CN molecule.^ In the present paper we examine the interaction of the 
CN radical with the unhydrided diamond (100) surface using the DFTB method. Further, we 
study the concurrent adsorption of a CN molecule and several C 2 molecules to shed light on the 
modification of the growth mechanism. 
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THEORETICAL METHODS 


The molecular dynamics calculations were performed using a density functional based tight 
binding (DFTB) method with self-consistent charges using the approach of Frauenheim, Seifert, 
et al. The basis functions and the tight-binding matrix elements in this scheme are obtained 
from reference density functional calculations. A self-consistent charge scheme is based on the 
second order expansion of the density functional over electron density fluctuations. This term is 
expressed through Mulliken charges and calculated self-consistently at each simulation step. 
The self-consistent charge scheme is necessary to correctly take into account effects of surface 
polarization. The method has been applied successfully to diamond systems including studies of 
surfaces and diffusion problems. 

The surface is modeled using a two-dimensional slab geometry with a thickness of 8 carbon 
monolayers. The bottom layer is saturated by a fixed monolayer of pseudohydrogen atoms, 
which do not interact with each other. The lateral extent of the periodic supercell is 4x4 unit 
cells. For all atomic structure calculations, we used the F-point approximation to sample the 
Brillouin zone. 

For the adsorption studies, the molecules were placed sequentially on the surface and then 
their geometries were optimized using a conjugate gradient method. Calculations of the 
transition states between different geometries have yet to be performed. Previous studies 
indicated very low adsorption barriers of the order of 0.1 eV for C 2 depositions^ in a similar 
environment. 

RESULTS 

The clean (100) diamond surface has two broken bonds per atom before reconstruction. The 
reconstruction leads to the formation of double bonds between nearest neighbors and results in a 

(2x1) pattern of dimer rows. The bond lengths of the 
C(100)-(2xl) reconstruction agree to 1% with first- 
principles calculations’\ We obtain an optimized bond 
length of 1.40 A for the surface dimer, at an 
equilibrium diamond lattiee eonstant of 3.562 A. 

We have chosen the optimized geometries of an 
adsorbed carbon dimer on the reconstructed (100) 
diamond surface in its two most stable configurations 
as initial positions for the conjugate gradient search of 
C ^ CN stable configurations. The two positions for a C 2 
molecule are shown in Fig. 1. The first position (Fig. 

la) is the most stable geometry for a carbon dimer. 
Both carbon atoms are inserted into C-C double bonds 
on neighboring surface dimers. This geometry is 
topologically identical to the surface dimer, and would 
thus constitute a growth site. The other position (Fig. 

lb) represents a carbon dimer vertically inserted into 
just one surface C-C bond and strongly tilted by 73° 

Figure 1. Stable geometries for C 2 relative to the surface normal. This configuration is 
adsorption on diamond (100) surface, believed to lead to the nucleation of a new diamond 
Large circles denote surface atoms and crystallite since the adsorbed molecule is highly 
black circles denote adsorbed atoms. chemically active. 




As a first step in studies of the growth processes involving nitrogen, we have investigated 
the adsorption of a CN molecule on the reconstructed diamond (100) surface using the stable C 2 
sites as initial geometries. Since CN is a heteropolar molecule, insertions with either the carbon 
or nitrogen end down in the second configuration were considered. The most stable configuration 
for a CN molecule, shown in Fig. 2, has carbon forming a bond with the surface carbon atom. 

This orientation is more stable than the one with 
the nitrogen end down. The configuration parallel 
to the surface with both carbon and nitrogen atoms 
inserted into adjacent surface dimer bonds 
(analogous to Fig. la) is unstable and relaxes to 
the geometry shown in Fig. 2. The tilt angle of the 
adsorbed CN dimer is 23°. The binding energy is 
4.86 eV, which is smaller than 6.43 eV and 5.44 
eV for earbon dimer in the configurations shown 
in Fig.la and lb, respectively. 

We have also considered the addition of C 2 
dimers, as they would condense from the gas 
phase onto the surface in the presence of an 
adsorbed CN molecule with the intention to 
elucidate possible growth mechanisms. As a next 
step, we have simulated the adsorption of an 
additional C 2 dimer in the vicinity of a CN 
molecule on the surface. If the carbon dimer is attached beyond the immediate vicinity of the 
adsorbed CN moleeule, i.e., on different sites, there are no ehemical interactions between them. 



Figure 2. The most stable geometry of 
CN radical adsorbed on (100) diamond 
surface. Nitrogen is shown as a larger 
gray circle. 




Figure 3. Steps in the CN-mediated diamond growth mechanism. The new adsorbed 
molecule at each step a)-c) is circled. The surface layer of the periodic supercell is shown 
larger. Atom notations are the same as in Figs. 1 and 2, 
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However, when the adsorbed C 2 shares a surface dimer with the CN molecule, as shown in Fig. 
3a, the resulting complex is stable with a binding energy of 5.2 eV for the C 2 (10.1 eV for both 
adsorbates). One end of the carbon dimer forms bonds with the carbon atom of the CN molecule 
and the surface atom next to the CN adsorption site, whereas the other end is inserted into the 
adjacent surface dimer in the same fashion as in the configuration shown in Fig. la. 

It is highly probable that there will be another C 2 adsorbed in the vicinity of the formed CN- 
C 2 complex, as shown in Fig. 3b. We will consider it as a next growth step although the order of 
these two events does not influence the reaction energetics and has no importance for the growth 
rate. This step is relevant in setting the stage for favorable adsorption of one more C 2 dimer that 
results in the structure shown in Fig. 3c. This geometry was optimized by the conjugate gradient 
method and turned out to be a local minimum. The binding energy for this C 2 attachment is 9.6 
eV. This energy is larger than in the initial adsorption stages because the added C 2 leads to a 
more favorable tetrahedral coordination with its partners. Note that the nitrogen atom is attached 
to two carbon atoms in this structure. In order to probe the configuration space for other low- 
energy structures, a molecular d)mamics simulation at 1000 K was performed starting from the 
structure in Fig. 3c. This led to the final structure shown in Fig. 3d. This structure is more stable 
than the starting configuration by 3.3 eV. Furthermore, one of the dimers performs a site hop. 
Examination of the structure shows that all adsorbed C 2 ’s form part of the next layer of the 
growing diamond (100) surface. At the same time, the final configuration for the CN molecule is 
equivalent to the starting configuration shown in Fig. 2. As a net result, the CN dimer has moved 
onto the top of the next layer of the growing surface. 

Thus, the CN-mediated growth mechanism, which is described above, consists of five steps: 
(i) adsorption of a CN molecule with its carbon end down; (ii) attachment of a C 2 dimer to the 
CN and the surface; (iii) independent attachment of another C 2 in the vicinity of the surface 
complex; (iv) bridging these adsorbates with another C 2 and formation of the second CN bond; 
and (v) low-barrier transformation of the structure to a more stable minimum with CN on top of 
the growing layer. All steps of this mechanism are exothermic. 

The proposed mechanism provides initial insight into the growth process of UNCD. It can 
be inferred that nitrogen prefers to be located near the surface of the material rather than to be 
incorporated into the bulk. Indeed, the measured concentration of nitrogen in the material is very 
small (0.2% for 20% N 2 in the plasma) and it is thought to be located in the grain boundaries. 
Another result of this simulation is the conclusion that adsorbed CN species are much less 
reactive than the adsorbed C 2 species in Fig. lb. This is due to the fact that N, which has a triple 
bond to C, would not interact with another molecule as easily as carbon that has two electrons 
available for chemical bonding in the latter configuration. The most reactive site after CN 
adsorption is the surface carbon atom next to the adsorbed CN molecule. Therefore, it is 
plausible that CN would block some surface sites that otherwise could be available for the 
nucleation of new crystallites and decrease the overall nucleation rate, while growth of the 
existing diamond lattice is promoted. Indeed, the experimental observation is that at higher 
nitrogen concentrations in the plasma the ratio of growth rate to nucleation rate increases, which 
leads to an increase in the crystallite size. Detailed investigations of other mechanisms of 
diamond growth from CN and C 2 precursors that would include a set of additional factors such as 
interactions of CN species, participation of hydrogen and reactions at other diamond surfaces are 
needed in order to fully characterize reactions involved in UNCD synthesis and provide 
opportunities to fully control the growth process. 


CONCLUSIONS 

Density-functional-based tight-binding calculations of CN radical adsorption on a diamond (100) 
surface gives a binding energy of 4.86 eV for the most stable geometry of the adsorbed molecule, 
which is a tilted vertical adsorption with the carbon end down. Further studies of C 2 adsorption 
in the vicinity of CN at the surface resulted in a growth mechanism with the CN molecule 
staying on top of the growing layer. These studies help to understand ultrananocrystalline 
diamond growth processes from hydrogen-poor plasmas. 
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